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SUBSTANTIAL REDUCTION OF FUEL CONSUMPTION, CO2 AND NOX EMISSIONS WHEN AT SAME 
TIME INCREASING PRODUCTION CAPACITY 

Joachim von Schéele1, Ola Ritzén2, Vladimir Zilka3 

1) The Linde Group, Unterschleissheim, Germany, joachim.von.scheele@linde-gas.com 
2) The Linde Group, Sundbyberg, Sweden, ola.ritzen@se.aga.com 
3) Linde Gas, Brno, Czech Republic, vladimir.zilka@cz.linde-gas.com 

 

Abstract 

Heating and melting with oxyfuel have been used in the steel industry for decades, however, mainly in the 
areas of scrap melting and vessel preheating. Since 1990 Linde has been pioneering the use of oxyfuel 
heating in reheat furnaces and annealing lines, and made more than 110 furnace installations of its REBOX® 
oxyfuel solutions. Increased throughput and flexibility, reduced fuel consumption and decreased emission 
(much less CO2 and NOX) are the main reasons the use of oxyfuel based heating become increasingly 
popular. In parallel to the conventional oxyfuel there are today established very interesting technologies; 
one of the most important ones being flameless oxyfuel combustion. This technology has been proven to 
deliver outstanding results, in reheating, annealing and vessel preheating. 

In addition to the great advantages of conventional oxyfuel, flameless oxyfuel provides even higher 
production rates, excellent temperature uniformity and very low NOX emissions. The first installations of 
flameless oxyfuel took place in 2003. Today more than 30 furnaces have been equipped with flameless 
oxyfuel. 

The results can be summarized as: 

- Capacity increase by up to 50% 

- Fuel savings of up to 50% 

- Reduction of CO2 emission by up to 50% 

- Reduction of NOX emission (guaranteed level below 70 mg/MJ) 

The paper describes the state-of-the-art of flameless oxyfuel heating technology, including results from 
several installations, and discusses their future very interesting possibilities to make the steel production 
more effective. 

Keywords: CO2, oxyfuel, flameless 

 

Introduction 

In heating, the largest impact on fuel and CO2 savings is achieved by replacing air-fuel combustion with 
oxyfuel combustion. [1] The oxyfuel combustion offers clear advantages over also state-of-the-art air-fuel 
combustion, e.g., regenerative technology, in terms of energy use, maintenance costs and utilization of 
existing production facilities. Oxyfuel combustion is a very good example of how an already well established 
and proven technology can make great contributions to reduce fuel consumption and CO2 emissions if 
implemented further. If all the reheating and annealing furnaces would employ oxyfuel combustion, the 
CO2 emissions from the world’s steel industry would be reduced by 100 million tonnes per annum. Linde’s 
experience from converting furnaces into all oxyfuel operating shows energy savings ranging from 20% to 
70%. It should be noted that the total energy saving is actually greater than what could be read on the 
meter at the furnace, the energy needed to bring the natural gas, for example, to its used in the furnace is 
of course also saved. In the mid 1980s Linde began to equip the first furnaces with oxygen-enrichment 
systems. These systems increased the oxygen content of the combustion air to 23-24%. The results were 
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encouraging: fuel consumption was reduced and the output, in terms of tonnes per hour, increased. In 
1990 Linde converted the first furnace to operation with 100% oxygen, that is, full oxyfuel combustion, at 
Timken in USA.  

In an air-fuel burner the burner flame contains nitrogen from the combustion air. A significant amount of 
the fuel energy is used to heat up this nitrogen. The hot nitrogen leaves through the stack, creating energy 
losses. When avoiding the nitrogen ballast, by the use of industrial grade oxygen, then not only is the 
combustion itself more efficient but also the heat transfer. 

Oxyfuel combustion influences the combustion process in a number of ways. The first obvious result is the 
increase in thermal efficiency due to the reduced exhaust gas volume, a result that is fundamental and valid 
for all types of oxyfuel burners. Additionally, the concentration of the highly radiating products of 
combustion, CO2 and H2O, is increased in the furnace atmosphere. For melting and heating furnace 
operations these two factors lead to a higher melt or heating rate, fuel savings, lower CO2 emissions and - if 
the fuel contains sulphur - lower SO2 emissions, Today’s best air-fuel solutions need at least 1.3 GJ for 
heating a tonne of steel to the right temperature for rolling or forging. When using Linde’s REBOX the 
comparable figure is below 1 GJ, a saving of 25%, cf. Table 1. For continuous heating operations it is also 
possible to economically operate the furnace at a higher temperature at the entry (loading) side of the 
furnace. This will even further increase the possible throughput in any furnace unit. Oxyfuel combustion 
allows all installation pipes and flow trains to be compact without any need for recuperative or 
regenerative heat recovery solutions. Combustion air-blowers and related low frequency noise problems 
are avoided. 

Table 1 Comparison of energy needs for reheating of steel using air-fuel (with and without recuperation) 
and oxyfuel. AF = air-fuel; * = including waste heat recuperation. 

REBOX® is Linde´s trademark for oxyfuel solutions in reheating and annealing. [2] 

          AF   AF REBOX® 

Recuperator         No   Yes    No 

Enthalpy in steel  kWh/t      200   200    200 

Transmission losses           kWh/t       10     10      10 

Flue-gas enthalpy  kWh/t     290   140*        50 

Flue-gas temperature  oC  1,200   850 1,200 

Air preheating   oC       20   450      20 

Thermal efficiency  %       42     60      80 

Energy need   kWh/t     500   350    260 

 

Two features of oxyfuel combustion process need to be addressed: the increase in flame temperature and 
the subsequent potential of thermal NOX forming. It is important to note that NOX formation is highly 
dependent on the design of the oxyfuel burner, furnace specifics and the process control system. In fact, 
oxyfuel combustion has been used for many years to reduce NOX emissions to meet environmental 
regulations. Flameless oxyfuel - faster and more uniform heating, ultra low NOX. 

As previously mentioned, a key parameter in achieving low NOX is reduction of flame temperature. Below a 
temperature of approximately 1,400°C NOX formation is limited, but above this temperature a dramatic 
increase in NOX occurs. Conventional oxyfuel combustion can exhibit flame regions with temperatures 
above 2,000°C. One way of reducing the flame temperature is to use the principle of flameless 
combustion'. This principle has been known for many years but has only recently been exploited 
industrially. 
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The expression 'flameless combustion' communicates the visual aspect of the combustion type, that is, the 
flame is no longer seen or easily detected by the human eye. Another description might  be that 
combustion is 'extended' in time and space - it is spread out in large volumes, and this is why it is 
sometimes referred to as 'volume combustion'. Such a flame has a uniform and lower temperature, yet 
containing same amount of energy. See Figure 1. There are two main ways of obtaining the flameless 
oxyfuel combustion mode: either dilution of the flame by recirculating part of its flue gas to the burner, or 
use of separated injection of fuel and oxygen at high velocities. The mixture of fuel and oxidant reacts 
uniformly through flame volume, with the rate controlled by partial pressures of reactants and their 
temperature. In flameless oxyfuel combustion the flame is diluted by the hot furnace gases. This reduces 
the flame temperature to avoid creation of thermal NOX and to achieve more homogenous heating of the 
steel. Low NOX emission is also important from a global warming perspective; NO2 has a so-called Global 
Warming Potential that is 296 times that of CO2. 

In addition to reducing the temperature of the flame, flameless oxyfuel burners effectively disperse the 
combustion gases throughout the furnace, ensuring more effective and uniform heating of the material - 
the dispersed flame still contains the same amount of energy but is spread over a greater volume - with a 
limited number of burners installed. A comparison of the results from the installations at Ovako’s Hofors 
Works shows the difference in reality, see Figure 2. 

 

 

 

 

 

Fig. 1 In flameless oxyfuel combustion the flame is diluted by the hot furnace gases. This reduces  
 the flame temperature to avoid creation of thermal NOX and to achieve more homogenous         
 heating of the steel. The photo shows flameless oxyfuel with a diluted and almost  
 transparent flame. [3] 

 

Fig.  2. Comparison of total heating time at Ovako’s  
 Hofors Works using different  combustion  
 technologies. [5] 

 

 

 

With the low flame temperatures of flameless oxyfuel, formation of thermal NOX is avoided. This was 
confirmed in an investigation carried out by the Royal Institute of Technology in Stockholm, Sweden. [4] 
Trials in a pilot-scale furnace showed that even with large volumes of ingress air entering the furnace NOX 
levels remained low. This is a typical problem for old and continuous type furnaces. Conventional oxyfuel 
and regenerative air-fuel technology created similar NOX levels, higher than flameless oxyfuel. 
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Also for Low calorific Fuels 

There seems to be an increasing need to combust Low Calorific Fuels. For fuels containing below 2 kWh/m3, 
use of oxygen is an absolute requirement. Flameless oxyfuel can be successfully employed here. At 
integrated steel mills use of blast furnace top gas (<1 kWh//m3), alone or in combination with other 
external or internal fuels, is becoming increasingly important. Low Calorific Fuels, for example, blast furnace 
top gas, not only have a low energy density meaning that large volumes have to be transported, the 
situation is further accentuated by the fact that, as frequently being flue-gases, they have a low pressure 
that is costly to increase. 

Today there are 115 reheat furnaces and annealing lines using Linde’s oxyfuel solutions. During the last 
years flameless oxyfuel have been employed. Such flameless oxyfuel installations are either up and running 
or under installation at the following steel companies: ArcelorMittal, Ascométal (SeverStal), Böhler-
Uddeholm (Voestalpine), Cosipa, Dongbei Special Steel, Outokumpu, Ovako, Scana Steel and SSAB. Below is 
presented examples from installations in France, Sweden and USA. 

Ascométal, France, soaking pit furnaces [6] 

Linde also undertook flameless oxyfuel installations at two sites belonging to the bearing steel producer 
Ascométal, part of the Severstal Group. At Fos-sur-Mer, a turn-key delivery in 2005-2007 converted 9 
soaking pit furnaces into all flameless oxyfuel. The delivery included a combustion system with flameless 
burners, furnace upgrade, new flue gas system, flow train, and a control system. The furnace sizes are 80 to 
120 tonne heating capacity each. The results include 50% more heating capacity, 40% fuel savings, NOX 
emission reduced by 40%, and scale formation reduced with 3 tonne per 1,000 tonne heated. 

 

 

 

 

 

 

 

 

 

 

Fig 3. The diagram shows total average fuel consumption in the 13 soaking pit furnaces at Ascométal, Fos-
sur-Mer. 2001-2004 was all air-fuel combustion. The first conversion into oxyfuel took place in 2005. 
In 2007nine out of 13 furnaces were operated with all oxyfuel. The average fuel consumption per 
tonne was reduced by 100 kWh or 10 Nm3 of natural gas. 

In a second and similar project in France in 2007-2008, 4 soaking pit furnaces at the Les Dunes plant, were 
also converted into all flameless oxyfuel operation. 

Outokumpu, Sweden, walking beam and catenary furnaces [7] 

In 2003, a walking beam furnace in Degerfors was rebuilt and refurbished in a Linde turnkey project with 
performance guarantees. It entailed replacing the air-fuel system (including recuperator) with flameless 
oxyfuel, and installation of essential control systems. The resultant 40-50% increase in heating capacity 
provided increased loading of the rolling mill, reduction of over 25% in fuel consumption and NOX emissions 
below 70 mg/MJ.  
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At the Nyby plant, there are two catenary furnaces, originally installed in 1955 and 1960 respectively. The 
catenary furnace on the first annealing-pickling line, for hot or cold rolled strips, was converted to all 
oxyfuel operation in 2003. Requirements for increased production combined with stricter requirements for 
low NOX emissions led to this decision. The furnace, 18 m long, was equipped with flameless oxyfuel 
burners. The total power input, 16 MW, was not altered when converting from air-fuel to oxyfuel, but with 
oxyfuel the heat transfer efficiency increased from 46% to 76%. The replacement of the air-fuel system, 
combustion blowers and recuperators resulted in a 50% increase in heating capacity without any increase 
in the length of the furnace, a 40% reduction in specific fuel consumption, NOX levels are below the 
guaranteed level of 70 mg/MJ. 

At the Avesta Works, stainless sheets are hot-rolled in the Steckel mill and cold-rolled in the Z-high mill. At 
Avesta Works we also find the world’s largest oxyfuel fired furnace, 40 MW. The old 24 m furnace had a 75 
t/h capacity, but the requirement was to double this whilst at same time meeting strict requirements for 
emissions.  

The refurbishment included a 10 m extension, yet production capacity was increased to 150 t/h. The 
conversion involved the removal of air-fuel burners and recuperators and the installation of all oxyfuel. The 
oxyfuel technology used involved staged combustion. The conversion reduced fuel consumption by 40%, 
NOX levels are below 65 mg/MJ. This furnace is an example of another route to flameless; having been 
converted from conventional oxyfuel to flameless oxyfuel last year. 

     

Fig 4. Outokumpu in Sweden increased its heating capacity in the existing walking beam furnace by 40-50% 
when implementing flameless oxyfuel. With this investment in an existing furnace plate mill could 
accommodate production volumes from another site.  

ArcelorMittal Shelby, USA, rotary hearth furnace [8] 

In 2007, Linde delivered a turnkey conversion of a 15-metre diameter rotary hearth furnace at this 
seamless tube producer. It included combustion system with flameless burners, furnace upgrade, new flue 
gas system, flow train, and a control system. 

The former air-fuel fired furnace was converted in two steps, first using oxygen-enrichment for a period of 
time and then implementation of the flameless oxyfuel operation. Excellent results have been achieved, 
meeting all performance guarantees. These included >25% more throughput, 50% fuel savings (from 
enrichment), NOX emission <70 mg/MJ, and 50% reduced scale formation. 

Flue-gas volumes and CO2 emissions 

Use of oxyfuel combustion instead of air-fuel does not only lead reduced CO2 emissions, but also to 
substantially lower off-gas volumes to handle. Additionally, the CO2 concentration in the off-gas is high, 
which makes it suitable for further processing if wanted. Table 2 shows a comparison between air-fuel and 
Linde’s REBOX® oxyfuel heating in a real case with a 200 t/h slab reheating furnace.  
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Fig.5.  A look through the door and outside views of the REBOX® installation in a rotary hearth furnace at 
ArcelorMittal Shelby. 

 

Table 2. Comparison of fuel consumption and flue-gas volume for a 200 t/h continuous slab  
                reheating furnace.   

     Air-fuel REBOX® 
Natural gas  Nm3/t     40      30  -25% 
Natural gas  Nm3/h   8,000    6,000  -25% 
Flue-gas volume Nm3/h  83,000  18,000  -78% 

Figure 6. provides further illustration to the difference. Here it is assumed same production, e.g., steel 
reheating in two cases, which would require a power 10 MW if firing with air-fuel. The corresponding 
power when employing oxyfuel would be 6.7 MW. It is very interesting to note the difference in flue-gas 
volumes. Assuming the flue-gas should be further treated, it is reasonable to look at the dry gas volume. As 
can be read from the figure the dry flue-gas volume contains 96% CO2. 

Accordingly it can be concluded that using oxyfuel instead of air-fuel in reheating would lead to the 
following benefits relating to energy and CO2 emission: 

- Fuel savings of up to 50% 

- Reduction of CO2 emissions by up to 50% 

- A flue-gas volume that is 75-85% smaller and having a CO2 content of 95% (dry) 

This small flue-gas stream with a high CO2 content should be very suitable for cleaning, storage and 
sequestration. 

 

Conclusions 

Flameless oxyfuel combustion, as applied within Linde’s REBOX® solutions, has major advantages over 
conventional oxyfuel and, even more, over any kind of air-fuel combustion. [10] Oxyfuel gives an overall 
thermal efficiency in the heating of 80%, air-fuel reaches 40-60%.With flameless oxyfuel, compared air-fuel, 
the energy savings in a reheating furnace are at least 25%, but many times 50% or even more.  

The corresponding reduction in CO2 emissions is also 25-50%. If all the reheating and annealing furnaces 
would employ oxyfuel combustion, the CO2 emissions from the world’s steel industry would be reduced by 
100 million tonnes per annum. 

With oxyfuel it is possible to increase the throughput rate - which can be used for increased production, 
less number of furnaces in operation, increased flexibility, etc. - by up to 50%. 
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Fig 6. The picture compares two cases. The required power is 10 MW if firing with air-fuel, which is the 
baseline. The corresponding power when employing oxyfuel would be 6.7 MW. For these two cases, 
which are assumed to give the same heating results, the flue-gas volumes  and compositions, 
respectively, are indicated.  It is of course appropriate to comment on the CO2 emissions relating to 
oxygen production. However, it is clearly shown that this impact is much small than what could be 
saved from employing oxyfuel combustion in the heating. [9] 
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CO2: 1,035 Nm3/h  

Flue gas volume: 

2,100 Nm3/h wet 

CO2: 710 Nm3/h 



Symposium A  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 

 

16 
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ABSTRACT 

The accuracy with which the solidification and cooling of a continuously cast billet is investigated depends 
on the setting of the boundary conditions of the numerical model of the temperature field. An in-house 
numerical model of the 3D temperature field of a concast billet had been used. This model enables the 
analysis of the temperature field of the actual blank as it passes through the zero-, primary-, secondary- 
and tertiary-cooling zones, i.e. through the entire caster. 

This paper deals with the derivation of transfer phenomena under the cooling nozzles of the secondary 
zone. These phenomena are expressed by the values of the heat transfer coefficients (HTCs). The 
dependences of these coefficients on surface temperature and other operational parameters must also be 
given. The HTCs beneath the nozzles are given by the sum of the forced convection coefficient and the so-
called reduced convection coefficient corresponding to heat transfer by radiation. The definition of the 
boundary conditions is the most difficult part of the numerical and experimental investigation of the 
thermokinetics of this process. 

Regarding the fact that on a real caster, where there are many types of nozzles (with various settings) 
positioned inside a closed cage, it is practically impossible to conduct measurement of the real boundary 
conditions. Therefore, an experimental laboratory device was introduced in order to measure the cooling 
characteristics of the nozzles. It simulates not only the movement, but also the surface of a blank - and for 
the necessary range of water flow in the operation and the casting speeds. The transfer phenomena 
beneath the water cooling nozzles are presented on a simulated temperature field for a real 150×150 mm 
steel billet under different operational conditions. 

Keywords: billet caster, heat transfer coefficients (HTCs) 

 

1.  INTRODUCTION 

The presented in-house model of the transient temperature field of the blank from a billet caster (Fig. 1) is 
unique in that, in addition to being entirely 3D, it can work in real time. It is possible to adapt its universal 
code and implement it on any billet caster. The numerical model covers the temperature field of the 
complete length of the blank (i.e. from the meniscus inside the mould all the way down to the cutting 
torch) with up to one million nodes. 

 

2.  HEAT TRANSFER COEFICIENT BENEATH THE WATER COOLING NOZZLES 

The boundary condition situation is outlined in Fig. 2. The cooling by the water nozzles has the main 
influence and it is therefore necessary to devote much attention to establishing the relevant heat-transfer 
coefficient of the forced convection. Commercially sold models of the temperature field describe the heat-
transfer coefficient beneath the nozzles as a function of the incident quantity of water per unit of area. 



Symposium A  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 

 

17 

 

Fig. 1. A billet caster 

They are based on various empirical 
relationships. This procedure is undesirable. 
The model discussed in this paper obtains its 
heat-transfer coefficients from measurements 
of the spraying characteristics of all nozzles 
used by the caster on a so-called hot plate in 
a experimental laboratory [1] and for a 
sufficient range of operational pressures of 
water and a sufficient range of casting speeds 
of the blank (i.e. casting speed). Heat-transfer 
coefficients obtained in this way are entered 
into a database of boundary conditions from 
which (and based on interpolation) the model 
determines the appropriate heat-transfer 
coefficient beneath the nozzle for the 
required temperature of the surface of the 
blank, the operational pressure of the water 
and for the required casting speed. The 
temperature of the ambient beneath the 
nozzles Tamb is taken from the temperature of 
the water in the secondary zone and the temperature of the ambient out of reach of the nozzles is taken 
from the atmospheric temperature [1]. This approach represents a unique combination of experimental 
measurement in a laboratory and a numerical model for the calculation of the non-linear boundary 
conditions beneath the cooling nozzle. 

 

2.1  Measuring the cooling effect of nozzles 

One of the possibilities of how to determine the heat-transfer coefficient beneath the cooling nozzles inside 
a laboratory is via measurement on a hot plate, which is a steel plate with installed thermocouples, 
clamped and electrically heated. The plate can be raised to the required horizontal heating position and 
after achieving the required temperature, the electrical heating element is removed. The space between 
the heating element and the plate is filled with argon. During the entire heating process, the flow of argon 

 

Fig. 2. Cooling inside the secondary zone 
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is maintained constant, which prevents degradation of the quality of the surface of the plate. The reason 
for using an inert gas was to ensure the same conditions for all experiments and to prevent oxides forming 
on the heating element and plate. The surface of the investigated plate was “rolled” and covered with a 
layer of oxides formed during spraying. The oxides were removed from the surface before each successive 
heating but the surface was not polished [1, 2, 3]. 

 

a) The plate when measuring the effect of one 
nozzle 

 

b) The plate when measuring the effect of two 
nozzles following each other 

 

c) The plate when measuring the effect of two 
nozzles beside each other 

 

d) The position of the nozzle7 

Fig. 3. The laboratory hot plate device [1, 3] 

While the experiment is conducted, there is a nozzle with a moving mechanism inserted beneath the plate 
(the heating element is removed at this stage). During the experiment, the water is pumped through the 
nozzle from a tank. The water pressure is measured before it enters the nozzle. The temperature of the 
water and the temperature inside the plate are monitored by a data acquisition system (Fig. 3). The size of 
the hot plate is 330×150 mm and thickness is 24 mm. The plate contains 18 thermocouples (1.5 mm in 
diameter, type K). 

The set of thermocouples measures the temperature at a depth of 2.5 mm (from the bottom surface which 
is sprayed). The top surface of the plate is insulated. Conical water nozzles were used for the 
measurements. The nozzles are positioned on a moving carriage. Considering the fact that the caster 
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operates within a wide range of casting speeds, the experiments were conducted for extreme casting 
speeds of 1.5 m/min and 4.0 m/min. More experiments with various flows were conducted for each nozzle. 

 

2.2  Measurement results 

Fig. 4, 6 and 8 present the measured values of the heat transfer coefficients processed by the temperature 
model software. This entails merely the selection of the results for the limit water flows and for three 
different kinds of geometry of water nozzles. For each nozzle configuration, there is a graph of the maximal 
value of the heat transfer coefficient dependent on the surface temperature, the course of the heat 
transfer coefficient across and through the centre of the nozzle, the course of the heat transfer coefficient 
in the direction of motion in the centre of the nozzle and the 2D graph of the heat transfer coefficient 
beneath the nozzle. These graphs are plotted for a surface temperature of 800 °C. 

Together with the information on the dependence of the heat transfer coefficients on the temperature of 
the surface of the blank, it is necessary to remember the so-called Leidenfrost temperature [1]. This is the 
surface temperature at which the character of the heat transfer changes significantly. A continuous layer of 
vapour, forming at the surface at high temperatures is disrupted and the heat transfer coefficients leap to 
higher values. Significantly more intensive drops of the surface temperature while passing under the 
nozzles also correspond to this state. The graphs indicate that with the water nozzles used on a billet 
caster, this influence is significant and usually occurs at temperatures below 800 °C. Simultaneously, it is 
necessary to realise that a temperature difference works against this effect according to Eq. (1). 

 

  

Fig. 4. The characteristic of the nozzle and the rejected heat flow using the 5065L nozzle (2 nozzles 
beside each other)  

The cooling effect of the nozzles can be assessed differently, e.g. according to the maximal value of the 
heat transfer coefficient beneath the nozzle, according to the mean value of the coefficient. The most 
suitable way of assessing the nozzle, however, is according to the value of the heat flow, based on Eq. (1), 
that the nozzle rejects from the cooled surface.  
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where htcxz - is the heat transfer coefficient beneath the nozzle at the coordinates x and z; Tsurface - is the 
temperature of the steel surface (here it is considered constant over the entire area); Tamb - is the 
temperature (here it is the temperature of the cooling water at 20 °C). 

The resultant heat flows calculated according to Eq. (1) for surface temperatures of 500, 700, 900 and 
1100 °C in dependence on water flow are plotted in Fig. 5, 7 and 9. The graphs indicate that the influence 
of the surface temperature takes effect for temperatures lower than 800 °C. Another observation is that 
with an increase in water flow, the cooling effect of the nozzles in most cases increases. This increase 
however varies with each nozzle, or nozzle configuration. This must be taken into account in the case that 
the cooling nozzles are designed for dynamic control of the secondary cooling.  

 
 

     a) Flow through one nozzle at 5.17 l/min     b) Flow through one nozzle at 10.00 l/min 

Fig. 5. The HTC for the 5065L nozzle (2 nozzles beside each other) 

 

2.4 3.  THE EFFECT OF THE SECONDARY COOLING 

The setting of the secondary cooling and its optimization is a very complicated problem. The cooling curve 
describe the dependence of the necessary flows [l/min] on the casting speed [m/min] - always for a specific 
intensity of cooling characterized by the consumption of the cooling water per 1 kg of cast steel. 

Based on the knowledge of these curves for various consumptions of cooling water per unit of mass of cast 
steel from 7 l/kg and 17 l/kg, the temperature of the blank was calculated and presented in Fig. 10. These 
cooling curves are established for the given caster for the cooling zones I to IV. In a real operation, there 
are only four zones I, II, III and IV set up (i.e. regulated) for simplicity. Splitting the amount of water 
between II A and II B and then between III A and III B is preset and cannot be changed during casting. 
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Fig. 6. The characteristic of the nozzle and the rejected heat flow using the 4565L nozzle in 
dependence on the water flow and surface temperature 

  

 
 

a) Flow through one nozzle at 1.61 l/min b) Flow through one nozzle at 9.85 l/min 

Fig. 7. The heat transfer coefficient for the 4565L nozzle 

The graph in Fig. 11 shows the resultant temperature field for individual cooling curves. This basic 
set of graphs serves the user in that it is possible to assess which of the cooling curves is optimal for 
the given cast steel. It is necessary to know that the cooling curves are sorted according to the 
amount of water entering all zones and, regarding individual curves, the amount of water is rationed 
among the zones. 
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Fig. 8. The characteristic of the nozzle and the rejected heat flow using the 2045L nozzle (2 nozzles 
following each other) 

 
 

 
 

a) Flow through one nozzle at 0.71 l/min b) Flow through one nozzle at 2.90 l/min 

Fig. 9. The heat transfer coefficient for the 2045L nozzle 
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a) Cooling curve 7 l/kg 

 

b) Cooling curve 17 l/kg 

Fig. 10. The temperature fields with different intensities of secondary cooling 

4.  CONCLUSIONS 

The value of the heat transfer 
coefficient on the surface of the blank, 
as it enters the secondary-cooling zone, 
significantly affects the process 
simulation from the viewpoint of the 
temperature field, the metallurgical 
length, and also other technological 
properties.  

Each nozzle had been measured 
separately on the hot model, on which 
the hot surface of the blank, which is 
cooled by a moving nozzle, can be 
modelled. The temperatures measured 
on the surface of the model can be 
entered into an inverse task to calculate 
the intensity of spraying, which, in turn, 
can determine the heat transfer 
coefficient using a special mathematical 
method. 
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Abstract 

The paper concentrates on the research of technological - metallurgical processes of X37CrMoV5-1 (ČSN 41 
9552) steel grade type produced in the medium frequency induction furnace. Ways of achieving higher 
material durability are determined by the modification possibilities of tool steel chemical composition, 
mainly by modifying carbon, molybdenum and tungsten content. Other possibilities how to increase 
abrasion resistance of the basic metal matrix with the given chemical composition can be found in making 
use of the different ways of heat processing of a forged piece by methods, increasing resistance to abrasive 
action of the flowing metal in the die cavity.  The accepted ways of solving the durability problem must 
predict lower economic costs compared with the standard material of X37CrMoV5-1 steel grade type. 

Keywords: medium frequency induction furnaces, tool steel, chemical composition, die cavity, higher 
material durability, abrasion resistance; 

 

1.  Chemical Composition Modification 

The main hypothesis for the targeted modification of the chemical composition tool steel, which a forming 
tool (a die) is made of, is a thorough knowledge of the main mechanism of tool damage during its 

employment in production process.  This is later 
decisive for what feature of the tool steel used, is 
necessary to improve purposefully so that the 
demanded resistance increase is achieved in 
comparison to the still prevalent way of a die 
cavity degradation. Wear analysis on the die 
body designed for hot work showed that the 
prevailing damage had been caused by spillage of 
metal flowing through the most used areas of the 
die cavity at high speed [1]. In Fig. 1 the wear 
damage is shown. The chemical composition 
modification has been carried out so that just this 
feature is enhanced. 

Fig. 1 Die cavity damage  

 

The empirical concept has included production of three options of X38CrMoV5-1grade modifications. The 
task was to find such steel chemical composition which, would finally advance the forging die material 
durability beyond the reached limit of this material. The benefit of tungsten alloying was increasing 
resistance to abrasive wear at reduced carbide-forming molybdenum content, and intensify abrasive wear 
resistance al together. Basic elements modification schemes are shown in Tab. 1. 
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Tab.1 Scheme of selected elements chemical composition modifications of experimental heats 

 

Individual heats (no. 1, no. 2 and no. 3 modification) were processed in an electrical induction medium 
frequency furnace (EIPS) with Al203 based lining.  The charge basis was returnable scrap from X38CrMoV5-1 
steel grade type production, additional alloying was done with the help of clean additives.  Each heat was 
cast into two pieces of K 208 type moulds [2]. The ingots produced were spheroidized in the 820 °C / 4h / 
furnace, cooling speed 20 °C/h mode.  

  

2.   Manufacture of Forgings from Heats with Modified Chemical Composition From each modified heat 
there was one ingot selected which was forged into round billet, D = 40 mm. The forging dimension was 
chosen so that forging of sixth degree was reached at minimum.  The forging degree is understood to be a 
contractual value by which the transformation of a coarse casting structure in to a formed structure of 
proper characteristics is assessed.  Forging degree (PK) for forgings the biggest cross section of which is 
equal or less than the mean cross section of an ingot is calculated by the equation (1) [3].  

K.P.APK
nn====                                                                                                    (1) 

Where A - upsetting equivalent, the value of which is considered 0.7-0.8; 

              P - degree of ingot upsetting; 

               K - degree of ingot elongation;  

               n - number of upsetting operations; 

v

i

S

S
K ====                               

v

p

S

S
P ====                                         (2)  

Where          Sp  - upsetted ingot cross-section surface;  

                       Sj  - ingot mean cross-section surface;  

                       Sv  - forging largest cross-section surface. 

The required forging degree size is chosen according to the sort of material, ingot weight and forging ingot 
structure character.  

During forging, casting structure is gradually deteriorated, coarse dendrites are disintegrated and elongated 
together with nonmetallic inclusions and liquation products in the main deformation direction. The 
characteristic fibrousness emerges, mainly in the ingot core part, from where it gradually expands to the 
surface. The fibrousness emerges in the ingot core after double to triple elongation degree, whereas in the 
ingot whole cross-section it appears only after tenfold elongation degree. Such new fibrousness is not 
eliminable anymore.  It is only possible to change direction by further forging suitable, and with regard to a 
forged component strain. It is natural that mechanical values are considerably higher in the direction along 
fibres than across fibres.   

The actual forging was performed on a double-stand pneumatic 2t forging hammer in combination with a 
single-stand pneumatic 1.5t forging hammer: 

- Ingots pre-heating up to 800-850 °C about 6 hours;  

- Dwell time on the temperature about 2 hours;  

Element [weight %]  Modification no.  1 Modification no.  2 Modification no.  3 

C 0.45-0.55 0.55-0.65 0.65-0.75 
Mo 1.1-1.6 0.5-0.8 0.5-0.8 
W 1.5-2.0 3.5-4.0 4.5-5.0 
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- Charging over into the furnace with 900°C temperature, heating up to 1,100 °C about 2 hours;  

- Forging of ingots on double-stand 2t forging hammer to a square about 60mm with bevels, 
 cutting to 5 sections; 

- Forging of 60mm square with bevels to the final dimension D 40mm on a single-stand 1.5t 
 forging hammer;  

- Gradual cooling and spheroidizing.  

An ultrasonic inspection followed on randomly chosen bars which were turned on a lathe for this purpose. 
The other bars remained unmachined, in a spheroidized state. After the ultrasonic inspection, the rough 
machined bars were heat treated in a mode consisting of quenching and tempering. The experimental 
material prepared in this way was used to manufacture specimens for mechanical properties tests and 
abrasive wear resistance tests. The results obtained will serve for further chemical composition 
optimization of X38CrMoV5-1 steel grade type ensuring higher abrasion resistance. 

 

3.  Performing Wear and Notch Toughness Tests 

Abrasion resistance tests and notch toughness tests were performed on samples treated to 53-57HRC 
hardness values. Abrasion resistance samples were of D 10 x 60 mm dimensions and notch toughness was 
tested on samples 10 x 10 x 55 mm, with U notch with 2mm radius. Abrasive wear resistance was tested on 
a tribometer, whose diagram is shown in Fig.2. It is a testing device for tests of resistance to abrasive 
environment influence.  

  

Caption:  
1 - fixing plate for abrasive cloth; 
2 - abrasive cloth;  
3 - sample;  
4 - camping, head;  
5 - weight;  
6 - screw;  
7 - end switch.   

Fig. 2 Schematic draft of the device with abrasive cloth 

 

Testing was always carried out on 4 pcs of one status samples and individual values are average, ψa shows 
abrasive wear resistance value.  The results achieved including notch toughness values are shown in Fig. 3 
and Fig.4. 

Treated to 53 HRC hardness, the developed modifications of X38CrMoV5-1 type, shown in Fig.3, show 
distinctively higher abrasion resistance than the basic non modified X38CrMoV5-1 grade.  Already the first 
modification of basic elements of the indicative chemical composition (Tab.1) almost achieves Hotvar grade 
(made by Uddeholm) abrasive wear resistance and features markedly better abrasion resistance in 
comparison with the basic X38CrMoV5-1 grade.  The highest abrasion resistance is shown by the third 
modification which contains the highest amount of carbide-forming elements [4] 

Another very important tool steel material characteristic is notch toughness which also 
determines the forming die material resistance to a tool integrity failure. The decisive feature for a 
high quality tool steel grade is a well-balanced rate of hardness limit, indirectly determining 
forming tools abrasive wear resistance, and notch toughness. Substantial enhancement of one 
feature always diminishes the values of the other. Then, in Fig. 4 it is obvious that, in all modifications 
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made, notch toughness value in higher 
than in selected standard Hotvar grade, 
even with treating to 57 HRC hardness. 

 

Fig.3 Abrasive resistance comparison at 
comparable hardness 53 HRC 

 

4. Economic Analysis of Ingot Steel 
Costs for Particular Modifications in 
Relation to X37CrMoV5-1 Steel Type  

The methodology of individual costing calculations is significantly diversified and it is not determined only 
by entry raw materials prices (the way 

and a calendar time of raw materials 
and/or overhead costs. Individual 
modifications production costs analysis 
results from 2008 second quarter 
demand.  

Fig. 4 Notch toughness values 
comparison 

The achieved results of abrasion 
resistance and notch toughness of 
no.1, no.2 and no.3 modifications of 
X37CrMoV5-1 steel grade type have 
indicated the optimal chemical 
composition of no.1 modification. No.2 
and no.3 modifications have reached 
the highest values but, for the purpose 

of practical application, we can currently them as uneconomic when considering total costs. Fig.5 shows 
specific cost calculation 
values for 1t of steel 
production in individual 
modifications   
 

 

 

Fig. 5 Specific costs for 
steel particular 
modifications production 

(marked as t. č. 7, t. č. 8 
and t. č. 9) of X37CrMoV5-
1 steel grade type with 
tungsten and 

molybdenum within specific costs compared to ČSN 41 9552 standard grade. According to initial specific 
cost of 19 552 grade standard, the price growth of no. 1 modification heat - 20 % ( t. č. 7 ), no. 2 
modification - 48 % ( t. č. 8 ) and no. 9 modification - 66 % (t. č. 9).           
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The review of achieved material durability values of dies applied in TANDEM FT - TA 3/091 project offers a 
number of findings with considerably extensive variances, i.e. the number of forged pieces the tested die at 
values reaching a deviation up to 50% showed in Tab.2. Each evaluation is always very sensitive in relation 
to a tool applied in operation and to ways of obtained results assessment by an expert worker while 
adhering to all technological procedures’ principles during manufacture and others.   

 

Tab. 2 Review of materials applied and number of pieces forged  

 Material 

ČSN,W.N.r
. 

Heat Producer Forgin
g 

Fibre 
directio

n in a 
die 

Die no. Forge
d pcs. 

Hardened Date of 
forging 

 Who Specifie
d 

Reality 

1 1.2367 46120
1 

Vítkovice 13201 across 15609 
15609 

5 257 ZPS 47HRC - 12/10/200
6 

2 1.2367 46120
1 

Vítkovice 13201 across 1561
1 

5 094 ZPS 47HRC - 19/9/2006 

3 Hotvar - Uddehol
m 

13201 across 18838 
18840 

10 825 ZPS 56HRC 56HR
C 

13/9/2007 

4 1.2999 - Vítkovice 13201 across 30276 
30277 

12 030 Uddehol
m 

56HRC 56HR
C 

7/4/2008 

5 1.2367 - Vítkovice 13201 across 21452 
21449 

6 228 ZPS 54HRC 54HR
C 

29/4/2008 

6 1.2367 - Vítkovice 13201 across 21450 
21453 

6 560 Uddehol
m 

54HRC 53HR
C 

20/9/2008 

 

It follows from the results obtained (Tab. 2) that the final heat treatment resulting in higher hardness 
values affects the die operating life where abrasive wear is the dominant mechanism.  When using material 
marked 1.2999, the number of forged pieces was the highest but a massive fracture occurred on the die.  
An uncontrollable failure of material integrity occurred which is undesirable on pressing tools.  Regarding 
this point of view, Hotvar grade material creates a certain standard with the aim to achieve a comparable 
operating life at substantially lower cost for pressing tools manufacture.    

It follows from the results obtained that a trial heat manufacture for fully operational testing with no.1 
modification chemical composition of X37CrMoV5-1 steel grade type.  Due to should be recommended 
obtained good results of abrasion resistance and notch toughness values, in comparison to Hotvar steel 
grade, the initial chemical composition for the experimental heat in 1.7t medium frequency electrical 
induction furnace has been specified.   

 

Tab. 3 Chart of no.7 heat no.1 modification chemical composition          

The scheme of some elements chemical composition in original 
no.7 heat no.1 modification is shown in Tab. 3 and it is more 
specified in carbon content sphere, up to the level ranging 
between 0.50 - 0.65%, in order to achieve the required hardness 
values.  The heat will be cast into V2A EX type ingot. After the 
follow-up processing the material will be used for forging dies 
manufacture with a full operational verification. 

 

6.  Results Achieved and Conclusion 

The conducted study has provided that hot working tool steels durability enhancement is not only a matter 
of metal matrix hardening with the aid of abrasive resistance increasing elements but it is also closely 
connected to a heat treatment mode which has the principal effect on the hardness level and on the 

Element [weight %] 

C 0.50-0.65 

Cr 4.5-5.5 

V 0.35-0.60 

Mo 1.1-1.6 

W 1.5-2.0 
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reached notch toughness values. Their balanced ratio, when knowing the prevailing mechanism of forming 
tools damage, is decisive for achieving a significant prolongation of tools operating life and cost reduction.   

The influence of forming degree expressed by forging degree, and the way of deformation process control 
has been evaluated as well.  Individual factors’ effect was monitored during tool steel operational 
employment as a die for a front axle pivot manufacture.  The preliminary results indicate that these effects 
influence the final result and they are an integral part of the whole technological process. However, the 
effect of chemical composition modification and heat treatment optimization has decisive importance for 
achieving the right abrasion resistance and notch toughness ratio.  By this, they become the limiting 
components for forming tools operating life with abrasive wear as a dominant factor.  

 

This study was realized with financial support of TANDEM FT-TA3/091 project. 
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Abstract 

The paper deals with the assessment of selected parameters which affect the mechanical properties of 
steels used to produce tubes microalloyed with vanadium, niobium and nitrogen. Using a mathematical-
physical model, attention is mainly concentrated on the assessment of certain parameters of the chemical 
composition of steel, mechanical properties of tubing products, their dimensions and other parameters. 
The aim is to attain optimization of the technological parameters and chemical composition of microalloyed 
steels with high utility characteristics. 

Keywords: mathematical-physical model, microalloyed steels, chemical composition, mechanical 
properties; 

 

1.  Introduction 

In recent years, steelmakers have devoted their attention both to qualitative indicators and especially to 
controlling production costs while still attaining the desired mechanical characteristics of finished products. 
This increasingly involves the use of computer processing of individual technological parameters with key 
importance for the attainment of mechanical characteristics required by regulatory standards - API 5CT. 

This study focused on selected production parameters of steels microalloyed with vanadium, niobium and 
nitrogen and used in the production of seamless tubes. 

 

2.  Methods  

The study concerned the assessment, and where appropriate the amendment, of technological methods 
for production, ladle refining and continuous casting of steels to the dimensions Ø 160 and Ø 210 mm. The 
aim was to attain the required quality of continuously cast ingots in terms of internal and surface quality. 
Attention was primarily devoted to technological-metallurgical methods of steel desulphurization in 
tandem furnaces and ladle furnaces; the objective was to attain the lowest possible sulphur content for the 
steels under development and to attain adequate homogeneity of the ingots cast. 

The first stage of the research focused primarily on the creation of a sufficiently large database from 
smelts. The basic parameters influencing the mechanical properties of tubes were selected. The priority 
indicators used were chemical analyses of smelts; these were assessed in connection with the mechanical 
parameters attained, especially with yield point, strength and ductility. The assessment was carried out on 
various tube thicknesses and diameters. In total the assessment included 3 mechanical characteristics, 2 
geometric parameters of tubes, and 8 elements of chemical composition in 8700 smelts. 

Because the mechanical characteristics of materials are heavily influenced mainly by the combined effects 
of chemical composition, structural characteristics and technological production parameters, the objective 
assessment of the sample of measured independent and dependent values requires appropriate 
multidimensional statistical analysis. 
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3.  Description of probability analysis 

If the set of measured values contains N products in which more than one characteristic is observed, the 
partial effects of the observed characteristics must be combined appropriately. The observed 
characteristics can be divided into a group of independent values, which determine the task dimension 1−I, 
and a group of dependent values Y. Of the group of dependent values 1 −M, only one selected 
characteristic Ym will be used in the analysis. 

Assuming that the probability density function p of the selected material characteristic ym will be close to 
Gauss’s division, it can be defined for the nth measured sample as in (1): 

( )

2

2

1
( ) exp

n

n m m

m n

m
m

y Y
p y

YpYpπ

  −
 = − 
   

.                       (1) 

The resulting probability density is given by the convex linear combination of partial probability densities 
(2): 

1 2 1 2

1

( , ,..., , ) ( , ,..., ) ( )
N

n n

I m I m

n

p x x x y k x x x p y
=

=∑ .                  (2) 

The coefficients 
1 2( , ,..., )n

Ik x x x  represent basis functions which determine the effect of the distance of 

the defined independent characteristics xi from the measured independent characteristics Xi and which 

must comply with the condition of convex linear combination, when 
1 2

1

( , ,..., ) 1
N

n

I

n

k x x x
=

=∑ . The selection 

of coefficients can again draw on Gauss’s division with the normalization coefficient  ψ (3) : 

2

1 2

1

( , ,..., ) exp
nI

n i i

I

i i

x X
k x x x

Xp
ψ

=

  −
 = −  
   
∑  .                     (3) 

4.  Results 

On the basis of the collected data, quantile map calculations were carried out. The analysis of the plotted 
data also focuses on partial problems in processing several entry data values from the data yielded by 

ArcelorMittal Ostrava a.s. Fig. 1 shows an 
example of the calculation of quantile maps 
of the influence of chemical composition on 
the strength of tubes with wall thickness 4.5 
mm. The analysis includes 10 dimensions of 
chemical composition and 2 dimensions of 
geometric parameters. The maps are also 
generated for wall thicknesses of 8 mm for 16 
percentile. 

 

Fig. 1  

Influence of chemical composition on 
strength tube wall thickness 4.5 mm 

 

Fig. 1 shows that on the basis of the analyzed values, the strength of smelts with maximum values of 
carbon and manganese (the area marked with small squares) cannot be predicted. The measured data is 
too distant from this area and thus the coefficients of convex linear combination could not be set. For the 
real value of coefficients it is necessary to reduce the number of analyzed dimensions of chemical 
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elements. In the interval 0.075 to 0.10 wt. % carbon and at maximum manganese values it is possible to 
produce smelts in which there is a 16 % probability that the strength will be lower than the values shown 
(around 385 - 389 MPa). 

This means that of the 84 % of the total 
number of smelts should have higher values. 
The remaining areas can be assessed 
analogously, and appropriate combinations of 
chemical elements can be selected according 
to requirements. 

Some examples of calculations of quantile 
maps of the influence of wall thickness and 
tube diameter on strength and ductility are 
shown in Fig. 2 and Fig. 3. 

 

Fig. 2  

Relationship between tube wall thickness, 
tube diameter and ductility. 

 

For the analysis of chemical composition, a complete data set with a total of 8700 lines was used. The 
chemical analysis contains a 10-dimensional set and plotted maps are given for 50 percentile [1].  

Fig. 2 shows the distribution of material 
ductility dependent on tube diameter and wall 
thickness in the case of a fixed chemical 
composition, which is given below the 
coloured key at the right. The image 
represents the 50 % quantile and shows that 
the highest ductility can be expected in tubes 
with diameter 207 - 240 mm and wall thickness 
4.25 - 9 mm. 

 

Fig. 3  

Relationship between tube wall thickness, tube 
diameter and strength. 

Fig. 3 shows the distribution of strength; strength decreases with increasing tube diameters, as can be 
expected given the basic physical principles of materials structure. With increasing dimensions of any 
specimen, there is an increased probability of occurrence of local defects, and therefore the strength can 
be expected to decrease. The area of maximum strength values in tubes with higher wall thicknesses thus 
becomes a somewhat controversial area. 

On the basis of a detailed analysis, the following chemical compositions were proposed for the production 
of required quality grades according to API 5L (Tab. 1). 

In all smelts it was possible by means of controlled technologies to attain the required low sulphur content 
and high steel homogeneity [2,3].  

In the production of tubes, attention was paid to the attainment of an acceptable yield from rolling, the 
attainment of the required final properties of the tubes and their resistance to acid environments in 
accordance with API 5L. The input material consumption when rolling from Ø 210 mm continuously cast 
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ingots and Ø 120 mm bars was acceptable at 1180 kg/t. Problems with the occurrence of cracks in tubes 
rolled from Ø 160 mm continuously cast ingots require solutions especially in the technological processes of 
casting. The tubes also met standard requirements from the viewpoint of mechanical properties and acid 
resistance. 

 

Tab. 1 Chemical composition of evaluated steels. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Tab. 2 gives an example of recommendations for the use of the steels in the production of tubes with 
quality grades suitable for acidic environments. 

 

Tab. 2 Example of recommendations for the use of steels  

Steel type API 5L grade Recommendation 

Sample A B, X42, X46 
Meets requirements with sufficient reliability, 
continue assessment. 

Sample B X52 Meets requirements with sufficient reliability. 

Samples B and C X60, X65 
Hardened and tempered tubes. Meet requirements 
with sufficient reliability, low number of tests - 
continue assessment. 

 

4.  Conclusion 

The current results show that the mathematical-physical model developed here enables the assessment of 
the influence of individual technological parameters on the mechanical characteristics of seamless tubes. 
The next stage of the project will involve the expansion of the range of available parameters, especially in 
the area of ladle refining, casting and tube rolling. 

The optimization of individual technological parameters will focus on reducing quantities of alloying 
elements used while still attaining the required mechanical properties according to API 5CT. 

Steel type  
[wt. %] 

A B C 

C ≤ 0,11 ≤ 0,11 ≤ 0,12 
Mn ≤ 1,05 ≤ 1,30 ≤ 1,50 
Si 0,17-0,25 0,17-0,25 0,17-0,25 
P ≤ 0,017 ≤ 0,017 ≤ 0,017 
S ≤ 0,008 ≤ 0,008 ≤ 0,008  
Al celk ≥ 0,022 ≥ 0,022 ≥ 0,025 
Mikrolegura - V+Nb V+Nb+Ti 
N - ≤ 0,0110 ≤ 0,0120 
Cu ≤ 0,20 ≤ 0,20 ≤ 0,20 
Ni ≤ 0,20 ≤ 0,20 ≤ 0,20 
Cr ≤ 0,20 ≤ 0,20 ≤ 0,20 
Mo ≤ 0,08 ≤ 0,10 ≤ 0,10 
Sn ≤ 0,020 ≤ 0,020 ≤ 0,020 
Nb+V+Ti ≤ 0,05 ≤ 0,12 ≤ 0,15 
Cu+8Sn ≤ 0,30 ≤ 0,30 ≤ 0,30 
Al/N [ - ]  ≥ 2 ≥ 2 ≥ 2 
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ABSTRACT 

The presented elaborate deals with study of the surface properties of chosen moulding powders systems 
and with theoretical intrepretation of gained findings. During the steel making these systems are 
demanded to provide a wide range of chemical and physical properties. Because of the complexity of these 
systems, variability of their chemical structure and conception disunity during the making process, the 
presented study is aimed for the research of chosen oxidic system from the viewpoint of the influence 
caused by chemical structure and basicity on its surface properties. The experiment itself was realized on a 
characteristic system of moulding powder with changeable apportionment of SiO2. Gradually, the 
concentration of this dominant component was increased and the changes of the temperature 
dependances were observed by the method of a lying drop. In the following phase of the research the 
oxidic systems with scaled basicity were derived from this system by gradual additions of CaO and SiO2. 
Using analogical  experiments the data concerning their surface properties were gained and they were 
presented by isotherms. Consequently, the experimental data were analysed theoretically and using a 
suitable model, it was attempted the realization of an approximate computation of the surface properties 
in simplified systems. To this purpose it was used the Butler´s equation, adapted for calculation of the ionic 
mixtures surface properties. The calculation was realized using the model extended to a six component 
system with proportional representation of the dominant components which equate to the real moulding 
powder. In fine, the gained results were summarized and predicted in more general analogies. 

Keywords: surface pension, sessile drop method, slag, CaO-Al2O3-MgO-SiO2 system, temperature 
dependence 

 

1.  INTRODUCTION 

The effectiveness of the continuous casting process is influenced mainly by the quality of surfaces of the 
blanks. As a whole the improvement of quality was achieved by introducing the submersible casting in 
conjunction with casting powders. During the industrial process the casting powder resting upon the steel 
surface is exposed to a strong temperature gradient. While the lower layer, which is in immediate contact 
with molten steel, is in the liquid state, the higher lying layers pass through the plastic state up to the solid 
phase. The casting powder and the slag subsequently produced from it must except from a wide range of 
tasks also absorb effectively the dross inclusions coming out of the steel. For  this reason these systems 
should dispose of suitable viscosity, optimalized temperature properties and aside from other  required  
physical – chemical parameters, they should show suitable surface tension [1]. Because of the large – scale 
variability of industrially used casting powders, a characteristic system was selected for closer study and 
tested for the influence of chemical structure and basicity on surface properties in a wide temperature 
interval. Subsequently, it was realized an attempt to set up a model simulation of the surface tension 
temperature dependence on temperature and chemical structure. 

 

 2.  EXPERIMENT 

For the presentation itself a typical oxidic system was selected; it is used as a basis of the casting powders 
for ZPO. Its chemical structure is mentioned in Table 1. 
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Table 1: Chemical structure of the investigated  system  

A concentration row was created to this system 
by gradual additions of SiO2 in 3wt% (in 
concentration range of 37,1 – 46,1 wt%). 
Consequently, the basicity was changed in 
interval of 0,54 – 1,17 (using the relation 
CaO/SiO2) by gradual additions of these 
components. 

Before the experiment, all the samples were 
reannealed at the temperature of 800°C and homogenized in a vibrating mill. 

For the research of the surface  propertiess was selected the method of a lying drop. Using  the digital 
image processing and interlaying the drop outlines by Laplace profile, the software was developed, which 
achieved the increase of exactness of the method. Fundamental principles of this method were described 
previously in works [2-4]. 

 

3.  MATHEMATICAL  MODEL 

Mathematical modelling was realized by using the  Butler´s equation [5, 6]: 
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Its modified  form was used by authors [7, 8] for assessment of surface properties of ionic mixtures. The 
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component wt.% component wt.% 
SiO2 37,1 Na2O 5,1 
CaO 29 K2O 0,4 
MgO 1,7 P2O5 0,1 
Al2O3 12,5 F- 4,1 
TiO2 0,5 Ctot 7,2 

Fe2O3 0,64 Cvol. 6 
MnO2 0,1 CO2 4,4 
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In the equations (1) to (10): 

iσ    is the surface tension of a pure component i [N m-1] 

 R     is an universal gas constant [J K-1 mol-1] 
 T     is temperature [K]  

S

ix    is molar fraction of the component i in surface phase [1] 
B

ix    is molar fraction of the component i in volume phase [1] 

aniontR   is ionic radius of anion [m] 

kationtR   is ionic radius of kation [m] 

Ai            is molar surface of pure component i [m2 mol-1] 
 
Particular initial data (surface tension of pure components, ionic radii of anions and kations) were taken 
over from the works by Tanaka and Kitamura [8, 9]. 

 
4.  RESULTS 

4.1.  Changes of the surface tension  in dependence on the SiO2 content 

In Figure 1 there are depicted the sufrace tension temperature dependences of the initial casting powder 
and also of the samples with gradual additions of SiO2 of 3wt%. 

There are presented temperature  areas with reproducable  experimental results only. The phase of sintering 
of the oxidic  systems at lower temperatures is usually proceeding along with slackeing of the phase of gas 
and it is distinguished by heterogeneous character of the formed melt. Temperatures above 1500 °C  are 
problematic from the viewpoint  of interactions of the measured systems with bed and changes of chemical 
structure of the melt in consequence of sublimation of some components. 

 

4. 2.  The surface tension changes in dependence on the melt basicity 

As another evaluative criterion of the casting powders surface properties it was selected the basicity 
defined by basic quotient evaluative criterion: 

( )
( )2SiOwt

CaOwt
V

%

%
=       (11) 

The surface tension dependences on basicity are presented in Figure 2 by isotherms. 

In Figure 2 it is evident the increase of  the surface tension with increasing temperature at all investigated 
temperatures which were selected from the middle part of the examined temperature interval with respect 
to high reproducibility of the measured data. The areas of higher basicity are characterized by additions of 
CaO of  3,6 and 9 wt%, lower basicities respond to the increased SiO2 content in an analogical way. 
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Fig 1: The surface tension temperature dependence of casting powder with increased SiO2 contents. 

 

 

 

 

 

 

 

 

Fig 2: The surface tension dependence on basicity of the researched system. 

 

Fig 3: The surface tension temperature dependence of the investigated system gained by mathematical 
model. 
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4. 3.  Mathematical modelling of the surface tension 

The model for computation of the surface tension of melts of casting powders in dependence on 
temperature and structure was put together in the Mathcad setting using the equations (2) – (10). The 
computation was realized by modified Newton method. The outputs of this model are presented in Figure 3. 

 

5.  DISCUSSION  OF  RESULTS 

The investigated system disposes of a range chemical components and therefore also significant complexity 
of ionic radii, which is characteristic for casting powders and slag melts in general. Consequently, we may 
presuppose an associated character of the melt with macromolecular shapes deformed by the „modifiers“ 
presence. 

The observed temperature area of the initial system is distinguished by nearly linear surface tension 
decrease with increasing temperature. In general, it is accepted that if there are any Si4+  ions  in a melt, 
there will be a decisive influence on the structure of the melt, because the silicium is the most 
electronegative of all involved components and with an oxygen it creates stable complexes with fixed 
covalent structure [10]. Despite of the relatively high silicium content in the initial systems, the surface 
tension linear decrease does not indicate any defragmentation of polymeric structures and the mentioned 
decrease can be interpreted due to increasing kinetic energy of particles only. 

In the course of  increasing the silicium content above 6wt% SiO2, the behaviour of the system is from the 
viewpoint of the surface powers at variance with theories of the pure systems behaviour and the surface 
tension increases in the whole temperature interval. The positive value of statement (dσ/dT)  was proved 
even in repeated experiments. The creation of more complex ions comes on force also within Al3+  ions 

which may, in participation with silicium, create complex ions of −4

72 SiOAl type [11].  Despite of this fact, in 

low concentration of Al2O3 it may be assumed its modification effect with participation of CaO and MgO. 
Consequently, in higher concentrations of SiO2 it is distinctive a whole decrease of the absolute values of the 
surface tension in lower temperatures. This finding corresponds with presumption of increasing the melt 
association degree in higher concentrations of SiO2. 

In the course of the basicity research an increasing trend of the surface tension was found out when the 
value of the statement (11) increased at all temperatures. This finding may be considered as a confirmation 
of modification effects of calcium oxide and other oxides. Also the advancement of the isotherms to the 
higher temperatures confirm the mentioned theories. 

In the last phase of the research, the mathematical modelling of surface properties of the casting powder 
system was attempted. The described model may be considered as conditionally functional for limiting 
contents of components which participate in the macromolecules creation only. In lower SiO2 contents 
(initial system and a system with addition of 3 wt% SiO2), the model provides very good results with mistakes 
to the limit of 10%. In increased concentration of silicate ions it is possible to talk about orientation, ordinal 
values of the surface tension. Subsequently, the whole trend of the temperature dependences is incorrect 
and it does not agree with the experimentally gained data. 

 

6.  CONCLUSION 

In the presented paper an oxidic system which forms the basis of the casting powders was researched 
experimentally and consequently it was submitted to theoretical study of its surface properties. On the basis 
of the research of the influence of SiO2 content and basicity on the surface tension and due to mathematical 
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modelling of temperature dependences of the surface powers, the gained knowledge may be summarized as 
follows: 

[1] in the given chemical structure of the system it was found out a limiting concentration of silicate oxide 
which determines the changes in temperature courses of the surface tension in consequence of 
polymeric degree of the melt. 

[2] the dependence of basicity and surface tension was proved by the influence of modification effects of 
some oxides with majority portion of CaO 

[3] on the basis of the experimentally gained data, it was defined a sphere with a possibility of application 
of mathematical model, enabling on the basis of Butler´s equation, an estimation of the surface 
tension in the given structure and temperature. 

 

The work was elaborated within the frame of the Czech Science Foundation projects, Nos. 106/09/0370. 
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ABSTRACT 

Optimization and control of production of steel slabs on real casters, with the aim of achieving the 
maximum possible savings and product quality, is unthinkable without perfect knowledge of the course of 
solidification and cooling, which must be known with the aid of an on-line model of the transient 
temperature field of the concasting in real time. The functioning of the on-line model is conditioned by the 
availability of real-time data (as are the pouring temperature, the dimensions of the slab, the chemical 
composition of the poured steel, the casting speed, the position of the level within the mould, the 
temperatures of the cooling water within the walls of the mould on the input and output, the flow of water 
through each mould plate, the settings of the flow of water and the pressure of the air through the 
secondary-cooling zone, the temperature from the pyrometers within the secondary-cooling zone), which is 
passed on to the model via the latest information standards. A data warehouse is created from which the 
data will be processed statistically. Recommended limit values of the deciding parameters are established. 
Modern mathematical & statistical methods and artificial intelligence methods, based on knowledge 
acquisition from data, are used to predict defects. 

Keywords: monitoring system LITIOS, TCP/IP protocol 

 

1. THE ON-LINE MODEL OF THE TEMPERATURE FIELD 

The on-line model of the temperature field is based on the off-line version that has been described in 
detail, together with application results, in a number of publications [2, 3]. The development of the 
software is based on multi-tier architecture. The on-line model receives data from the first and second level 
of control of the caster via a communication tier. The correct data is transferred to the tier of the 
temperature model that carries out the calculation of the temperature field. The calculated temperature 
field is passed on to the visualisation tier and on to the output communication tier, which sends the data to 
the storage server and to the quality monitoring system LITIOS. The individual parts of the on-line 
temperature model are described below. 

Since the control hardware and software of the caster are significantly heterogeneous and, furthermore, 
the casting process is continuous, it is necessary to ensure reliability of the communication tier. The 
communication tier enters data into its own temperature model using the XML/RPC standard over the 
standard TCP/IP protocol. It can easily be adapted to various hardware and software on the first and 
second levels of caster control - currently, there exist drivers for Siemens and ABB PLCs and for ORACLE and 
MS SQL databases. Synchronous data (recurring at regular intervals) is recorded every 10 seconds. Other 
asynchronous information, such as the melt number, chemical analyses, positioning of the tundish and the 
opening of the tundish are read only when a new event occurs. The communication tier checks the validity 
of the data collected in this way, i.e. it verifies whether it lies within acceptable limits, or whether or not it 
has arrived. Erroneous data is replaced by previous correct data or so-called standard values, and then this 
complete and verified data is passed on to the dynamic on-line model. There are approx. 250 such 
quantities. 
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The tier of the numerical model 
carries out the calculation of the 
temperature field and other 
aggregated quantities that it 
sends back to the information 
system of the steel works. The 
temperature model calculates 
the values of approx. 250 
aggregated quantities, so there 
are approx. 500 values every 
10 seconds. 

The visualising tier enables the 
operator to monitor the 
calculated temperature field 
graphically (Fig. 1). 

 

 

 

 

 

Fig. 2. The casting technology control system 

This visualising tier is simultaneously a web server. It is therefore possible for technologists and other 
computer network users to be able to observe all data from the on-line temperature model using a 
standard Internet browser. 

The results of the calculated temperature field of the blank of each melt are saved on the storage server for 
a period of six months. All filtered input data and their corresponding aggregated quantities from the 
temperature field are stored in the database of the application server where they are recalculated for a 
specific slab and merged with information on the actual quality of the slab and the sheet-steel produced 
from this slab. The data from the application server is sent to the prediction system. 

 

Fig. 1. The screen of the on-line model in the control room 
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Another objective of the on-line model is to raise the quality and precision of the data, its mutual 
interconnections and the qualitative parameters, including the setting of the limit values that should 
facilitate the decision-making process of the operators and technologists. It is therefore a system that very 
quickly and accurately displays the real temperature field of the blank during the course of the casting 
process, including all necessary technological data from the caster. Fig. 2 illustrates the integration of the 
on-line model into the technology control system of the caster used by EVRAZ VÍTKOVICE STEEL. The 
control room is equipped with a high performance quad-core computer permanently running the on-line 
model. 

Users (i.e. technologists) can load real-time data from the on-line model into their off-line model of the 
temperature field, perform changes in the input parameters (e.g. alter the secondary cooling, the casting 
speed). After simulation using the off-line model, it is possible to predict the formation of the temperature 
field. Another objective of the off-line version of the model is to establish causes of defects in the slabs or 
successively produced sheet steel. The user can load previously recorded temperature field data from the 
storage server, analyse it using the off-line model, find possible causes of defects and establish corrective 
action in order for the defects not to recur in future.  

 

2.  TRENDS 

Most quantities from the control system of the caster, including the pyrometer-measured surface 
temperatures, enter the temperature field software where a number of calculated quantities are added 
and they are all stored in the application server database. The temperature model operator can select any 
from the measured and calculated quantities and plot them in the form of trends. Since there are a number 
of quantities, only the main ones were selected so as to include more effects. 

For this purpose, a graph containing the casting speed, metallurgical length, length of liquid pool and 
surface temperatures (calculated by the model and measured using the pyrometers in the same points) 
was established. The surface temperatures are measured by two pyrometers positioned on the small radius 
in the centre of the blank - approx. in the centres of segments 7 and 11 (Fig. 1). 

Fig. 3 shows an example of real data from the dynamic model of a 1530×180 mm slab upon the 
intervention of the breakout system. This intervention brought about a drop in the casting speed from 1.22 
to 0.5 m/min and an increase back to the original value. It is interesting to observe the course of the 
measured temperatures in the unbending point and at the end of the cage where the drop in the casting 
speed is visible. It is quite obvious that the calculated temperature history will facilitate any decision-

making by the operator 
regarding the control of the 
caster. 

 

 

 

 

 

Fig. 3. 

A drop in the casting speed 
upon the intervention of 
the breakout system 
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3.  STATISTICAL PROCESSING OF DATA FROM THE ON-LINE MODEL 

For each melt, the following statistical quantities are calculated for all measured and calculated values: the 
arithmetic mean, the minimal value, the maximal value and the standard deviation. 

The basic statistical quantities are evaluated only from so-called “clean” data - the statistics does not 
include the transition sections of the first and last melts in the sequence and also the data from any 
unexpected interruptions in casting. It is advisable to evaluate such situations from trend graphs (see 
chapter 2 above). In the evaluation of the statistical data, it is necessary to compare the data for the same 
slab profile and also for the same class or group of steel. This paper presents the graphs of the statistical 
quantities for three basic slab profiles and only one class of carbon steel (with an average carbon content of 
0.16 %) within a period of 12 months of operation of the caster at EVRAZ VITKOVICE STEEL. 
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Fig. 4.The casting speed of individual melts for a 
1530×250 mm slab 

Fig. 5.The measured and calculated 
temperatures of a 1530×250 mm slab 
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Fig.6. Metallurgical length in dependence on 
casting speed 

Fig. 7.Superheat temperature in dependence on 
casting speed 

 



Symposium A  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 

 

45 

0.65 0.7 0.75 0.8 0.85 0.9
Casting speed [m/min]

75

80

85

90

95

W
a
te

r 
fl

o
w

 [
l/

m
in

]

1530x250  C=0.16 %

 
75 80 85 90 95

Water flow [l/min]

0.125

0.13

0.135

0.14

0.145

0.15

0.155

0.16

0.165

0.17

0.175

P
re

s
s
u

re
 [

M
P

a
]

1530x250  C=0.16 %

 

Fig. 8. Water flow in dependence on casting speed Fig. 9.Water pressure in dependence on water flow 
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Fig. 10. Casting speed of individual 1530×180 mm 
profile melts 

Fig. 11.The measured and calculated temperatures 
for 1530×180 mm slab 
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Fig. 12. Metallurgical length in dependence on casting 
speed 

Fig. 13. Superheat temperature in dependence on 
casting speed 
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Fig. 14. Water flow in dependence on casting speed Fig. 15. Water pressure in dependence on water flow 
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Fig. 16.Casting speed of individual 1300×145 mm 
profile melts 

Fig. 17. The  measured and calculated temperatures 
for 1300×145 mm slab 
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Fig. 18.Metallurgical length in dependence on casting 
speed 

Fig. 19.Superheat temperature in dependence on 
casting speed 
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Fig. 20. Water flow in dependence on casting speed Fig. 21. Water pressure in dependence on water flow 

Figs 4 to 9 illustrate the dependences for a 1530×250 mm slab. Fig. 4 shows the average casting speed 
(blue) together with the interval of the minimal and maximal casting speed and also the linear trend of the 
average casting speed throughout the year. Fig. 5 compares the average values of the measured surface 
temperatures in two points with the average calculated temperatures in the same points. The graphs 
indicate that the measured and calculated values are practically identical in terms of their trends. 
Comparing the absolute values, it is possible to see that there are long intervals where the deviation is 
significant and, on the other hand, there are intervals where the values are identical.  

Furthermore, there are sequences of melts where one pyrometer is out of operation. The conclusion here 
is that the calculated values of the temperatures are much more reliable and give values that are much 
more suitable for the prediction system or the secondary-cooling regulation. Another reason why there can 
be a difference between the measured and calculated temperatures is the state of the secondary cooling. 

In Figs 6 and 7, the monitored quantity is shown in dependence on the casting speed where each melt is 
indicated by a blue bubble whose radius corresponds to one standard deviation of the relevant quantity. 
Fig. 6 shows that there is an almost linear dependence between the metallurgical length and the casting 
speed corresponding to the solidification constant K = 25.15 mm2/min. Fig. 7 presents the dependence of 
the superheat temperature on the casting speed. The caster has a total of 13 cooling circuits - here the 
graph shows the data from the secondary cooling - circuit 5, which works approximately in the centre of the 
arc on the small and large radius. The graph in Fig. 8 shows the classic dependence of the cooling water on 
the casting speed, where the course of this dependence should correspond to the set cooling curve. The 
characteristic of the cooling circuit is the dependence of the pressure on the flow of the cooling water 
(Fig. 9). Here, there occur changes in this curve throughout the year due to changes of and manipulation 
with the cooling nozzles. 

The graphs in Figs 10-15 show the same dependences that had been presented for the 1530×250 slabs, 
now for a 1530×180 mm profile. The graphs indicate a similar dependence. The solidification constant for 
this dimension is K=23.5 mm2/min. The graphs in Figs 16-21 show the same dependences that had been 
presented for the 1530×250 and 180 mm slabs, now for a 1300×145 mm profile. The graphs indicate a 
similar dependence. The solidification constant for this dimension is K=23.3 mm2/min. 

 

4.  CONCLUSIONS 

This paper introduces three basic ways of utilizing the results of the dynamic on-line model of the 
temperature field in a real caster operation. The operator or user of the computer network of the 
steelworks can monitor the current temperature field, including the information on the current 
metallurgical length and surface temperatures. Another possibility is to monitor the quantities in the form 
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of trends, always after the melt has finished or in the case of an irregular situation. The last on-line 
possibility is to monitor the statistical quantities from individual melts [1]. 

In the case of trend graphs, it is suitable for the trends to be supported by graphic output of 
limits/intervals, within which the quantity regarding the specific dimension of the slab and class of steel 
should be. With statistical graphs, it is useful to display the longer histories of the values from previous 
melts.  
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ABSTRACT 

Metallurgical processes belong to complex physical-chemical processes theoretically described by means of 
multidimensional generally nonlinear dynamic systems with different transfer lags in their structure. Before 
realization of these systems control requested by practice it is necessary to execute their structural and 
parametric identification. As these processes are very complex, all exact relations for their mathematical 
description are not known so far.  

Some metallurgical systems are practically non-described so far (black box), further described only partially 
(grey box), while only a little of them are described almost fully (white box). 

Determination of internal structure of insufficiently described systems is done by means physical modelling, 
by measurement if important data and subsequently by means of regression analysis or artificial neural 
networks applied to measured data. 

There is certain chance to determine a proper system internal structure at system identification by means 
of statistical analysis (i.e. to come from black box to grey box or from grey box to white box), though this 
approach is knowledge and time-consuming. 

Identification by means of artificial neural networks enables rather external system description (i.e. black 
box models creation), when we get an acceptable accordance between real and modelled outputs, i.e. so 
called output estimation (prediction). This approach is thus more suitable for control than for identification 
itself. 

Contribution deals with a possibility of prediction of a temperature after a steel chemical heating on device 
of integrated system of secondary metallurgy by means of regression analysis and artificial neural networks 
and with a comparison of both of these approaches. 

Keywords: integrated system of secondary metallurgy (ISSM), neural networks,  

 

1. INTRODUCTION 

The objective of the contribution is a creation of a model for prediction of the temperature after steel 
chemical heating on device of integrated system of secondary metallurgy (ISSM) by means of neural 
networks and regression analysis and a comparison of the both approaches. 

If the caisson device is equipped by an oxygen nozzle, there is an occasion to execute chemical heating. 
During chemical heating process the operator comes out from the arriving temperature of steel after 
homogenization on ISSM device. On the basis of this temperature computer recommends an appropriate 
quantity of aluminium (Al), oxygen (O2) and lime (CaO) that should be added to the ladle. These 
components relate to each other, given amount of aluminium, oxygen and lime is added according to 
arrival temperature. Together with added aluminium another elements melted in steel including iron are 
burned. Significant thermal contribution is represented by elements such as manganese, silicon, aluminium 
and carbon. Output variable (temperature) is measured at the end of chemical heating after oxygen 
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blowing termination. 

On the basis of prediction of temperature after steel chemical heating and subsequent calculation of 
temperature change before and after chemical heating it will be possible to plan length of subsequent 
operations at steel treatment on ISSM, eventually to change input parameters so that required output 
value is achieved before chemical treatment process itself. 

 

2. ARTIFICIAL NEURAL NETWORKS 

Neural networks use the distributed parallel processing of information during the execution of calculations, 
which means that information recording, processing and transferring are carried out by means of the whole 
neural network, and then by means of particular memory places. The basis of mathematical model of the 
neural network is a formal neuron which describes by a simplified way a function of a biological neuron by 
means of mathematic relations. 

Learning is a basic and essential feature of neural networks. Knowledge is recorded especially through the 
strength of linkages between particular neurons.  

Neurons use four basic operations: 

 

 

 

Fig. 1.  

Neuron as a mathematic 
processor 

 

 

 

Synaptic operation  

- co-fluency 

i i iz (t) = x (t) w (t)⋅
         (1) 

Somatic operation  

- aggregation 

n

i

i = 1

u(t) = z (t)∑
         (2) 

- threshold value 

0v(t) = u(t) - w
        (3) 

- nonlinear operation   

 
v(t)y(t) = 1/(1+e )          (4) 

Linkages between neurons leading to a "correct answer" are strengthened and linkages leading to a "wrong 
answer" are weakened by means of the repeated exposure of examples describing the problem area. These 
examples create a so-called training set. 
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Neural networks are suitable for approximating complex mutual relations among different sensor-based 
data, especially among non-structured data, with a high grade of non-linearity, and with inaccurate and 
incomplete data. 

For all types of predictions neural networks are suitable to be used for their learning Backpropagation 
algorithms. This algorithm is convenient for multilayer feedforward network learning which is created 
minimally by three layers of neurons: input, output and at least one inner (hidden) layer. Between the two 
adjoining layers there is always a so-called total connection of neurons, thus each neuron of the lower layer 
is connected to all neurons of the higher layer. Learning in the neural network is realized by setting the 
values of synaptic weights wij between neurons, biases or inclines of activation functions of neurons. The 
adaptation at Backpropagation types of networks is also called „supervised learning“, when the neural 
network learns by comparing the actual and the required output and by setting the values of the synaptic 
weights so that the difference between the actual and the required output decreases. 

  

2.1.  Prediction of temperature after steel chemical heat  

Technological data which were gained from records acquired on furnace aggregates and devices of 
secondary metallurgy in the steelworks were used for creation of artificial neural network for prediction of 
temperature after steel chemical heating. These data were subsequently adjusted to the form suitable for 
neural network application. The whole database contained in total 697 input-output patterns. The database 
was divided to data for network training and data for testing network capability of generalization. Data 
about heat weight, temperature before chemical heating, vacuum treatment time, weight of aluminium, 
manganese, silicon, CaO and oxygen consumption were used as an input vector and output neuron 
represented the temperature after steel chemical heating. Generalized block structure of neural network 
inputs and outputs is shown on Fig. 2. 

The rate of inaccuracy between the predicated and actual output represents a prediction error. In technical 
applications the error is mainly represented by following relation: 

a) SSE – (Sum of squared error): 

∑
=

−=
n

1i

2

ii )o(ySSE          (5) 

SSE = 21714,772 

        

b) RMS error – (Root mean squared error):  

( )
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oy

RMS

n
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2
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∑
=          (6) 

RMS = 5,58564 

 

c) R2 – determination index: 

SST

SSE
1R

2 −=          (7) 

R2 = 0,875796 

where:  

n  - number of patterns of a training or test set, 
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yi  - predicted outputs,  

oi  - measured outputs, 

SSE  - sum of squared errors,  

SST  - total sum of squared errors. 

On the basis of adapted data artificial neural networks were designed and verified. Neural networks were 
created in software STATISTICA – Neural Networks. This system enables among others a choice of most 
suitable with the best performance, it contains efficient investigative and analytic techniques and enables 
to achieve summary descriptive statistics, to execute sensitive analysis and to create response graphs. For 
particular neural network models a quality of network adaptation to the submitted patterns and 
generalization scale were observed. 

Fig. 2. Block structure of neural network 

The best results of prediction proved multilayer feedforward neural network with topology 11-5-1 is shown 
on Fig. 3. Above mentioned prediction errors for this neural network are: SSE = 21714.772, R2 = 0.875796, 
RMS = 5.58564°C. 

 

 

 

 

Fig. 3.  

Structure of artificial neural network with topology 11-
5-1 

 

A histogram of number of cases in dependence of 
residues between predicted and measured outputs is 

shown on Fig. 4 and a graph of predicted and measured temperature is shown on Fig. 5. 

 From this graph results that a majority of predicted values differ from measured ones in temperature 
range up to ±5 °C. 

Topology 11-5-1
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Fig. 4. Histogram of residues of neural model 

 

Fig. 5. Comparison of predicted and measured temperature 

 

The parameters of selected neural network were implemented to the program independent on STATISTICA 
software. This program enables on the basis of input data setting to predict the temperature after steel 
chemical heating and subsequent calculation of temperature change before and after chemical heating. On 
the basis of this information it is possible to plan length of subsequent operations at steel treatment on 
ISSM, eventually to change input parameters so that required output value is achieved before chemical 
treatment process itself. 

 

3. REGRESSION ANALYSIS 

For selected set of 11 regressors (inputs on Fig. 2) full multiple linear regression model which has following 
general form, was used: 
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∑
=

+⋅+=+⋅++⋅+=
m

j

jj xbbxbxbby
1

01111110 ... εε               (8) 

where:  

y  - regressand,  

b0  - constant,  

bj  - regression coefficients,  

xj  - regressors,  

ε  - regression error,  

m  - number of regressors (m = 11). 

 

Regression diagnostics of application results of this model showed that model is statistically significant, 
stable in time, with practically non-collinear regressors but 4 of them appeared as statistically non-
significant. Model is not linear (it misses nonlinearities of regressors of power, inverse function, hyperbola 
or logarithms type). Model is statistically incorrect because its residues showed non normality, 
heteroscedasticity and autocorrelation. Practically it means that model had to be adjusted analysis of 
nonlinearity of regressors and their implementation to the model and removal of statistically non-
significant regressors. 

Regression diagnostics and component and residual graphs showed that it is convenient to add to certain 
regressor its square, to another its reciprocal value and interaction (product) of some regressors. After 
these adjustments model showed some statistically non-significant regressors which were gradually 
removed. Resultant reduced model with transformed 10 regressors showed statistically good properties: 
SSE = 19 279, R2 = 0.876, RMS = 5.31 °C. 

Histogram of residues of the regression model is shown on Fig. 6 and graph of predicted and measured 
temperature is shown on Fig. 7. From the graph results that model appropriately predicts temperature 
after chemical heating. Its residues showed normal distribution with mean root square error cca 5°C. 

 

4. CONCLUSION 

The objective of the contribution is to present possibilities of prediction of temperature after chemical 
heating on ISSM device by means of 
neural networks and regression 
analysis.  

 

Fig. 6.  

Histogram of residues of regression 
model 

 

After evaluating the achieved results, 
we can state that neural networks are 
generally applicable rather for 
prediction of output and for control of 
analyzed system and regression analysis 
is more suitable for system 
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identification, i.e. for determination of adequate structure and transfer coefficients of the process. Both 
neural and regression model enable the prediction of temperature after chemical heating with a sufficiently 
small error. 

However regression analysis enables the correct output estimation and the correct identification of the 
system providing at least partial knowledge of the internal structure of the system (system is known as a 
grey or white box) and sufficient knowledge of the theory and modern methods of mathematical statistics. 
Neural networks enable the correct output estimation for systems which can be given as a black box, i.e. 
without knowledge of the internal structure of the system.  

 

 

 

 

 

 

 

Fig. 7.  

Comparison of predicted and 
measured temperature 
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Abstract 

Hot-work tool steels already at the stage of design of their chemical composition are anticipated to be 
subjected to medium- and high-temperature tempering in order to obtain stable microstructure and, as a 
result of it, stabilized properties during work. Desired properties may be achieved in these steels by 
properly designed heat treatment. Objective of this work was to compare fracture toughness of newly 
implemented steel for hot-forging tool dies depending on heat treatment applied. In order to do that the 
impact testing of investigated steel was performed on samples after heat treatment carried out in 
accordance with technology proposed by the producer of steels for different hardness (48÷57 HRC). First 
variant of heat treatment consisted in first tempering at the temperature of 540°C, second tempering at 
the temperature of 560°C and third tempering at the temperature of 560°C as well. Second variant of heat 
treatment consisted in first tempering at the temperature of 560°C, second tempering at the temperature 
of 580°C and third tempering at the temperature of 560°C. Third variant of heat treatment consisted in first 
tempering at the temperature of 560°C, second tempering at the temperature of 600°C and third 
tempering at the temperature of 580°C. Fourth variant of heat treatment consisted in first tempering at the 
temperature of 560°C, second tempering at the temperature of 620°C and third tempering at the 
temperature of 580°C. Each tempering in above described heat treatment variants was performed for 3 
hours. It was found that decrease of hardness alone as a result of heat treatment does not guarantee an 
increase of fracture toughness of the steel. 

Keywords: heat treatment, carbides of MC and M2C type, carbides of MC6 and M23C6 type 

 

1. INTRODUCTION 

Hot working tool steels already at the stage of designing of their chemical composition are anticipated to 
be in a medium and high tempered state in order to obtain a stable microstructure and thus stabilized 
properties during work. Nowadays the hot working tool steels have complex chemical composition, contain 
between 0.25 and 0.6% of C [PACYNA 1997] and are characterized by certain kinetics of phase 
transformations during tempering [BAŁA 2007, PACYNA 1987]. Only then, it would be possible to find a 
suitable heat treatment which results in an optimal combination of mechanical properties and overall 
performance [BAŁA PACYNA 2008a,b]. It may seem that the decrease of hardness of steel for hot work by 
increasing the highest temperature of tempering will result in improvement of fracture toughness of such 
steels. However, the complexity of phase transformations occurring during tempering of such steels does 
not always allow to control their properties in such a simple way [BAŁA 2007, BAŁA PACYNA 2008a-c, 
PACYNA 1987]. In particular, this concerns the range and morphology of so called complex carbides [BAŁA 
2007, BAŁA PACYNA 2008b,c]. 

The objective of this work was to determine the changes in impact resistance of the newly introduced tool 
steel for hot-forging in dies in relation to the heat treatment applied. Present work focuses on the heat 
treatment proposed by the manufacturer of the steel, which is consistent with the existing rules. However 
different temperatures of the highest tempering were applied. 
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2. TEST MATERIAL 

Tests were performed on tool steel for hot work 50CrMoV18–30–6 marked as W 360 by the manufacturer. 
Chemical composition of investigated steel is presented in table 1. 

 

Table 1. Chemical composition (weight %) of the investigated steel  

C Mn Si Cr Mo V Fe 

0.5 0.25 0.20 4.50 3.00 0.55 bal. 

 

The steel in as-delivered condition provided by the manufacturer to the die producer and for heat 
treatment is soft annealed with divorced pearlite microstructure with evenly distributed alloy carbides in 
ferritic matrix (Fig. 1).  

 

 

 

 

 

 

Fig. 1.  

Microstructure of investigated steel (as-delivered 
condition). Etched with 2% nital 

 

 

3. HEAT TREATMENT 

Heat treatment was designed according to popularized metal science [DAVIS J.R. et. all 1991, VÖGE H. 
1992, WILMES BECKER KRUMPHOLZ VERDERBER 1992] on the basis of CCT diagram [BAŁA KRAWCZYK 2009, 
KRAWCZYK BAŁA 2009]. Applied austenitizing temperature was 1050°C for 50 minutes with cooling in air. 
First variant of heat treatment consisted in first tempering at the temperature of 540°C, second tempering 
at the temperature of 560°C and third tempering at the temperature of 560°C as well. Second variant of 
heat treatment consisted in first tempering at the temperature of 560°C, second tempering at the 
temperature of 580°C and third tempering at the temperature of 560°C. Third variant of heat treatment 
consisted in first tempering at the temperature of 560°C, second tempering at the temperature of 600°C 
and third tempering at the temperature of 580°C. Fourth variant of heat treatment consisted in first 
tempering at the temperature of 560°C, second tempering at the temperature of 620°C and third 
tempering at the temperature of 580°C. Each tempering in above described heat treatment variants was 
performed for 3 hours. 

Figure 2 presents microstructures of samples after above mentioned variants of heat treatment. 

As one may notice, the microstructures after tempering according to variants of heat treatment 1 and 2 are 
similar without clearly etched grain boundaries. This is a typical microstructure for tempered martensite. By 
contrast, the microstructure of samples heat treated in accordance with variants 3 and 4 is a high-
temperature tempered martensite with clearly etched boundaries indicating too far advanced processes of 
tempering what should be manifested by lower hardness. It seems that the heat treatment variant no. 3 
may be the most unfavorable due to the microstructure, since in this range of tempering temperature the 
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precipitations of alloying carbides of MC and M2C type may already transform into a more complex 
carbides of MC6 and M23C6 type and achieve sufficiently large size to participate in the process of cracking. 
However, the matrix is not tempered enough yet to play a major role in the process of cracking. After heat 
treatment variant no. 4 a significant tempering of the matrix is already noticeable.  

a) b) 

  
c) d) 

  

Fig. 2.  Microstructures of investigated steel after heat treatment: a) variant no. 1, b) variant no. 2, c) 
variant no. 3, d) variant no. 4. Etched with 2% nital 

 

4. RESEARCH RESULTS AND DISCUSSION 

Heat treatments subjected to the analysis in present study were chosen so that the changes of 
temperature, at which the second tempering was conducted characterized by the highest tempering 
temperature among the three tempering temperatures applied for each variant of heat treatment, would 
affect the hardness of the investigated steel. One may notice on the diagram in Figure 3 that mentioned 
goal was achieved i.e. along with the increase of temperature of the highest (second) tempering the 
hardness decreases. 

In order to explain the changes in microstructure caused by the increase of tempering temperature 
resulting in impact resistance change, a fractographic analysis is important. Figure 5 presents images of 
fractures of V notched impact strength test samples obtained using scanning electron microscope. 
Whereas, Figure 6 presents fractographic images of fractures of above samples obtained using a confocal 
microscope. 
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Fig. 3.  

Dependence of hardness on the 
highest tempering temperature 

 

Because the die works in percussive 
conditions a critical parameter for its 
susceptibility to damage is impact 
resistance. It turns out that 
increasing the temperature of the 
second tempering is not beneficial to 
impact resistance in any case (Fig. 4). 

 

 

 

 

Fig. 4.  

Dependence of impact resistance on 
the highest tempering temperature 

 

One may see that after tempering at 
560ºC (Fig. 5a) there are trans-
crystally distributed dispersive 
alloying carbides observed in the 

fracture. In this case plastic deformation zone was small (Fig. 6a) and fracture nucleation took place on 
dispersive carbides precipitated within whole volume. Above mentioned small zone of plastic deformations 
is a result of strong supersaturation of the matrix. A similar character of the fracture is present after 
tempering at 580ºC but with a difference that its development is greater (Fig. 5b and 6b). Sparse larger 
precipitates of alloying carbides were observed on grain boundaries. Further increase of tempering 
temperature (600ºC) results in increase of fraction of brittle inter-crystalline fracture (Fig. 5c and 6c). 
Despite that sharp V notch favours trans-crystalline fracture, a fraction of trans-crystalline (ductile with 
dimples) fracture is small. Applying the highest tempering temperature resulted again in the increase of 
fraction of trans-crystalline fracture what indicates that plastic matrix plays significant role in cracking 
process (Fig. 5d and 6d). 

The above presented results of the research allow to explain the influence of individual heat treatment on 
hardness and fracture toughness expressed by impact resistance on the basis of both the metal science 
concerning phase transformations occurring in such type of steels [BAŁA 2007] during tempering and the 
metallographic studies presented in Figure 2. One may state that heat treatment according to variant no. 1 
caused the precipitation of independently nucleating carbides of MC and M2C type only. Coherent with 
matrix MC and M2C carbides allow to obtain high hardness. These carbides are precipitating within the 
whole volume of former austenite grain not causing the decrease of impact resistance. The temperature of 
second tempering 560°C, however, is low enough not to cause the decrease of the ferrite supersaturation 
and this is why the matrix would not be strongly tempered. 
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a) b) 

  
c) d) 

  

Fig. 5.  Images of fractures from Charpy V samples of heat treated steels according to particular variant: a) 
variant no. 1, b) variant no. 2, c) variant no. 3, d) variant no. 4. SEM 

 

The increase of tempering temperature to the temperature of 580°C causes more intensive, if compared to 
previous case, precipitation of carbides of MC and M2C type. At this temperature and with the tempering 
periods applied they are not subjected to significant extent to transformation into carbides of M6C and 
M23C6 type. However, in result of higher number of carbide precipitates of MC and M2C type and the 
initiated precipitation process of M6C and M23C6 carbides along grain boundaries the supersaturation of 
ferrite was reduced what results in lower hardness with accompanying insignificant increase of KCV impact 
resistance (as well as KV) and decrease of KCU5 impact resistance (KU5). In case of samples with U notch 
the fraction of cracking along grain boundaries is greater than in case of V notch, when trans-crystalline 
cracking is forced (due to notch sharpness) and during which the complex carbides have significantly lower 
fraction, while the role of matrix increases. 
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a) b) 

  
c) d) 

  

Fig. 6.Fracture images of heat treated samples according to particular variant: a) variant no. 1, b) variant 
no. 2, c) variant no. 3,  d) variant no. 4. Confocal microscope 

 

Further increase of second tempering temperature to 600°C causes that part of independently precipitated 
alloying carbides of MC and M2C type lost coherence with the matrix and could be subjected to partial 
transformation into carbides of M23C6 and M6C type. Most probably the dimensions of these precipitates 
became large enough to have a significant part in the process of cracking of the investigated steel. The loss 
of coherency with matrix of previously precipitated carbides of MC and M2C type resulted in significant 
hardness decrease of investigated steel. In connection with still small degree of matrix tempering it causes 
that impact resistance of investigated steel tempered within this range significantly decreased. 

Further increase of the highest tempering temperature (second) to the temperature of 620°C causes 
complete loss of coherency of MC and M2C carbides with the matrix and their transformation into carbides 
of M6C and M23C6 type precipitating on grain boundaries. However, in this case the matrix is subjected to 
such strong tempering (strongly decreases the level of supersaturation of ferrite) that impact resistance 
strongly increases. Major role is played by the matrix in this case. 

 

5. CONCLUSIONS 

On the basis of the research presented in this study the following conclusions formulated: 
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1. Increasing the temperature of second tempering one obtains a hardness decrease of investigated 
steel, but one may also obtain a dramatic reduction of impact resistance.  

2. Low fracture toughness of investigated steel is a result of carbides precipitations of M6C and M23C6 
type on grain boundaries. Optimal microstructure from hardness and fracture toughness point of 
view may be obtained when the microstructure contains a lot of coherent with matrix precipitates of 
carbides of MC and M2C type in connection with such ferrite tempering that guarantees its plasticity 
at suitable level. 

3. In case of tool steel for hot work containing large amount of Mo one should avoid the tempering 
range between 590-610ºC due to susceptibility of Mo to segregation to grain boundaries. Tempering 
within this range would result in sudden decrease of both hardness and impact resistance. 

 

ACKNOWLEDGEMENTS 

The authors would like to thank Adam Syrek, Michał Szczebak and Szymon Derlatka for help in this 
research. Project financed by the Ministry of Science and Higher Education, completed under AGH-UST’s 

own research activities no. 10.10.110.855. 

 

REFERENCES 

1. BAŁA P., 2007, The kinetics of phase transformations during tempering and its influence on the 
mechanical properties, Ph.D. thesis, Promotor: J. Pacyna, AGH-UST, Krakow, Poland (in Polish). 

2. BAŁA P., KRAWCZYK J., 2009, Transformations during quenching and tempering of hot-work tool 
steel, Proc. of the Conf. METAL. 

3. BAŁA P., PACYNA J., 2008a, The kinetics of phase transformations during tempering of the new hot 
working tool steel designed for a large size forging dies, Steel Research International, vol. 79, ISBN 
978-3-514-00754-3, pp. 407-413. 

4. BAŁA P., PACYNA J., 2008b, The influence of kinetics phase transformation during tempering on the 
mechanical properties of HS6-5-2 steel, Journal of Achievements in Materials and Manufacturing 
Engineering, vol. 28, ISSN 1734-8412, pp. 123-130. 

5. BAŁA P., PACYNA J., 2008c, The influence of pre-tempering on the mechanical properties of HS6-5-2 
high speed steel, Archives of Metallurgy and Materials, vol. 53, ISSN 1733-3490, pp. 795-801. 

6. DAVIS J.R. et. all, 1991, Heat Treating, ASM Handbook, vol. 4. 

7. KRAWCZYK J., BAŁA P., 2009, Optimalization of heat and thermo-chemical treatment of 50CrMoV18-
30-6 steel for hot forging dies, Archives of Metallurgy and Materials, vol. 55, ISSN 1733-3490 (in 
press).  

8. PACYNA J., 1987, The effect of retained austenite on the fracture toughness of high speed steels, 
Steel Research, vol. 58, no. 2, pp. 87-92. 

9. PACYNA J., 1997, Design the chemical composition of steels, AGH, Krakow, ISBN 83-908475-5-8 (in 
Polish). 

10. VÖGE H., 1992, Heat Treatment, A Handbook for Materials research and Engineering – Steel, vol. 2 
Applications, ISBN 3-514-00378-5, pp. 707-710. 

11. WILMES S., BECKER H.-J., KRUMPHOLZ R., VERDERBER W., 1992, Tool Steels, A Handbook for 
Materials research and Engineering – Steel, vol. 2 Applications, ISBN 3-514-00378-5, pp. 302-373. 



Symposium B  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 
 

64 

TRANSFORMATIONS DURING QUENCHING AND TEMPERING OF HOT-WORK TOOL STEEL 

Piotr BAŁA, Janusz KRAWCZYK 

AGH University of Science and Technology, Faculty of Metals Engineering and Industrial Computer Science, 
Department of Physical and Powder Metallurgy 
A. MICKIEWICZA AV. 30, 30-059 KRAKOW, POLAND,  
E-mail: pbala@agh.edu.pl 

 

ABSTRACT 

The paper presents a description of phase transformation kinetics of under-cooled austenite in form of CCT 
diagram and kinetics of phase transformations during heating from as-quenched state in form of CHT 
diagram of newly implemented tool steel for hot-forging dies. The knowledge of transformations taking 
place during quenching and tempering of test steel will make possible to design a precise heat treatment 
process allowing to make of test steel a die that would be characterized by good mechanical properties and 
high fracture toughness. 

In order to determine correct quenching temperature an analysis of critical points determined on the way 
of dilatometric tests and on basis of so called hardening series. It was found that optimal temperature for 
quenching of test steel is 1050°C.  

Investigated steel should be cooled at highest possible rate during quenching (higher than 5°C/s) yet safe in 
order to avoid quenching cracks.  

On the basis of above mentioned kinetics of phase transformations during heating from as quenched state 
(tempering) one may match suitable tempering temperatures of test steel. Based on said above results and 
present knowledge investigated steel should be tempered in three stages. First is tempering at such 
temperature that retained austenite is destabilized. Second tempering is performed in order to obtain 
hardness at certain level and possibly further transformation of retained austenite and tempering the 
products of its transformation. Third tempering stabilizes the structure of transformations products from 
second tempering. Possible nitriding process, performed after heat treatment, should be carried out at the 
temperature lower by 30°C from the temperature of last tempering  

Keywords: CCT diagram, CHT diagram, carbides of MC and M2C type 

 

1. INTRODUCTION 

Microstructure and properties of tools have strong influence on their throughput and reliability what favors 
development of mechanization and automation of technological lines. Hot working tool steels are used for 
tools working at wide range of temperatures. For example, working temperature of some forging dies is 
about 200°C, while dies for extrusion and pressure die casting work at 600÷700°C. Therefore very 
important properties of these steels are: strength, hardness, wear resistance at working temperatures and 
resistance to sudden temperature changes (thermal fatigue). The properties mentioned above are obtained 
in these steels on the way of suitable chemical composition and properly designed heat treatment (PACYNA 
1997, DAVIS 1991, BROOKES 1999). Better properties are obtained in steels with complex chemical 
composition if compared to steels containing high amount of one or two alloying elements (PACYNA 1997, 
DĄBROWSKI 2002, PACYNA JĘDRZEJEWSKA-STRACH STRACH 1997, PACYNA 1987)  

Hot-working tool steels already at the stage of design of their chemical composition are designated to 
medium or high-temperature tempering in order to obtain stable microstructure, and thus stabilized 
properties while working. Recently designed tool steels for hot-working should have complex chemical 
composition, contain between 0.25 and 0.6 %C and be characterized by given kinetics of phase 
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transformations of under-cooled austenite (PACYNA 1997) and kinetics of phase transformations during 
tempering (BAŁA 2007, BAŁA PACYNA 2008, BAŁA PACYNA KRAWCZYK 2007). Only at that time it is possible 
to choose appropriate heat treatment in result of which one receives optimal combination of mechanical 
and plastic properties. 

Main purpose of study in this paper was a description of  phase transformations kinetics of under-cooled 
austenite in form of CCT diagram (continuous cooling transformations) and kinetics of phase 
transformations during heating from quenched state in form of CHT diagram (continuous heating 
transformations) of newly introduced tool steel for hot work in dies. In order to determine appropriate 
quenching temperature also the analysis of critical temperatures and hardening series was made.  

 

2. TEST MATERIAL 

Tests were performed on tool steel for hot work 50CrMoV18–30–6 marked as W 360 (BOHLER 2007) by the 
producer. Chemical composition of investigated steel is presented in table 1. 

 

Table 1. Chemical composition (weight %) of the investigated steel  

C Mn Si Cr Mo V Fe 

0.5 0.25 0.2 4.50 3.00 0.55 bal. 

 

3. HEAT TREATMENT 

Dilatometric tests were performed using DT 1000 dilatometer by French company Adamel. Tests were 
performed on samples with dimensions of ∅2x12 mm. Critical points and CCT diagram were determined. 

In order to make a CCT diagram of under-cooled austenite the samples were heated at rate of 5°C/s to the 
temperature of 1050°C, maintained for 20 minutes and after that were cooled at different rates (50÷0.03 
°C/s) to the temperature of 20°C. Digitally recorded dilatograms were differentiated in order to receive 
more precise characteristic temperatures.  

In order to make a CHT diagram of phase transformations kinetics during continuous heating from as 
quenched state (tempering) the previously hardened samples (TA = 1050 °C, tA = 20 min, cooling rate = 
10°C/s) were heated at rates of 0.05; 0.10; 0.5; 1; 5; 10; 15; 35oC/s to the temperature of 700oC, recording 
the changes of samples elongation in relation to the temperature. Also in this case the digitally recorded 
dilatograms were differentiated in order to make more precise read out of the characteristic temperatures.  

Recording of cooling dilatograms after tempering allowed to make a diagram of retained austenite 
temperature MS change in relation to previous heating rate during continuous tempering. 

 

4. RESEARCH RESULTS AND DISCUSSION  

4.1.  The kinetics of phase transformations of under-cooled austenite  

Figure 1 presents a dilatometric curve of investigated steel with determined critical temperatures. 
Although, the test steel contains 0.5% of C, one should include it among hypereutectoid steels for the sake 
of concentration of other alloying elements (Cr, Mo, V). Characteristic points determined for investigated 
steel are: Ac1s = 835°C, Ac1f = 895°C and Acm = 1075°C. 

On the basis of hardening series (Fig. 2) and the analysis of microstructures presented in Figure 3 one 
should state that optimal (safe) austenitizing temperature is 1050°C. After quenching from this 
temperature there are still sparse undissolved carbides in the structure and significant grain coarsening did 
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not take place. Applying lower quenching temperature it is not possible to obtain high values of hardness 
(compare Fig. 2). Applying higher quenching temperatures causes grain over coarsening what would result 
in lower fracture toughness of the steel. This is why the temperature of 1050°C is considered as optimal in 
the rest of this study.  

 

 

Fig. 1.   

Characteristic points determined on the basis of 
dilatometric measurements together with 
corresponding differential curve 

 

 

Fig. 2.  

Hardening series of investigated steel. 
Quenching in oil 

 

Figure 4 presents a CCT diagram of investigated 
steel. Metallographic documentation for the 
diagram is presented in Figure 5. It is a diagram 
from IVth group of Wever and Rose 
classification (WEVER ROSE 1954) with 
separated range of pearlite transformation 
(diffusive) from the range of bainitic 
transformation (semi-diffusive). Applying a 
temperature criterion of 350°C in accordance 
with (PACYNA 1997) bainite range was split 

into range of upper (grey) and lower bainite. The steel under investigation in spite of complex chemical 
composition is characterized by high temperature MS = 295°C (for a steel for hot work) what shall allow to 
avoid quenching cracks even if final product of quenching would be martensite itself. The range of diffusive 
transformations is strongly shifted to the right while bainite range to the right and down. In consequence 
almost whole bainite that is produced is low bainite. Only applying of low cooling rate (<0.33°C/s) may 
result in that upper bainite would be present in the microstructure. As one may notice, applying during 
quenching of cooling rate from the range of 10÷1°C/s allow to receive close microstructure. It suggests that 
in order to avoid hardening cracks one could cool the investigated steel at the rate of 1°C/s. However, if the 
hardness measured is investigated one may notice a significant decrease of hardness at cooling rates lower 
than 5°C/s. During slow cooling the bainitic transformation is preceded by intensive precipitation of 
carbides from austenite and, in result of that, the supersaturation of matrix with alloying elements and 
carbon is lower. Obtaining high value of hardness after hardening and tempering would not be possible. 
Therefore the steel of that type should be cooled at possibly high rate but safe enough in order to avoid 
generation of hardening cracks. 
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a) b) 

  
c) d) 

  

Fig. 3.Microstructures after quenching from: a) 1030ºC, b) 1050ºC, c) 1070ºC, d) 1100ºC. Etched with 2% 
nital 

 

Fig. 4. CCT diagram for investigated steel 

 

4.2.  The kinetics of phase transformations during continuous heating from as-quenched state 
(tempering) 

Figure 6 presents an example of heating dilatogram at the rate of 0.05°C/s for the sample from investigated 
steel, previously hardened from 1050°C, along with corresponding differential curve, illustrating the way of 
interpretation the dilatograms on which the CHT diagrams were based (Fig. 7). 

During the first stage of tempering the investigated steel demonstrates a contraction related to 
precipitation of ε carbides. The contraction begins at εs temperature and ends at εf temperature. Because 
as soon as the temperature reaches the temperature εf almost immediately begins the transformation of 
retained austenite, which is accompanied by volume increase, it is assumed that the temperature of ε 
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carbide precipitation end (εf) equals the temperature of the beginning of retained austenite transformation 
RAS. This effect is evident within the temperature range between RAS÷RAf. This positive dilatation effect is 
accompanied by the second contraction beginning at the temperature (M3C)S and is related to precipitation 
of cementite (alloying). End of cementite precipitation takes place at temperature (M3C)f. Increase of 
volume within the range of temperatures MCS÷MCf is related to precipitation of independently nucleating 
carbides of MC type. Subsequently, at the temperature (M2C)s begins the independent precipitation of 
alloying carbides of M2C type.  

a) Cooling rate = 10°C/s, 775HV10 b) Cooling rate. = 5°C/s, 775HV10 

  

c) Cooling rate = 1°C/s, 721HV10 d) Cooling rate = 0,03°C/s, 456HV10 

  

Fig. 5. Microstructures and hardness corresponding to CCT diagram. Etched with 2% nital 

 

Figure 7 presents full CHT diagram of investigated steel. There are marked the ranges of ε carbide 
precipitation, cementite precipitation, retained austenite transformation and precipitation of 
independently nucleating carbides of both MC and M2C type. The temperature of the beginning of MC type 
alloying carbides precipitation is strongly dependent on heating rate. For recorded heating rates higher 
than 1°C/s it is above 700°C. Similarly, the temperature (M2C)s was determined only for the two lowest 
heating rates 0.05°C/s and 0.01°C/s, for the other applied heating rates the temperature is above 700°C. 
One may notice that along with the increase of heating rate from 0.05 to 35°C/s the temperatures of 
beginning and end of individual transformations increase as well. 

Figure 8 presents dilatograms of cooling the samples (at the rate of 1°C/s) after previous heating from as-
quenched state at the rate of 0.1°C/s (Fig. 8a) and 35°C/s (Fig. 8b) to 700°C, along with the corresponding 
differential curves with marked temperatures MS of the beginning of retained austenite transformation 
during cooling. One may notice that during heating prior to tempering at the higher rate (Fig. 8b) the 
dilatational effect, related to retained austenite transformation during cooling, is greater than during slow 
heating what indicates that the transformation of its larger amount occurs not earlier than during cooling 
after tempering. The increase of heating rate also resulted in decrease of retained austenite MS 
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Fig. 6.  

Dilatogram of investigated steel heated from 
as-quenched state at the rate of 0.05°C/s 
together with corresponding differential curve 

 

 

Fig. 7. CHT (Continuous Heating Transformations) diagram for investigated steel 

a) 

 

b) 

 

Fig. 8.Dilatograms of cooling at the rate of 1°C/s of investigated steel, together with corresponding 
differential curves. First samples were heated from as-quenched state to 700°C at the rate of: 
a) 0.1°C/s, b) 35°C/s 

temperature from 410°C for 0.1°C/s to 350°C/s for 35°C/s (by 60°C). This effect is related to the fact that 
during heating at low rate the process of carbon diffusion to the austenite-martensite boundaries, where 
cementite nucleates, took place to the higher extent. In consequence, carbon impoverished retained 
austenite reduced its stability what found its reflection, during cooling after tempering, in form of higher  
MS temperature. As it is commonly known, the carbon dissolved in austenite influences the temperature MS 
the most, lowering it (PACYNA 1997). In case of the lowest heating rate 0.05°C/s during cooling (after such 
tempering) only a minimal dilatational effect was observed from the transformation of retained austenite, 
what leads to a conclusion that it almost all transformed during tempering. 
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5. CONCLUSIONS  

On the basis of the research carried out the following conclusions were stated:  

1. correct temperature from which the parts made of investigated steel should be quenched is 1050°C, 

2. during hardening the steel under investigation should be cooled at possible high rate (higher than 
5°C/s) but safe enough to avoid creation of hardening cracks, 

3. CCT diagram of investigated steel should be included in IVth group of Wever and Rose classification 
with separated range of pearlite transformation from the range of bainitic transformation, 

4. despite of complex chemical composition this steel is characterized by high temperature  MS = 295°C 
what allows to avoid hardening cracks,  

5. the following sequence of phase transformations during continuous heating from as-quenched state 
was found: precipitation of ε carbides, precipitation of cementite within of which precipitation range 
also the retained austenite transforms. After that the independent carbides of MC type and next 
carbides of M2C type nucleate, 

6. increase of heating rate from as-quenched state (from 0.05 to 35°C/s) results in increase of 
temperatures of the beginning and the end of individual transformations and causes reduction of 
accompanying dilatational effects, 

7. heating rate from as-quenched state affects the stability of retained austenite which increases with 
the increase of heating rate,  

8. technology of heat treatment of investigated material should consist in quenching from the 
temperature of 1050°C (cooling at the rate of 5÷10°C/s) and subsequent triple tempering. 
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OBTAINING OF BULKY NANOCRYSTALINE MATERIALS BY PLASTIC DEFORMATION 

Naizabekov A.B., d.tech.sc., Lezhnev S.N., can.tech.sc. 

RSE “Karaganda state industrial university” (Kazakhstan, Temirtau) 

 

Abstract 

Nano-dimensional microstructurial materials are called nanostructural materials. The criterion of the grain 
nano-dimensional representation is not more than 100nm and orientation between structural elements in 
nanomaterials must be high-angled, i.e. proceeding from geometrical criteria nanostructural materials are 
the ones whose elements have high-angled boundaries and grain sizes not more than 100 nm at least in 
one measurement. In fact, nanostructural materials are polycrystalline substances whose grains size is less 
than 100 nm.  

One of the ways of obtaining bulky nanostructural materials are the high-rate plastic deformation 
technique. This technique consists in deformation of metal with a big deformation degree at relatively low 
temperatures (lower than 0,3-0,4) Tml in the conditions of the applied high pressures. Various schedules of 
mechanical deformation such as high-rate torsion under high pressure, equichannel angle extrusion, high-
rate plastic deformation by forging, and so on are used for realization of high-rate plastic deformation.  

This work is devoted to the investigation of deformation of blanks in the equichannel step die worked out 
at “Plastic metal working” chair of Karaganda state industrial university.  

The blanks deformed in the equichannel step die can be used for making metal-cutting tools such as taps, 
tools and drills and some critical parts for machines, units, equipment and so on. More over, these tools 
and parts which at present are made of expensive alloy steels can be produced of simple ordinary less 
costly steels which will result in sufficient economic efficiency. 

Keywords: investigation, nanocrystaline, technique, nanostructural materials 

 

1. INTRODUCTION 

Nano-dimensional microstructurial materials are called nanostructural materials. The criterion of the grain 
nano-dimensional representation is not more than 100nm and orientation between structural elements in 
nanomaterials must be high-angled, i.e. proceeding from geometrical criteria nanostructural materials are 
the ones whose elements have high-angled boundaries and grain sizes not more than 100 nm at least in 
one measurement. In fact, nanostructural materials are polycrystalline substances whose grains size is less 
than 100 nm.  

In fact bulky nanocrystaline materials represent a new class of constructional materials whose 
constructional and functional properties are quite different from those of coarse-grain analogues. The 
peculiarities of the structure of nanocrystaline materials such as the grain size, separation boundary share 
and their state, the structure defects are determined by the methods of their obtaining and make essential 
effect on their properties.  

Nanocrystaline materials are obtained by power metallurgy techniques, by crystallization from amorphous 
state. Another technique of obtaining nanostructure in massive metal samples and blanks is high-rate 
plastic deformation technique. This technique consist in deformation of metal with high deformation rates 
at relatively low temperatures (lower than 0.3-0.4)Tml in the conditions of high pressure. Various schemes 
of mechanical deformation such as high rate torsion under high pressure, equichannel angle extrusion, high 
rate plastic deformation by forging and so on were appllied. 
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The USA, Japan, China and European countries are developing nanotechnologies. Such investigations are 
being made at “Plastic metal working” chair of RSE “Karaganda state industrial university” headed by 
professor, doctor of technical sciences Naizabekov A.B.  

In the course of investigations a number of new ways of plastic metal working and the tools for their 
realization permitting to obtain a sub-ultra-fine-grained metal have been worked out at the chair. One of 

the most efficient proposed tools is an equichannel step die for extrusion 
(fig. 1). 

Deformation of blanks in this tool for extrusion is performed as follows: 
the blanks are heated to the temperature of the beginning of 

deformation, i.e. 1150 12000C. After heating the blanks are placed into 

the die cavity and are subjected to a multi-pass deformation between 
the channels of the die. One pass (N cycle) is made by extrusion of the 
blank from the entry channel through the inclined intermediate channel 
into the exit channel. Then another blank is fed which pushes out the 
first one from the exit channel for further processing. The extrusion 
process is going on until the necessary number of cycles is achieved 
which provides obtaining of the sub-ultra-fine-grained metal. 

Fig. 1 – Extrusion tools 

 

2. RESULTS 

The analyses of mechanical properties and structure of the samples deformed in this tool has shown the 
following: 

1. During deformation of the blanks in the above die the distribution of sliding lines inside separate 
grains in both directions is even, i.e. all the grains act rather equally in sliding of dislocations and 
hence in plastic deformation. 

2. The use of the new extrusion tool makes it possible to obtain blanks of sub-ultra-fine-grained 
structure without a substantial change of the initial sizes of the blank. So, the size of the grains of 
steel 45 after the eighth cycle is 223 nm on the average (fig.2), the size of the grains of steel 40X is 
218 nm accordingly. Moreover, the structure of the samples deformed in the angle step die is rather 
even through the whole body of the deformed metal. The increase of the number of cycles results in 
greater fineness of grains. 

 
 
 
 
 
 
 
 
 
 
 

a) – initial microstructure – 6 number 
b) – after deformation in the equichannel step die – 11 number 
Fig. 2 – Microstructure of steel 45 × 500 
 
3. The grain size greatly effects metal mechanical Fig 2 – microstructure of steel 45 x 50 properties 

therefore simultaneous increase of both strength and plastic properties takes place during the 
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extrusion of blanks by the proposed technique (table 1). The improvement of properties is caused by 
the metal compaction, by reducing grain size and the degree of chemical heterogeneity.  

 

Table 1 Values of mechanical characteristics 

Number of cycles Brands of steel MPa MPa δ,% Ψ,% 

6 
45 657 430 21.1 55.9 

40X 769 472 13.8 27.6 

8 
45 677 451 30.2 57.4 

40X 792 550 15.0 30.2 

10 
45 718 483 33.5 60.2 

40X 841 578 17.2 32.7 

The blanks made by the above technique of plastic working can be used for making metal cutting tools, for 
example taps, drills and critical parts of machines, equipment and so on. Moreover, these tools and parts 
which at present are produced from expensive alloyed steels can be made from ordinary cheaper steels 
which will result in sufficient economic effect.  

To confirm it brazings for cutting tools of various purposes (fig 3) were made from steels 40X and 45 
deformed in equichannel step die at 1260 joint angle through the number of cycles 2; 4; 6; 8. 

Testing of the cutting tools with brazings from steels 40X and 45 deformed according to the above 
proposed technique was carried out in the mechanical shop of «Arselor Mittal Temirtau» JSC. Service life of 
the cutting tools was their quality indicator. This testing of the cutting tools made according to the new 
technology was made in comparison with the cutting tools with the brazings made by the conventional 
technique of making metal cutting tools from steel T5. 

Testing of the cutting tools was made on the lathe, planning machine and vertical lathe. The parts made of 
the deformed steel 45 were machined at the lathe. The parts made of the deformed steel 3 were machined 
at the planning machine and the parts made of the cast blanks (steel 40X, 45 and 3) were machined at the 
vertical lathe. 

Fig .3 - Types of brazings for cutting tolls 

The results of testing of brazings are given in table 2. 

 

Table 2 Service life of the cutting tools made by the conventional and the new techniques 

Machine 
Cutting tools made by 

the conventional 
technique, hour. 

Cutting tools made by the proposed technology 
with the number of cycles, hour 

8 10 
Lathe 98 128/112 135/120 
Planning machine 106 161/142 168/150 
Vertical lathe 84 107/85 110/100 

numerator- brazings made of 40X steel; 
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denominator - brazings made of 45 steel. 

It is seen from the above table that the cutting tools made of 40X steel deformed in the equichannel step 
die during 8 cycles have the service life 30% longer than the cutting tools made of steel 5 by the 
conventional technique. This advantage of the new technology allows us: 

1) to simplify the technology of making cutting tools and other cutting devices; 
2) to replace expensive steels used for making conventional brazings for cutting tools by cheaper steels. 
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ABSTRACT 

The steels with increased atmospheric corrosion resistance – weathering steels are profitably employed for 
traffic ways and railways steel structures (especially bridges). Against to atmospheric corrosion these steels 
are protected by self formation of stable oxide layer – patina. Structures made of these steels need not 
anticorrosive protective coating, which is their economical and ecological advantage.  

Weathering steels most widely produced in Czech Republic correspond to grade 15127 according to the 
former ČSN standards. According to ČSN EN 10025-5 the conforming grade is S355J2W. Chemical 
composition of this steel in both standards respects wide thickness range to 150 mm, material status after 
classical normalization and presently out of date level of metallurgical processes. Some alloying elements 
content, including carbon, is rather high at production of grade 15127. Carbon equivalent of these steels is 
on the top limit of CEIIW = 0,52% due to this rather high alloying, together with only moderate atmospheric 
corrosion resistance (evaluated by corrosion resistance index CRI based on ASTM G101 standard).  

Modified alloying conceptions of this weathering steel standard were suggested on the basis of literature 
retrieval and by virtue of computer simulation in TTSteel software. These modified alloying conceptions 
include low-carbon microalloyed steel, low-carbon steel with increased Si and Al content and high strength 
bainite air-quenched steel. The work presents mechanical properties of experimental steels determined via 
computer simulation in comparison with mechanical properties measured on industrial normalization 
rolled flanges from experimental semi-industrial heats. Moreover, based on the computer simulations, 
thermomechanical rolling concept for improvement of mechanical properties of these steels is presented.  

Keywords: Atmofix, weathering steel, micro-alloyed steel, thermomechanical processing, TTSteel 

 

1. Introduction 

The expenditure of steels for traffic and railroad bridges that don’t require protective paint or other coating 
increases presently especially abroad. Lower ecological stress and cost savings are the main reasons. Basic 
specific feature of steels with increased atmospheric corrosion resistance (weathering steels) are their 
ability to stepwise rust layer creation at proper atmospheric conditions. The rust layer significantly 
decrease corrosion rate. First weathering steel was patented and established at 1933 in USA. Steels marked 
Atmofix were developed in ČSSR in period after 1968. These steels were comparable to steels Corten by 
their properties. Several tens of objects were built subsequently; main representative of these objects have 
been periodically evaluated. The masts and bridges structures are the most often utilization of these steels. 

Demands of high-strength weathering steels for exacting structures rise too. Especially the Atmofix brand 
steels of grade S235W(P) and S355W(P) (according to the standard ČSN EN 10025-5) are employed mostly 
for traffic and railroad bridges in ČR. These weathering low-alloyed steels contain small amount of Cr, Cu, 
Ni, P and other elements (e.g. Mo). Their microstructure is ferrite-pearlite and they have yield strength to 
about Rp0,2 = 400MPa and real elongation value above A5 = 30% and they have rather good corrosion 
resistance CRI = 6,2÷6,5 (corrosion index according to the standard ASTM G101). Although the properties 
are sufficient for ordinary (less exacting) structures, this ferrite-pearlite concept of weathering steels has no 
more potential for another development from metallurgical and material point of view. Fig. 1. shows TTT 
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diagram of weathering steel S355J2W constructed via computer simulation in software TTSteel for more 
detail approach on this steel. 

Worldwide development of high-strength steels with enhanced atmosphere corrosion resistance have been 
raised by constructions of exacting traffic and railroad bridges in coastal areas with increased chloride 
content in atmosphere (increased salinity). Concept of weathering steel with increased Ni content (to 3% 
wt. Ni) was developed several years ago. However higher Ni content essentially increase cost of steel and 
embarrass its recycling. These are the main reasons for partial leaving this alloying concept. Based on 
thermodynamical stability analysis of various corrosion patterns (Fe-X systems) it was determined that in 
metallurgy common elements Si and Al have potential to create stable complex oxides with Fe. Moreover Si 
and Al haven’t negative influence on steel recycling. No mater about Si and Al content in steel it’s known 
the strength increase could be acquired by grain refinement.  

Hence worldwide microalloyed thermomechanically rolled steels with ferrite-pearlite microstructure are 
one of the fundamental trends in 
high-strength steels with enhanced 
atmosphere corrosion resistance 
development. Low-alloyed bainite 
(eventually ferrite-bainite) weathering 
steels are another one of present 
trends in development of high-
strength steels with enhanced 
atmosphere corrosion resistance. 

 

Fig. 1.  

Computer simulation of weathering 
steel S355J2W TTT diagram 

 

1.1 Microalloyed thermomechanically rolled steels 

Micro-alloyed steels are low carbon steels with classic ferrite-pearlite microstructure. Number of authors 
have studied alloying elements influence [e.g. 2-4], corrosion layer structure [e.g. 5-7] and another 
corrosion properties/behaviors. Zhang [8] indicates that pearlite in weathering steel 09CuPCrNi deteriorate 
corrosion resistance (determined at accelerated corrosion test in synthetic salt spray). Chen [9] studied 
low-carbon microalloyed steels with various microstructures (pure ferrite, ferrite- pearlite and ferrite-
bainite). Although the results weren’t fully clear (due to employed procedure) the lowest corrosion 
resistance showed steel with ferrite-pearlite microstructure. Formation of pearlite phase is strongly 
restricted due to specific chemical composition at microalloyed thermomechanically rolled steels. 
Extraordinary mechanical properties are acquired at these steels by virtue of fine-grained microstructure. 
This microstructure is result of microalloying, eventually in combination with suitable thermomechanical 
processing. E.g. Nishimura [10] in his work quenched slab from temperature 1100°C to 650°C. In 
temperature interval 650°C to 500°C he subsequently carried multi-pass hot rolling with total strain 95%. 
This way he acquired ultrafine-grained microstructure consisted of ferrite and cementite. Grain size of 
sample rolled at 600°C was 1µm – see Fig. 2. It is in principle same grain size like at ordinary carbon Si-Mn 
steel rolled at identical temperature. However ultimate strength of micro-alloyed steel with Si and Al was 
130MPa higher than ultimate strength of carbon Si-Mn steel. It is the effect of solid solution strengthening 
through Si and Al. Generally could have been told that steel with Si and Al shows lower elongation in 
comparison with Si-Mn steel. However due to grain refinement rolled samples from micro-alloyed steel 
with Si and Al exhibit extraordinary high elongation. Based on this findings development of steel with 
increased Si and Al content to the achievement of higher corrosion resistance and very good elongation 
due to grain refinement seems to be hopeful. 
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Fig. 2.  

Microstructure of microalloyed steel with Si and Al 
after rolling at temperature 600°C [10] 

 

1.2 Low carbon bainite steels 

In comparison with classic ferrite-pearlite weathering 
steel they exhibit higher strength due to bainite 
microstructure and excellent weldability due to low 
carbon content. Low carbon content affects 
formation of homogeny bainite too. Strength 
decrease as the result of low carbon content has to 
be compensated by suitable alloying (microalloying) 

and thermomechanical processing. Homogeny bainite fraction in microstructure induces very good 
atmosphere corrosion resistance in addition to extraordinary mechanical properties according to various 
authors [e.g. 9]. Thermomechanical processing constitutes of rolling with subsequent accelerated cooling 
for classic bainite steels. Microstructures of these classic bainite steels are presented on Fig. 3. (Fig. 3a – 
steel with 0,03% wh. of C; Fig. 3b – steel with 0,05% wh. of C). Both steel microstructures are similar; they 
mainly consist of granular bainite (GB) and bainitic ferrite (BF) with small amount of acicular ferrite (AF). 

However certain issues appear along this alloying concept employing or generally along bainite steels 
employing as steels with enhanced atmosphere corrosion resistance. From principles bainite weathering 
steel isn’t already able to comply fully with limits of standard ČSN EN 10025-5. This way framed steel 
accelerated cooled after rolling doesn’t respond to delivery conditions provided by standard beyond 
chemical composition limits exceeding. Standard ČSN EN 10025-5 provides only delivery condition +N 
(normalization annealing or normalization rolling) or +AR (after rolling) for heavy plates. This problem 
would be possibly solvable by material specification based delivering. However matter of restraint is that 
traditional Czech producer of weathering steel plates doesn’t possess technology for plates accelerated 
cooling since. At chemical composition under consideration the plate microstructure would consist of 
ferrite and pearlite with only minimal bainite volume fraction (eventually without any bainite) after free air 
cooling of plate second to rolling. We are attempting to adjust bainite weathering steel chemical 
composition in frame of project MPO FT-TA5/076 – Study of existing and newly developed weathering 
steels in respect to their usage for steel structures treatment. The experiments are headed to development 
of self-quenching bainite weathering steel.  
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Fig. 3.Weathering steels microstructure– a) steel A1 with 0,03%C – quasi-polygonal ferrite, granular bainite 
and bainitic ferrite; b) steel A2 with 0,05%C – granular bainite,  bainitic ferrite and little bit of acicular 
ferrite [4] 

2. Experiment description 

Need of increased corrosion resistance in environment with higher salinity (or in context of increased salt 
scattering) was mentioned in introduction. We took into account modern worldwide evolutionary concepts 
of steels with enhance corrosion resistance. However chemical compositions of both microalloyed 
thermomechanically rolled and low-carbon bainite steels were modified to get near standard ČSN 
EN10025-5 limits and production and technological abilities.  

Software TTSteel was employed as a support tool for these chemical composition modifications. TTSteel is 
software for construction of transformation diagrams and mechanical properties prediction of steel after 
their thermal treatment. These properties are simulated by virtue of chemical composition and initial 
austenite grain structure. 

Chemical compositions of microalloyed thermomechanically rolled steels were modified especially to get 
near standard ČSN EN10025-5 limits. Deteriorative influence of pearlite phase on corrosion resistance was 
mentioned in introduction. Two different modifications of microalloyed weathering steels were suggested. 
These steels have strongly restricted pearlite phase due to specific chemical composition. The first one 
steel has reasonably increased (to the ČSN EN 10025-5 standard top limits) Si and P content. The second 
one microalloyed steel has significantly increased Si and Al content. These elements ability to compose 
stable oxides increasing corrosion resistance was mentioned. Exact chemical compositions of both semi-
industrial heats of microalloyed weathering steels are given in Table 1. 

Chemical composition of low-carbon bainite steel has to be modified for bainite phase achievement in 
microstructure at cooling rate equal to free air cooling. Significant increase in B alloying level was carried 
out together with partly increased Mn, Ni and Mo content for the reason. Carbon equivalent of steel has 
increased in consequence of this, however still suit to limit CEmax = 0,52 for grade S355 due to standard ČSN 
EN 10025-5. Exact chemical composition of semi-industrial heat of low-carbon bainite weathering steel is 
given in Table 1. too. 

 

Table 1. Chemical structure of semiindustrial melts of steels 

Element content [% wh.] 
Heat marking 

Microalloyed Si + Al Bainite 

C 0,05 0,08 0,05 
Mn 0,9 1,2 1,9 
Si 0,5 0,7 0,3 
P 0,03 0,01 0,01 
S 0,005 0,005 0,005 
Ni 0,01 0,01 0,2 
Cr 0,55 0,2 0,4 
Mo 0,005 0,005 0,05 
Cu 0,3 0,3 0,3 
V 0,005 0,005 0,008 
Ti 0,019 0,019 0,019 
Nb 0,05 0,05 0,05 
Al 0,05 0,7 0,05 
B 0,0003 - 0,003 

CEV [%] 0,333 0,343 0,492 
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CRI [-] 6,735 6,270 6,218 

The corrosion index CRI values characterizing corrosion resistance of steel are introduced in Table 1. too. 
However these are estimative values only for steels with these alloying concepts. According to standard 
ASTM G101 corrosion index CRI was defined based on corrosion resistance results of steels with slightly 
different chemical composition (e.g. CRI doesn’t reflect elements like Si and Al). 

Semi-industrial heats were cast at temperature cca 1620°C into ingots 15HE, the ingots weight were about 
1400kg. All three ingots were rolled on blooming mill for slabs with cross section dimensions 135x250mm. 
Subsequently the slabs were rolled on universal rolling mill type of Lauth three-high mill for flanges with 
thickness 10mm; 20mm and 35mm. Finishing rolling temperatures for single thicknesses were 890°; 860°C 
and 850°C. 

 

3. Measured values and evaluations 

Mechanical properties (proof stress Rp0,2, ultimate strength Rm and elongation A5) of single flanges from all 
semi-industrial heats in conditions after normalization rolling were determinate by tension test on full 
thickness flat samples 10mm; 20mm and 35 mm (see Fig. 4. – flat samples after fracture). Mechanical 
values stated in flanges rolling direction (longitudinal direction in term of flat products testing) are 

introduced in Table 2. It’s noticeable that for 
all three thickness of all three semi-industrial 
heats high level of proof stresses were 
acquired (all values fulfill requirements of 
standard ČSN EN 10025-5 for grade S355). 
As for ultimate strength the maximal 
ultimate strength limit given by standard 
was exceeded at bainite weathering steel 
concept. Elongation values are on 
extraordinary high level (for grade S355), 
especially at steels marked “Microalloyed” 
and “Si+Al”. At “Bainite” steel elongation is 
somewhat lower, however in view of steel 
strength elongation doesn’t dramatically 
drop under requested level for grade S355 
according to standard ČSN EN 10025-5. 

Fig. 4. Tension tests flat samples with thickness 10, 20 and 35 mm after fracture 

 

Table 2. Tension test results of 3 semi-industrial weathering steel heats 

Flange 
thickness 
[mm] 

Microalloyed Si + Al Bainite 
Rp0,2 Rm A5 Rp0,2 Rm A5 Rp0,2 Rm A5 
[MPa] [MPa] [%] [MPa] [MPa] [%] [MPa] [MPa] [%] 

10 410 544 29,5 460 555 32,0 422 678 21,4 
20 397 486 33,3 443 535 31,4 405 650 24,6 
35 369 485 29,3 402 525 27,5 403 656 20,4 

 

Standard ČSN EN 10025-5 features minimal yield strength Remin = 355MPa, ultimate strength Rm = 
470÷630MPa and minimal longitudinal elongation A5 = 22% for plates with thickness under 40mm. 
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Properties of flanges with thickness 20mm with chemical composition equal to semi-industrial heats 
“Microalloyed“ and “Bainite“ predicted via computer simulation in software TTSteel are introduced in Table 
3. Featured properties are results of free air cooling simulation of flanges with thickness 20mm after rolling 
with finish rolling temperature 860°C. Cooling simulation wasn’t undertaken for steel with chemical 
composition equal to semi-industrial heat “Si+Al” since too high Si and Al content exceed range of 
calculating mathematical algorithm of TTSteel software. 

 

Table 3. Semi-industrial heats of weathering steels properties determined by computer simulation 

Properties 
Heat marking 
Microalloyed Bainite 

HV/HB/HRC 164/170/16 259/243/23 
Yield strength Re [MPa] 293 525 
Ultimate strength Rm [MPa] 485 761 
Elongation A5 [%] 35 12 
Transit temperature [°C] - 47 24 

Structure 96,2% F/  3,8% P 44,5% F/ 55,5% B 

AC3 [°C] 892 867 
AC1 [°C] 739 717 
AR3 [°C] 829 672 

Comparison of mechanical proprieties of “Microalloyed“ semi-industrial heat determined via real tension 
tests and computer simulation exhibit very good agreement at strength values and values of elongation. 
Yield strength value determined through computer simulation is lower than value determined though real 
tension test that is unfortunately typical for TTSteel software at microalloyed steels. We didn’t expect 
special accuracy at mechanical properties computer prediction of low-carbon bainite steel (cause of 
mechanical properties prediction for self-quenching steels with relatively simple mathematical algorithm 
like e.g. TTSteel uses is estimative only) so that we consider relation of yield strength and ultimate strength 
values determined via real tension tests and computer simulation as good. However real tension test 
determined elongation value is surprising for bainite steel. 

Fig. 5. and Fig. 6. illustrate computer 
simulation of TTT transformation 
diagrams for chemical composition 
equal to semi-industrial heats 
“Microalloyed“ and “Bainite“. Into 
both steels TTT transformation 
diagrams were inserted cooling curves 
representing free air cooling of 20mm 
thick flanges. 

Fig. 5.  

Computer simulation of microalloyed 
weathering steel semi-industrial heat 
TTT diagram with inserted free air 
cooling curve of 20 mm thick flange 

Microstructure investigation and providing of single phases volume fractions were carried out on samples 
from 20mm thick flanges of all three semi-industrial weathering steels heats. Classical metallographic 
preparation is composed of grinding, sanding and etching in Nital. Microstructure images with 
magnification 200x, 500x and 1000x were acquired on microscope OLYMPUS with CCD camera. 
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Fig. 6.  

Computer simulation of bainitic 
weathering steel semi-industrial heat TTT 
diagram with inserted free air cooling 
curve of 20 mm thick flange 

 

Fig. 7. illustrates microstructure from ½ of 
flange thickness from “Microalloyed“ 
weathering steel. Oxide lines in ferrite 
phase (indicated by arrow-heads on image 
with magnification 200x) are results of 

semi-industrial heats processing and could be passed away. Microstructure of “Microalloyed“ weathering 
steel is ferrite-pearlite with slight orientation in rolling direction and strongly reduced pearlite phase.  

  
Magnification 200x Magnification 500x 

Fig. 7.Microstructure of microalloyed semi-industrial weathering steel heat (image from ½ of flange 
thickness) 

  
Magnification 200x Magnification 1000x 

Fig. 8.Microstructure of microalloyed semi-industrial weathering steel heat with high Si and Al content 
(image from ½ of flange thickness) 

Fig. 8. illustrates ferrite-pearlite microstructure of “Si+Al“ weathering steel (with reduced pearlite volume 
fraction) with magnification 200x and 1000x. Microstructure is look-alike to microstructure of 
“Microalloyed“ weathering steel. Coarser oxide inclusions and incoherent pearlite lines are results 
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especially of semi-industrial heats processing again. Carbo-nitrides of titanium were detected on certain 
images. 

Fig. 9. illustrates ferrite-bainite microstructure of “Banite“ weathering steel.  Microstructure is slightly 
orientated in rolling direction. Image with magnification 500x is from ½ of flange thickness.  

  
Magnification 200x Magnification 500x 

Fig. 9. Microstructure of bainitic semi-industrial weathering steel heat (image from ½ of flange thickness) 

 

Volume fraction analysis of single samples was carried out by punctual method on ELTINOR 1000 
instrument in approx. 1000 points. Resulting volume fractions values of detected phases are introduced in 
Table 4. Real detected values of volume fraction for “Microalloyed” and “Bainite” weathering steel could 
be compared with values sat via computer simulation in TTSteel software (see Table 3. and Table 4.) 
Comparison shows nearly full agreement for “Microalloyed” weathering steel. Phase volume fraction 
computer prediction accuracy for low-carbon bainite weathering steel is very good too. 

 

Table 4. Examined phases volume fraction (determined by point method) 

Phase volume 
fraction                [% 
vol.] 

Heat marking 

Microalloyed Si + Al Bainite 

Ferrite 96,22 95,14 59,31 
Pearlite 3,78 4,86 – 
Bainite – – 40,69 

 

4. Conclusions 

Principal characteristics and potential utilization of steels with enhance corrosion resistance are suggested 
in the work. Although the most applied weathering steels in Czech Republic are the Atmofix brand steels 
worldwide weathering steel progression tends to utilization of cheaper alloying concepts and modern 
rolling technologies. In the framework of research project on the basis of literature retrieval we consider 
possibilities of weathering steel chemical composition modification in trend of modern worldwide 
evolutionary concepts however to be workable at technically-technological conditions of traditional Czech 
producer of weathering steel plates and with respect to standard ČSN EN10025-5 limits as much as 
possible. Three semi-industrial heats of experimental weathering steel were made and subsequently rolled 
for flanges with this objective. 

Very good mechanical properties of experimental flanges together with very good carbon equivalent value 
(CEV = 0,333% and CEV = 0,343%) were acquired at semi-industrial heats marked “Microalloed” and “Si+Al” 
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(for exact chemical composition see Table 2.) Microstructures of these weathering steels contain over 95% 
of ferrite what is presumption for high corrosion resistance. Another approach at these steels development 
is the rolling conditions. We tend to improve thermomechanical processing for further grain refinement 
and thereby mechanical properties improvement.  

Higher bainite volume fraction (about 40% of bainite at flange with thickness 20mm) at free air cooled 
rolled flanges (therefore without accelerated cooling of flanges after rolling) was acquired by chemical 
composition modification. Ultimate strength of flanges from this steel is very high (reach to Rm = 660MPa – 
in dependence on thickness) however yield strength is only average (proof stress values are about Rp0,2 = 
410MPa). Low elongation value doubts weren’t confirmed. Acquired elongation values are about A5 = 20%. 
However bainite fraction in microstructure is acquired for the price of higher alloying level so that carbon 
equivalent rise to value CEV = 0,492%. There are rather enough possibilities for next chemical composition 
modifications and for thermomechanical processing modification too at this steel. However low-carbon 
self-quenching bainite steel was acquired for examination of literature indications about very good 
corrosion resistance of bainite and ferrite-bainite steels. 

In the framework of research project treatment another planned works on these steels development will 
include practical evaluation of steel’s atmospheric corrosion resistance via accelerated cyclic laboratory test 
and even long-time corrosion resistance tests. 

The work was performed under financial support of MPO in the framework of research program Tandem, 
project No. FT-TA5/076. 
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Abstract 

The development of progressive technologies in rolling and cooling of different steel qualities is closely 
related to the advancement in discovering the relations between a specific chemical composition and 
microstructure plus a complexity of acquired utility properties of metallurgical products, i. e. tensile 
properties, toughness, formability, etc. The concept of controlled rolling allows to enlarge the extent of 
structural characteristics and mechanical properties of many different steels. Vanadium microalloyed steels 
rolled into rods are widely used as the input material for forged pieces in automotive industry. Based on 
theoretical assumptions, it´s possible to envisage a similar development of mechanical properties due to 
the controlled rolling applied to this type of steels. Taking into consideration high financial demands of 
experimental rolling directly in the manufacturing conditions, a series of complex experiments has been 
conducted with the aim to determine some basic materials characteristics of the investigated steel 
regarding the specific forming conditions of Continuous Light-Section Rolling Mill in Trinecke zelezarny, a.s. 

The simulations of controlled rolling of the selected steel grade have been carried out with the use of 
SETARAM plastometer in the company Materials and Metallurgical Research, Ltd., Ostrava. Anisothermal 
discontinuous trials in monophase region and torsion tests up to breaking were conducted under the 
temperature of samples set up in advance. Thus the characteristics of deformation behaviour of the 
selected steel were determined.   

Keywords: thermomechanical rolling, vanadium microalloyed steel, plastometric investigation, 
microstructure analysis, mechanical properties, APZ/SIM, SETARAM – MMV  

 

1.  INTRODUCTION 

Development of advanced processes of controlled rolling and cooling of various grades of steels is closely 
tied to a progress in understanding the relationships between the chemical composition and microstructure 
and the aggregate of end-use properties of metallurgical products, such as strength, toughness and 
formability.  

It appears that the most effective techniques for improvement in mechanical properties of steels include 
grain refinement and dispersion strengthening by means of small additions of elements forming carbides, 
nitrides and borides, modification of hot rolling processes and controlled cooling from finish-rolling 
temperatures. Application of the results makes it possible to produce materials with excellent properties at 
rather low cost in terms of material, investment and energy. Třinecké železárny, a.s. has created conditions 
for implementation of normalizing rolling and thermomechanical rolling based on physical-metallurgical 
scientific research. 
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The main goal of the research was to perform plastometric experiments involving physical simulations 
using a selected steel grade. The purpose was to evaluate deformation behaviour of the selected steel used 
in automotive industry for production of chassis components.    

 

2.  EXPERIMENTAL 

Experiments were carried out using SETARAM – MMV universal torsion plastometer at Metalurgický a 
materiálový výzkum s.r.o. company based in Ostrava. Basic research into plastometric testing of 
deformation behaviour was performed with the 38MnVS6 steel grade. The chemical composition of the 
steel in question is shown in Table 1. 

The SETARAM – MMV plastometer is a computer-controlled universal torsion testing machine. It allows 
pure torsion testing within a wide range of testing temperatures and combined torsion-tension testing and 
pure tension testing [1].  

With these features, it is possible to generate a variety of stress states and thus derive general data from 
hot plasticity testing, e.g. the Kolmogorov diagram.   

The conventional programme consisted of a set of interrupted torsion tests. Their purpose was to explore 
the effects of thermal-mechanical and metallurgical parameters on deformation resistance, formability of 
materials and mathematical descriptions of dynamic recrystallization kinetics [2]. The investigated 
parameters included, in the first place, temperatures, strain magnitudes and rates. The information would 
be used for experimental analysis. 

 

Table 1.  Chemical composition of researched steel 38MnVS6 (%) 

C Si Mn P S Cr Ni V 

0,388 0,612 1,390 0,013 0,036 0,15 0,021 0,104 

Experimental material was cut off of a section which was produced by rolling a 150 mm square billet in four 
passes to obtain a 100 mm round bar. A 10 mm surface layer was removed from the bar by turning. The bar 
was made into a 80 mm O.D. and 60 mm I.D. tube by drilling with a 60 mm drill bit. Experimental materials 
were machined from this tube [3].  

Basic mechanical properties of the steel are listed in Table 2. 

 

Table 2.  Mechanical properties of the examined 38MnVS6 steel 

Sample 

Sample 
dimensions 

Tensile 
strength 

Tensile 
strength 
average 
value 

Proof 
stress 

Elongation 
Elongation 
average 
value 

Reduction 
of area 

Reduction 
of area 
average 
value 

d Rm
 Rm

 Rp0,2 A5 A5 Z Z 

[mm] [MPa] [MPa] [MPa] [%] [%] [%] [%] 

1 5.94 910.4 

921.7 

682.4 14.0 

15.9 

34.7 

41.7 2 5.95 939.3 647.3 17.3 45.3 

3 5.94 915.5 677.9 16.3 45.1 

 

2.1   Plastometric experiments 

A non-isothermal interrupted test (APZ) was carried out at continuously decreasing temperature in the 
forming and finish-forming temperature regions and at conditions similar to those in a light-section rolling 
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mill. APZ tests at decreasing temperatures, with selected strain magnitudes and rates and interstage delays 
are focused on the effects of accumulation of strain on the deformation resistance and state of 
microstructure [3].  

The tests included a pre-heating stage with a temperature of 1,300°C and holding time of 300 s. Thereafter, 
the temperature was decreased to the deformation temperature of 1,000°C with a holding time of 60 s and 
the deformation steps of 0.5 s were realized with delays of 2 s and velocity of 8 min-1. According to (1), this 
corresponds to a strain magnitude in one step of about 0,01. After the first deformation, the heating 
system was switched off and the material cooled down in air. The total number of deformation steps was 
35. The small strain magnitudes were selected for more effective determination of the phase 
transformation temperature. 

Results of the torsion tests were evaluated using special software SIGMACON which provides all important 
information on the continuous torsion test [3].  

The mean strain is calculated using the representative diameter based on equation (1) and the mean 
deformation resistance according to (2).  
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An example of evaluation of the test is shown in Fig. 1. as a deformation resistance (MDR) vs. average 
temperature at deformation graph. Fig. 1. shows a visible point of change in the trend at the temperature 

of about 710°C.  

 

Fig. 1.   

Mean deformation resistance vs. 
average deformation 
temperature of the examined 
steel 

 

APZ tests were then carried out 
using conditions approximating 
to those of the final section of 
the light section rolling mill. The 
specimens were pre-heated to 
1,200°C with the holding time of 

300 s and subsequently cooled down to the temperature of the first forming step of 1,000°C with the hold 
of 60 s. Then, 9 deformation steps were carried out at 200 revolutions per minute and deformation time of 
0.56 s, with delays of 5 s. The purpose of this stage was to simulate the final stage of rolling in a light 
section rolling mill. After the ninth deformation step, the cycle continued in a different fashion to simulate 
the controlled cooling of rolled products. The heating system was switched off and the torsion cycle was 
modified: the torsion velocity changed from 200 to 8 revolutions per minute and the forming time from 
0.56 s to 0.5 s. The strain rate was decreased considerably to suppress thermic effect of deformation during 
declining temperature and change of the stress dependence characteristic on strain or temperature to be 
able to show changes in microstructure. The delays between the deformation steps were reduced from 5 to 
2 seconds. The strain decreased from 0.26 to 0.01. This cycle was used for the remaining 23 deformation 
steps [3]. The total number of deformation steps was 32. 
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The results are shown in figures 2 and 3 with stress-strain plots (Fig. 2.) and a deformation resistance vs. 
deformation temperature graph (Fig. 3.). Like Fig. 1., figures 2 and 3 indicate substantial changes in the 

relationships which occurred below 765°C 
(Fig. 3.) and upon the 9th deformation step 
(Fig. 2.). However, this is not an effect of the 
phase transformation but a substantial 
change in deformation conditions. At 
temperatures below 650°C (Fig. 3.), an 
influence of temperature mode modification 
occurs, when the temperature of the 
specimen is not controlled automatically and 
its behaviour is influenced by the 
microstructure changes during cooling 
process. 

 

Fig. 2. Stress- strain relationship for the steel in question 

 

The comprehensive research included 
interrupted tests for the purpose of 
assessment of interaction of restoration 
processes and expected precipitation of 
vanadium compounds. Specimens were 
heated to 1200°C with the hold of 300 s. 
Subsequent cooling down to deformation 
temperatures included 900°C, 850°C and 
800°C alternatives. There were four 
deformation steps at 200 revolutions per 
minute, 0.4 seconds each, with 

 

 

Fig. 3. Mean deformation resistance vs. deformation temperature of the examined steel 

 

1, 5, 10 and 30-second delays between 
them. Based on the equation (1), 
deformation with the mentioned 
parameters introduces the strain of 
about 0.18. Results of this experiment 
include the stress-strain relationships. 
For 900°C, the plots are shown in Fig. 
4., comprising effects of individual 
delays between deformation steps [3]. 

 

 

 

Fig. 4. Interrupted tests at 900°C - stress - strain relationship 
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Continuous torsion tests to fracture were also performed at temperatures of 900, 850 and 800°C. The 
deformation parameters were as follows: 200 revolutions per minute with actual strain between 1.5 and 
2.1, depending on the temperature. The results included stress-strain relationships for respective testing 
temperatures (Fig. 5.).  

 

2.2  Study of microstructure of specimens of examined steels processed in a plastometer 

Microstructure of the specimens processed in a plastometer was examined. Specimens were pre-heated to 
1,200°C with the holding time of 10 minutes. Then, the temperature was decreased to the deformation 
temperature of 1,000°C and held for 1 minute. The differences between specimens lie in the deformation 

cycles and the number of deformation steps. 
APZ/SIM stands for a non-isothermal 
interrupted test with 32 deformation steps. 
Its schedule is shown in Fig. 2. and 3. TPZ 
stands for tests involving no deformation 
and performed either with air-cooling or 
quenching.  APZ with IPZ stands for a 
combined non-isothermal and isothermal 
interrupted test with 10 deformation steps. 
Specimen 23 was taken from the test bar 
head. Overview of tests can be found in 
Table 3. 

 

Fig. 5. Continuous torsion tests to fracture - stress-strain relationship 

 

Table 3. Overview of deformation and cooling parameters for the purpose of metallogr. observation 

Specimen 
Pre-heating 

temperature 
[°C] 

Deformation 
temperature 

[°C] 
Type 

No. of def. 
steps 

Note 

1 1200 1000 APZ/SIM 32 Air-cooling 

2 1200 1000 TPZ 0 Air-cooling 

3 1200 1000 APZ with IPZ 10 Quenched 

4 1200 1000 TPZ 0 Quenched 

  

Fig. 6. Microstructure of the 38MnVS6 steel - 
initial state, magnification of 500x 

Fig. 7. Microstructure of the 38MnVS6 steel 
grade - upon deformation - specimen 1, 
magnification of 500x 
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Fig. 8.  Macrograph of the threaded test bar head Fig. 9. Microstructure of the 38MnVS6 steel 
grade-region 2-specimen 2,magnification 
of 500x 

  

Fig. 10. Microstructure of the 38MnVS6 steel 
grade - upon deformation - specimen 3, 
magnification of  500x 

Fig. 11.  Microstructure of the 38MnVS6 steel 
grade - upon deformation - specimen 4, 
magnification of 500x 

Microstructures in selected specimens were very similar in appearance, depending on the cooling method: 
quenching or air-cooling. Microstructures of specimens were examined and documented in half-thickness 
of the metallographic section. The specimen no. 2 which was not subjected to mechanical deformation but 
processed with the TPZ cycle in the plastometer, showed sulphide inclusions elongated in the direction of 
the longitudinal axis of the test bar. Microstructures of specimens 1 and 2 consisted of pearlite and ferrite. 
Etching of specimen 2 revealed distorted and partly elongated microstructure in its centre. The opposite 
end of the specimen (area with minimum strain near the test bar head) contained coarser grain than the 
area which was subjected to maximum deformation.  

The non-deformed threaded head of the test bar 2 (Fig. 8.) consisted of three distinct areas visible with a 
naked eye. The end of the test bar (area 1) showed coarse and irregular pearlite blocks. Uniform ferrite-
pearlite microstructure was revealed in the fine-grained (area 2, Fig. 9.) region. Microstructure of the 
thread (area 3) showed directional alignment along the longitudinal axis of the test bar [3]. 

Elongated sulphides were observed in polished form. Oval inclusions were collateral with longitudinal axis 
of the test bar by unstrained specimen No.3 (Fig. 10.). Martensite structure of the specimen No.4 (Fig. 11.) 
was markedly coarse-grained then non-deformed specimen.  

1 2 3 
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3.  CONCLUSIONS 

APZ tests for the purpose of recording the deformation behaviour of steels in dependence on temperature 
and deformation parameters were performed using the SETARAM - MMV torsion plastometer. It is possible 
to determine the temperature of the start of transformation of austenite into ferrite-pearlite for the given 
steel.  

The group of IPZ tests provided a comprehensive set of data for mathematical description of restoration of 
the steel grade in question [4]. Plastometric simulations based on interrupted tests using pre-heating were 
carried out at three different deformation temperatures and with four delays. Microstructures of 
specimens consisted of pure martensite. Etching to reveal prior austenite grain size was not performed.  
Etching for prior austenite grain boundaries using picric acid will be employed upon heat treatment for 
revealing the austenite grain on one set of specimens for a selected temperature. 

Upon plastometric simulations using interrupted torsion tests (APZ) with pre-heating, metallographic 
analysis of the material was conducted, focusing on the sub-surface region in the middle of the length of 
the test bar. Previous knowledge [5] on the negligible effect of the thermal cycle of forming on the initial 
ferrite-pearlite microstructure of the examined steel grade at typical deformation temperatures was 
confirmed. 
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Abstract 

Presently the demand for rolled-out material in coils is augmented by the majority of steel manufacturers 
who specialize themselves in the drawing of SBQ steels. Generally, the main reason for that is conditioned 
and supported with a simpler in-situ manipulation and pulling in the drawing-line. Within the scope of 
revamping the Light-Section Rolling Mill of TŽ, a.s. and expanding contemporary assortment of steels, a 
brand new Garret-type winding line has been installed. This facility is fully capable of processing the 
material of the required parameters. Overall contributions of the new investment lie not only in the 
production possibilities of 2-tonne coils or in an enhanced system of binding and pressing, but mainly in 
new controlled rolling options. However, there´s a significant difference between cooling of coils and bars 
determined by natural convection – hence it´s nowadays important to optimize thoroughly the technology 
of controlled cooling of SBQ steels with respect to different steel qualities. A controlled cooling simulation 
incorporating the laboratory analysis of specific steel samples belong among progressive methods to 
effectuate such optimization without any time and financial stress imposed upon the rolling facility due to 
additional trials and sampling.  

The simulation has been accomplished at VŠB - TU of Ostrava under the conditions of laboratory rolling 
train TANDEM. A few low-carbon steels have been used with aim to determine the influence of final rolling 
temperature and the way of cooling in Garret winding machines on the final microstructure and mechanical 
properties of a case-hardening steel used in this article. The objective was based on optimizing the 
temperature conditions for controlled rolling and cooling at the Light-Section Rolling Mill – the samples 
taken from rolled-out products were analysed both metallographically and mechanically (tensile tests) to 
determine final mechanical properties of thus processed material. 

Keywords: continuous light mild, coiling line, SBQ steel, thermomechanical rolling,case hardening steel, 
controlled cooling, rolled coil, laboratory rolling, microstructure analysis, mechanical 
properties 

 

1.   INTRODUCTION 

Development of rolling at controlled temperatures, i.e. finish rolling at a defined temperature and 
temperature control before transfer of products to the cooling bed, took place in bar rolling plants at the 
end of 1980’s. However, general studies of controlled rolling and related experiments leading to 
improvement in mechanical properties date back to 1950’s and 1960’s [1, 2]. The ever increasing customer 
requirements comprise a new trend beside the traditional demand for high-quality rolled material with 
specific mechanical and microstructural properties achievable through controlled rolling or cooling. It is a 
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demand for delivery of bars or coils, which is the form of product preferred by a number of customers due 
to further processing requirements.     

In view of this fact, new Garret coiling line was installed and research into its use has been initiated at the 
university. The investigation was focused on wide-scale utilization of capabilities of the line in controlled 
rolling of SBQ-type steel for coiling and on optimization of controlled cooling processes which has major 
impact on final mechanical properties of the processed material. This includes optimization of finish-rolling 
temperatures in relation to coiling temperatures and their influence on resulting properties of the material.  

At this initial stage of investigation, tests and experiments on site would be very ineffective due to required 
stoppages and resulting financial losses. For this reason, it was necessary to rely on laboratory experiments. 
Within certain boundaries, it is possible to accurately simulate the real-world conditions of rolling of steel 
bars. 

Simulations of controlled cooling of specified case-hardening steel grade were conducted in the TANDEM 
rolling mill installed at VŠB - TU of Ostrava. Case hardening is a thermochemical treatment process, 
whereby the surface of, typically, low-carbon steel becomes enriched with carbon from a solid, liquid or 
gaseous medium. The resulting carbon concentration in the case is either eutectoid or slightly hyper-
eutectoid; normally between 0.7 and 0.9%. The purpose is to achieve high hardness and wear resistance of 
the surface of the part combined with tough core of the part [3]. 

The primary objective of the laboratory simulation was to determine the influence of the finish-rolling 
temperature and cooling in Garret coilers on microstructural and mechanical properties of the material.  
Microstructure of rolled products was examined by metallographic observation and tensile testing of the 
material at room temperature was performed. 

 

2.   EXPERIMENTAL 

Low-alloyed case-hardening 16MnCrS5 steel with carbon content of 0.182% was used for the experiment. 
The as-delivered material consisted in croppings from continuously-cast 150 x 150 mm sections. Specimens 
with h:16 mm, w:40 mm and l:130 mm were prepared for laboratory rolling. All specimens were heated to 
1,100°C in an electric resistance furnace. Each specimen was rolled in reversing fashion in both two-high 
rolling stands of the TANDEM mill [4]. A workpiece with a thickness of 10 mm was produced by two 
roughing passes. The initial as-cast microstructure of the piece became refined by repeated static 
recrystallization.  

The following processing stage consisted in air-cooling of the product to a defined finish-rolling 
temperature and two consecutive passes. The average thickness of the final product was 6.4 mm. Total 
height reduction achieved in final rolling operations was therefore about 36%. During rolling and cooling, 
the surface temperature of specimens was measured by 2 pyrometers and 2 high-speed scan-
thermometers.  

Finished rolled products were cooled by 3 different methods: 

� air-cooling at an average rate of 3.3°C/s  

� slow cooling in a furnace at 600°C for 10 to 20 minutes (depending on the finish-rolling temperature) 
immediately upon the final rolling operation 

� a similar furnace cooling process applied upon cooling of the product down to coiling temperature by 
repeated passages through water sprays. 

An electric resistance furnace heated to 600°C was used for simulation of slow cooling of material in the 
Garret coiler. Holding times in furnace were calculated by simplified computer simulation of cooling of a 
steel workpiece of given size. After reaching 600°C, the specimen was removed from the furnace and air-
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cooled down to room temperature. Where needed, the specimen was carefully straightened in a press at 
about 500°C. Table 1. contains parameters of the rolling and cooling processes for specimens. The chart in  

 

Table 1.  Specimen processing parameters 

16MnCrS5 

Specimen 
Temperature 

Cooling Specimen 
Temperature 

Cooling Finish-
rolling 

Coiling Finish-rolling Coiling 

M3 980 980 Furnace M7 870 780 Furnace 

M4 870 870 Furnace M8 980 980 Air 

M5 980 910 Furnace M9 870 870 Air 

M6 980 870 Furnace M10 980 840 Furnace 

 

 

 

Fig. 1. Temperatures and rolling forces measured in processing of M7 specimen (finish rolling temperature 
of 870°C / water spray / coiling temperature of 780°C) 

 

Fig. 1. shows an example of rolling force F [kN] and surface temperature T [°C] values as recorded by a 
computer during water spray cooling and air cooling of rolled products. 

 

2.1    Microstructure analysis 

On cooling, the rolled pieces were sectioned to obtain specimens for metallographic observation and for 
tensile testing. The microstructure was observed in longitudinal direction - on a vertical cross-section in the 
centre (half-width) of the product.  

Microstructure of air-cooled products consists of phases formed by hardening, ferrite grains and pearlite 
islands. The number and size of the latter increased with decreasing finish-rolling temperature, see Fig. 2. 

Microstructure formed during slow cooling in a furnace consisted of ferrite and pearlite. Lower finish-rolling 
temperature led to formation of finer grain but also to more pronounced banding, as shown in Fig. 3. and 

Temperatures  T [°C] Rolling forces  F [kN] 
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Fig. 4. The use of a water spray slightly reduced the banding and resulted in formation of finer grain. When 
coiling was preceded by application of a water spray, the impact of the coiling temperature on 
microstructural characteristics was indistinct. 

  
a)  M8 → finish-rolling at 980 °C / air b)  M9 → finish-rolling at 870 °C / air 

Fig. 2.  Microstructure of air-cooled 16MnCrS5 steel specimens 
 
  

  
a)  M3 → finish-rolling / furnace b)  M5 → water spray cooling to 910 °C / furnace 

  
c) M6 → water spray cooling to 870 °C / furnace d) M10 → water spray cooling to 840 °C / furnace 

Fig. 3.  Microstructure of furnace-cooled 16MnCrS5 steel specimens  upon finish-rolling at 980°C 
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a)  M4 → finish-rolling / furnace b) M7 → water spray cooling to 780 °C / furnace 

Fig. 4.  Microstructure of furnace-cooled 16MnCrS5 steel specimens upon finish-rolling at 870°C 

 

2.2    Mechanical properties 

Two specimens for room temperature tensile test according to standard ČSN EN 10 002-1 were cut 
from every examined rolled piece in longitudinal direction.  Measured values included yield strength 
Rp [MPa], ultimate tensile strength Rm [MPa] and elongation A5 [%]. The results are shown in Table 2. 
The coiling temperature was selected as the independent variable for plotting the chart, as the 
influence of the finish-rolling temperature had not been identified due to the data scatter. 
The graph in Fig. 5. clearly shows that neither finish-rolling nor coiling temperatures within the ranges 
used had any notable impact on the strength of the material. However, this only applies to specimens 
cooled slowly in the furnace. Air-cooled products showed markedly higher yield and ultimate 
strengths and lower elongation in all cases. Plasticity properties of furnace-cooled specimens show 
slight dependence on the coiling temperature Tn. 
 

Table 2.  Mechanical properties of laboratory-rolled products of 16MnCrS5 steel 

16MnCrS5 

Specimen 
Temperature 

Cooling 
Yield 
strength 
[MPa] 

Strength  
[MPa] 

Ductility   
[%] Finish-rolling Td [°C] 

Coiling 
Tn [°C] 

M3 980 980 
Furnace 
Furnace 

347 538 26.4 
355 539 31.2 

M4 870 870 Furnace 
378 555 28.2 
379 550 24.0 

M5 980 910 
Furnace 
Furnace 

345 534 23.0 
344 538 23.4 

M6 980 870 Furnace 
337 539 25.0 
335 542 25.6 

M7 870 780 Furnace 
355 540 24.4 
349 541 26.2 

M8 980 980 Air 
494 819 18.2 
493 821 19.4 

M9 870 870 Air 
477 792 16.0 
479 789 19.2 

M10 980 840 Furnace 
318 528 27.8 
315 526 23.0 
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Fig. 5.  

Dependence of mechanical 
properties of rolled products of 
16MnCrS5 steel on the coiling 
temperature 

 

3.   SUMMARY 

Physical modelling using TANDEM 
laboratory rolling mill at VŠB – 
Technical University of Ostrava was 
employed for investigation of the 
effect of finish-rolling temperature 
and cooling in Garret coilers on 

microstructural and mechanical properties of selected 16MnCrS5 case-hardening steel grade. 

Examined variables included the temperature of entry in the ASC (Automatic System Control) stand in the 
KJT (light section rolling mill), the coiling temperature and, additionally, the type of cooling of the rolled 
products (3 types of cooling). Heating of the rolled product in an electric resistance furnace served as 
simulation of slow cooling of the material in a Garret coiler. Holding times in a furnace were calculated by 
simplified computer simulation of cooling of a steel workpiece of given size. The microstructure of 
16MnCrS5 steel upon slow cooling in a furnace consisted of ferrite and pearlite. Lower finish-rolling 
temperature led to formation of finer grain but also to more pronounced banding. When coiling was 
preceded by application of a water spray, the impact of the coiling temperature on microstructural 
characteristics was indistinct. Microstructure of air-cooled products consists of phases formed by 
hardening, ferrite grains and pearlite islands, the number and size of which increased with decreasing 
finish-rolling temperature. 

Mechanical properties measured by room temperature tensile tests are in line with the results of 
metallographic analysis of individual steels. An important finding was the fact that the achieved strength 
and plasticity can be correlated with sufficient reliability only with the coiling temperature (780 – 980°C), as 
the effect of coiling temperature completely prevails over the effect of finish-rolling temperatures (870 – 
980°C). The strength of the steel upon simulation of slow cooling in the coiler was virtually independent of 
the coiling temperature. Elongation values show mild dependence on the coiling temperature with 
indistinct local maxima at about 870°C. Yield stress and ultimate tensile strength of the steel, however, 
considerably increased upon faster air-cooling, which was accompanied by a decrease in elongation in all 
cases. The results suggest that incorporation of slow cooling of rolled products in Garret coiler has 
substantial impact on microstructural and mechanical properties of the steels in question: causing an 
increase in plasticity and decrease in strength. 

The experiments were performed with the aid of technical equipment developed under the research plan 
no. MSM 6198910015 (Ministry of Education, Youth and Sports of the Czech Republic). 
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ABSTRACT 

The purpose of this study was to identify the cause of a defect formed on the side of a rolled special 
section. The defect was classified as a lap on the basis of micrographs. With respect to the position of the 
defect and to its irregular occurrence, a hypothesis was framed that the defect was caused by increased 
wear of first roll pass. In order to verify this hypothesis, computer simulation of rolling of the section was 
performed. It included alternatives using new and worn rolls. The amount of wear of rolls was intentionally 
defined as higher than actually possible in order to increase the probability of defect formation in 
mathematical modelling. 3D simulation software Forge2005 was used for the modelling process. The 
simulation showed that due to the wear of rolls, the width of the section increased markedly prior to 7th 
reduction. As the forming process in 7th reduction takes place in completely closed set of roll pass no. 2, 
i.e. with restricted expansion, it was identified as the possible instant of flash formation. This flash then 
may form the lap in the following reduction. The assumption was confirmed using mathematical modelling. 
The mathematical model showed that the probability of formation of the lap in 8th reduction was 70%. The 
most probable location of the lap formation according to the model matches the locations of actual 
defects. This study resulted in a recommendation for monitoring the level of wear on the first roll grooves 
and for observation of its impact on the section shape prior to its entry in the 2nd roll pass in 7th reduction. 

Keywords: FORGE 2005, roled section, computer simulation, FEM-based mathematical modelling 

 

1. INTRODUCTION 

Development of computer technology offers ever more elaborated and some novel mathematical 
modelling methods for description of materials response to rolling. Research in this field has been 

undertaken by a number of experts who proposed 
numerous particular models [1-5]. The study deals 
with the use of mathematical modelling using 
software FORGE 2005 for identification of a cause of 
defects in shaped sections [6]. This is another field, 
apart from finding the distribution of thermal and 
mechanical quantities on the cross-section of the 
rolled product, where mathematical modelling can 
be applied to real-world operation problems [7]. 
Application of FEM-based mathematical modelling 
for roll pass sequence design and verification is still 
disputable. 

 

Fig. 1. Defects situated on the surface of special 
section 
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2.  FORMULATION OF HYPOTHESIS OF DEFECT FORMATION 

The type of the defect is shown in the photograph in Fig. 1. They are two parallel grooves appearing 
irregularly on the side near the special section ridge. Microstructure analysis was performed (Fig. 2.) in 
order to classify the type of the defect: a crack or a lap. With regard to the shape of the defect and 
apparently decarburized microstructure in its vicinity, a hypothesis was formulated that the defect is a 
result of a flash rolled into the surface. The flash would be formed by flow of excess metal in the previous 
roll pass. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 2. Microstructure analysis of defect, transverse section 

The analysis of the schedule of reductions (table 1 only lists first 7 reductions relevant to the solution of the 
problem. The remaining data will not be published owing to the rules of the manufacturing secret) suggests 

that (with regard to the defect location) the defect forms during 
the eighth reduction or that there is overflow of material in the 
roll pass in the seventh reduction. There might be several causes 
of the material overflow in the roll pass 2 (Fig. 3.) in the seventh 
reduction (variations in the entry cross-section, temperature and 
rolling speed drop and resulting greater sideways expansion). 
Considering the temporal distribution of occurrence of the 
defect, the most probable cause of the material overflow in 2nd 
roll pass during 7th reduction is the increased wear in the box 
pass 1. Of the whole series, the box pass was used the most (in 5 
instances in total), while the roll pass 2 was used twice and the 
remaining roll passes were used once each. This resulted in 
increased wear of the box pass, which might lead to the 
suggested roll pass material overflow. 

 

 

 

Fig. 3. Roll pass 2 
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Table 1 Rolling parameters 

Pass Roll pass 
HxB hot dimension 

(mm) 
Roll setting 

(mm) 
Tilting prior to 

reduction 
Time (s) 

 N 80 x 80   0 

1 1 77 x 81 +57  24 

2 1 67 x 72 +47 90° 28 

3 1 48 x 79 +25 90° 37 

4 1 28 x 95 +8,3  47 

5 2  +20 90° 56 

6 1  +8,5 90° towards motor 66 

7 2  -0,5 90° from motor 76 

 

2. FE ANALYSIS 

The actual simulation was performed with the aid of a 3D forming simulation tool: FORGE 2005. Two 
alternatives were calculated. The first alternative involved roll pass 1 with no wear, while the second one 

concerned a worn pass 1. The roll 
shapes used in the model are shown in 
Fig. 4. As no actual worn roll was 
available, the amount of wear was 
defined by mathematical statistic 
techniques. The contour of top and 
bottom surfaces of the box pass 1 
matched the Gauss curve, where 
highest wear, 4 mm, was in the pass 
centre. This is, by estimate, about twice 
as much as the value which might occur 
in actual rolling. However, it will 
increase the probability of identification 
of possible defect. 

Fig. 4. New roll (left) and a worn roll (right) 

 

As the arrangement of the problem is non-symmetric and 7 reductions were used (the length of the 
product during rolling and the complexity of calculation increased), coarse finite element mesh in the 
centre of the workpiece was used. The surface mesh was, understandably, finer to facilitate detection of 
defect origin. A similar procedure was used for creation of mesh in the rolls (Fig. 5.). 

The calculation was stabilized with additional tools simulating the function of entry guides. The correct use 
of such tools is described in detail in [8]. 

Initial and boundary conditions of the mathematical model are defined in Table 2. Chemical composition of 
28Mn6 steel used is shown in Table 3. Fig. 6 shows a plot of flow stress of the steel. 
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Fig. 5. Finite element mesh in the workpiece and 
rolls; prior to first reduction. 

Fig. 6. Flow stress of 28Mn6 steel 

 

Table 2 Initial and boundary conditions of the FE simulation 

Main proportions Boundary conditions 

Initial proportion 
h0 = 80 mm 
b0 = 80 mm 
l0 = 210 mm 

Friction  = 0,3 

Final length l8 = 820 mm Rolls velocity  = 50 rpm 

Rolls diameter R = 243 mm Thermal exchange with rolls  =10 000 W.m-2.K-1 

Initial conditions Thermal exchange Air computation 

Rod temperature T0 = 1 200 °C Symmetry NO 
Roll temperature TR = 20°C Plain of symmetry - 

Ambient temperature Ta = 20°C FEM formulation Rigid-plastic 

 

Table 3 Chemical composition of 28Mn6 steel [wt. %] 

C Si Mn P S Cr Mo Ni V Cr + Mo + Ni 

0.25 – 0.32 0.4 1.3 – 1.65 0.035 0.035 0.4 0.1 0.4 - 0.63 

Note: Si, P, S, Cr, Mo, Ni a Cr + Mo + Ni: the top limits are listed 

 

4.  DISCUSSION OF RESULTS 

The change in the shape of the rolled product during first 8 reductions for both alternatives of calculation is 
shown in Figs. 7. to 13. 

First two reductions took place in roll pass 1 without tilting. Apart from the difference in the product height 
(which is the direct result of roll wear in roll pass 1), Fig. 8. shows the expansion in the central region of the 
rolled product (producing a slight barrel shape). This barrel shape is even more pronounced after third 
reduction, which was preceded by tilting (Fig. 9.). After fourth reduction (Fig. 10.), the maximum difference 
in width and height of the product is 2.92 mm and 8.86 mm, respectively. 
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Fig. 7. Dimension of rolled section after 1st reduction; left – new rolls; right – worn rolls 

 
 

Fig. 8. Dimension of rolled section after 2 nd  reduction; left – new rolls; right – worn rolls 

 
 

Fig. 9. Dimension of rolled section after 3rd   reduction; left – new rolls; right – worn rolls 

Roll pass 2 was used for fifth reduction (however, the roll pass is not fully closed here, see Fig. 11.), after 
which not only considerable product width variation (almost 9 mm) was observed but also marked 
difference between smoothness of surface of products resulting from two different alternatives. The 
alternative involving worn rolls shows points of inflexion in locations of edges of side walls of the roll pass. 
The subsequent rolling in roll pass 1 (Fig. 12.) cannot reverse such tendency. In 7th reduction (Fig. 13.), in a 
fully closed roll pass 2, flash forms on both sides of the roll pass. The flash on the side of the nose appears 
to be more prone to lap formation, as it is longer and more steep. Fig. 14. shows the result of 8th reduction 
and isosurfaces of probability of lap formation. The side of the nose represents the probability of 0.7, while 
the opposite side exhibits the value of no more than 0.3. The region with highest probability of lap 
formation well matches the location where the actual defect was found in the rolled product. 
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Fig. 10. Dimension of rolled section after 4th   reduction; left – new 
rolls; right – worn rolls 

 

Fig. 11.  
Dimension of rolled section after 
5th   reduction; left – new rolls; 
right - worn rolls 

 
 

  

Fig. 12. Dimension of rolled section after 6th   reduction; left – new 
rolls; right – worn rolls 

Fig. 13.  
Dimension of rolled section after 
7th   reduction; left – new rolls; 
right - worn rolls 

 

Fig. 13.  

Probability of lap formation after 8th  

reduction, worn rolls 

 

 

 

 

 

 

 

5.  CONCLUSION 

Mathematical analysis of rolling of a special section showed that formation of the defect may be the result 
of greater expansion in roll pass 1 due to its greater wear. The cause of the defect can be precisely 
confirmed by means of a pilot experiment and by consistent monitoring of key parameters which are the 
suspected cause of sideways expansion. In addition to the above mentioned roll wear, these may include 
the variability in input dimensions, temperatures (temperature profile), rolling speed and chemical 
composition of steel. 

Defects of such type (both in terms of shape and effect on microstructure in their vicinity) can be observed 
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in other sections in other rolling plants (e.g. railroad rails). They tend to form in locations where rolling of a 
flash into the surface can be expected. Mathematical modelling is the optimum technique for identification 
of the defect cause. 
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Abstract 

The ferromanganese TWIP steels with content of 17 to 20 % of manganese are fully austenitic and non-
magnetic, without any phase transformation. Owing to the claiming of the twinning mechanism the TWIP-
steels are able to satisfy a great number of technical requirements for production of cars of the new 
generation. The primary experimental results of the TWIP-steels show the high end tensile strength of 600 
to 1100 MPa und extreme values of ductility at intervals from 60 % to 90 %. Through the method of plasma 
and vacuum melting there were prepared alloyed castings Fe-Mn-C. The samples with dimension of 8,5 x 15 
x 20 mm were put to plasto-metrically checking (PSCT) on the Gleeble 3500. As variables there were 
selected temperatures from 900 ºC to 1100 ºC. The tests were both continuous with the deformation e = 
0,8 as discontinuous with the consecutive deformations e1 up to e3 = 0,3 and with the terms between the 
draughts from 1 second to 100 seconds. The major section of the experimental works was focused on the 
monitoring of the influence of the forming work on the structural and the mechanical characteristics of the 
highly solid TWIP-steels Fe-Mn in dependence on the different chemical structure of the particular samples. 
The objective of this contribution is the evaluation of the dependence tension/deformation, determination 
of the constants for the mathematically equations for tension/deformation and determination of the point 
of the softening of the structure X. 

Keywords: plasto-metrically checking (PSCT), TWIP steels,  

 

1. THEORETICAL FUNDAMENTALS OF TWIP STEELS 

For quite some time, steel manufacturers have observed that they faced the competition of aluminium and 
other new materials, such as magnesium alloys or plastics. In order to remain competitive, the new steels 
have to be lighter, stronger and more stable. One of the materials which could fulfil such demand in future 
is TWIP steel. 

The growing requirements for the car body design are equal in importance to the properties and quality of 
steels used. During a crash, the steel parts of the car body should meet two different requirements: they 
must be ductile (tough) to be able to absorb as much crash energy as possible, but also stable in shape to 
protect the passengers in the cabin. Materials, which could satisfy these requirements, include in the first 
place high-manganese TWIP steels with 17 – 20% Mn. These austenitic steels exhibit exceptional properties 
thanks to a special strengthening mechanism based on twinning [2].  

Manganese TWIP steels with 17 to 20% Mn are fully austenitic and non-magnetic and undergo no phase 
transformation. Mechanical twins cause large strengthening during straining, prevent necking under tensile 
load and provide the material with high strength. Initial results of experiments with the TWIP steel brought 
the ultimate tensile strength between 600 and 100 MPa and an extreme elongation between 60% and 90%. 

TWIP steels are popular mainly due to their large shock absorbing capacity. It is more than twice as large as 
in conventional high-strength steels. TWIP steels undergo deformation upon a mechanical shock but still 
retain their ductility. Every location of the steel part first elongates, strengthens and then transmits the rest 
of the strain energy to its neighbouring locations which deform as well. Owing to the distribution of energy 
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across the whole surface, the shock energy absorbs much more efficiently, which gives the car passangers 
better chances of surviving the crash. 

Twinning causes marked increase in the strain hardening coefficient value (n), as the microstructure of steel 
becomes ever finer. High-manganese TWIP steels combine extremely high strength and very good ductility 
as the newly-formed twin boundaries act as grain boundaries in terms of strengthening the material. The 
hardening coefficient n increases to 0,4 at strains of about 30% and then remains constant up to the total 
elongation of 50% [1]. 

The suitability of TWIP steels for existing manufacturing procedures used for other steel grades, including 
the subsequent continuous casting, rolling, pressing, and also their good weld ability should rank among 
their advantages. Minor technical difficulties might occur during metallurgical production of these steels. A 
portion of manganese might be lost during melting due to high manganese vapour pressure. Evaporation of 
significant portion of manganese during melting requires that it is added in greater amounts [2].       

 

2. EXPERIMENTAL 

Specimens with dimensions of 8,5x15x20 mm were tested in a Gleeble 3500 thermal-mechanical simulator. 
Initial testing parameters are listed in tables 1 and 2. Further experiments included continuous testing at 
temperatures ranging from 900 to 1100 °C. For some of the tests, strain rates of up to 100 s-1 were used [2]. 

 

Table 1.  Parameters of plastometric testing of specimens p1 through p6 

strain rate ė strain e 
temperature  
[oC] 

cooling 
method 

specimen 

5 0,8 

1100 air p1 
1100 water p2 
1000 air p3 
1000 water p4 
900 air p5 
900 water p6 

 

Actual results of the continuous load experiments are shown in Fig. 1. Owing to large number of 
experimental values, only the actual strain-related results were used. Of these, every fifth value was 
chosen. 

 

Table 2.  Parameters of plastometric testing of specimens p7 through p18 

strain rate ė strain e 
delay time 
[s] 

temperature [oC] 

1100 900 

1 

0,3 

1 p7 p13 

10 p8 p14 

100 p9 p15 

10 
1 p10 p16 
10 p11 p17 
100 p12 p18 
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Fig. 1.  Stress-strain relationship in specimens p1, p3 and p5 

 

The technique of stepwise determination of σpc according to equation (1) was chosen for comprehensive 
examination and construction of stress-strain curves [3-9]. 
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Successive linear regression calculations, calculation of constants n, α, β and application of the sinh 
equation yielded the activation energy value of  Q = 581 KJ/mol. The following stage involved 
determination of εpc using the equation (2). 
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Complete stress-strain curves were described by equations (3) [10]. 
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Table 3 provides an example of calculated stress values for ė = 10 s-1. Similar results were obtained with the 
remaining strain rates values. 

Graphical plots of the results are shown in the following figures. They include the stress-strain vs. 
temperature curves in Fig.  2. They also cover the stress-strain vs. strain rate curve in Fig.  3.  
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Table 3.  Calculated stress values at the strain rate of 10 s-1 

ė [s-1] 10 

T [K] 1173 1273 1373 

ε σc [MPa] 

0,05 229 179 138 

0,1 256 200 153 

0,2 280 215 163 

0,3 289 219 164 

0,4 291 218 161 

0,5 290 214 157 

0,6 286 209 151 

0,7 280 202 144 
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Fig. 2.  Stress-strain relationship at the strain rate of 10 s-1 

 

 

 

 

 

 

 

 

 

 

 

Fig. 3.  Stress-strain relationship at the temperature of 1273 K 
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The experiments include interrupted tests as well. Like continuous tests, they yielded a large number of 
values which had to be reduced in a similar fashion. Figure 4 shows the stress-strain curves as an example 
of an actual experiment. The chart contains 3 plots of interrupted tests (p13, p14, p15) and one continuous 
loading curve (p5) recorded under identical conditions except for different strain rates: 1 s-1 and 5 s-1. 

Fig. 4.  Comparison of stress-strain relationships for specimens p5, p13, p14, p15 

 

Interrupted tests were performed at all temperatures. Strain magnitudes used were 0,25 and 0,3, 
respectively. Delays between individual deformation steps were 1, 10 and 100 seconds. 

Fig. 4 also includes an envelope curve of the continuous test, owing to which it is possible to estimate the 
strains at the onset of dynamic recrystallization. Continuous deformation curves are peculiar in showing 
transition to stationary flow of metal and no inflexion points.  

The degree of softening X was calculated for the interrupted test conditions using the following equation. 
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Calculated values of X for specimens p10, p11 and p12 are shown in Table 4. The graphical plot of the 
softening degree vs. time between deformation steps (1, 10 and 100 seconds) is shown in Fig. 5. 

 

Table 4.  Values of X for specimens p10, p11 and p12 

ė [1/s] temperature [°C] specimen σ1 [MPa] σ2 [MPa] σm [MPa] X delay time [s] 

10 1100 
P10 123,33 124,83 180,48 0,97 1 
P11 118,82 120,00 188,00 0,98 10 
P12 127,84 138,37 189,50 0,83 100 
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Fig. 5.  

Degree of softening X in specimens 
p10, p11 and p12 in relation to delay 
times 

 

Calculated values of X for specimens p16, p17 and p18 are shown in Table 5. The graphical plot of the 
softening degree vs. time between deformation steps (1, 10 and 100 seconds) is shown in Fig. 6. 

 

Table 5.  Values of X for specimens p16, p17 and p18 

ė [1/s] temperature [°C] specimen σ1 [MPa] σ2 [MPa] σm [MPa] X delay time [s] 

10 900 
P16 149,97 215,74 278,89 0,49 1 
P17 181,54 268,36 313,16 0,34 10 
P18 171,02 231,53 305,26 0,55 100 

 

 

 

 

 

 

 

 

 

Fig. 6.   

Degree of softening X in specimens p16, 
p17 and p18 in relation to delay times 

 

3. EVALUATION OF RESULTS 
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Initially, at low strain, the curves have normal shape. At higher temperature, the curve follows lower strain 
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place immediately upon transition of the material to plastic state. It is due to an increase in dislocation 
density resulting from the deformation process. With further increase in strain, the strain rate decreases 
owing to concurrent dynamic recovery. At certain strain level, dynamic recrystallization starts. This dynamic 
process is related to the peaks observed in all three curves. At high temperature: 1100°C, the estimated 
peak strain is about 0,25, while at 900°C, a value around 0,3 can be expected. Even at 900°C the peak is still 
high and the state of dynamic recrystallization can be determined [2]. 

Fig. 3 shows that the effect of strain rate is not particularly strong. The deformation resistance naturally 
increases with increasing strain rate. 

 

3.2  Evaluation of interrupted tests 

For the purpose of graphical comparison, the chart in Fig. 4 contains 3 plots of interrupted tests (p13, p14, 
p15) and one continuous loading curve (p5) recorded under identical conditions except for different strain 
rates: 1 s-1 and 5 s-1. There is a peak on the continuous test curve at the strain of about 0,3. At the same 
numerical value of strain rate, the stress approaches an identical peak value during the first stage of the 
interrupted test. 

Assuming that the first deformation stage takes place in the peak region (the peak strain and stress values 
determined by means of plastometric tests correspond to an already active dynamic recrystallization, which 
began to take place in the structure even before the peak stress and strain were achieved), it appears that 
after the delays the dynamically recrystallized grains begin to grow and metadynamic recrystallization 
begins to take effect. It seems that the continuous deformation curve forms an envelope curve for the 
interrupted deformation plots. Similar results were achieved with the remaining curves [2].   

Interrupted tests of the current steel grade at the testing temperature have demonstrated a rapid start of 
recovery. In a high-manganese TWIP steel, this can be attributed to its typical austenitic microstructure. 
The subsequent start of dynamic recrystallization makes it impossible to perform the classical calculation of 
degree of recovery X, which is normally used for description of static recrystallization. The value for 
dynamically recovered microstructure at 1100°C approaches 1 and shows only slight decrease with 
increasing delay between deformation steps. This decrease might be attributed to the capabilities and 
potential of experimental evaluation. Results shown in table 4 fall within the range of error in 
measurement and the reading error. At the lowest temperature of 900°C, where the peak occurs at values 
higher than 0,4 – as evidenced by the previous continuous stress-strain curves – the degree of recovery of 
microstructure is 0,5 or less. Gradual increase with the value of X and increasing length of delays between 
deformation steps can be expected. 

 

4. CONCLUSION 

Specimens were processed in the Gleeble thermal-mechanical simulator in 18 cycles as indicated in the 
diagrams in Fig. 1 and 2. The processing cycles comprised different temperatures, amounts of deformation, 
strain rates and, for some specimens, different delays between deformation steps and cooling modes. 
Continuous tests were performed at 1100, 1000 and 900 °C, with the strain of 0,8 strain rate of 5 s-1. It was 
found that the shapes of curves indicate the occurrence of dynamic recovery and, at certain strain level, 
even the dynamic recrystallization, which is evidenced by the stress peaks on all curves. 

Parameters of interrupted tests included delays of 1, 10 and 100 s, strain rates of 1 and 10 s-1 and strain 
magnitudes in individual deformation steps of 0,25 and 0,3, respectively, at 900 and 1000°C. An analysis of 
the results shows that dynamically recrystallized grains begin to grow after the delay and the process is 
characterized by metadynamic recrystallization. It appears that the continuous deformation curve forms an 
envelope curve for the interrupted deformation plots. 
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Abstract 

The article focuses on the severe plastic deformation (SPD) of low carbon (LC) steel AISI 1010 (ČSN 12014) 
performed at increased temperature. The grain refinement of ferrite structure is monitored and described 
with respect to different initial structure of steel modified by thermomechanical (TM) treatment prior 
severe plastic deformation. The refinement of coarse initial ferrite structure with grain size of 30 - 50 μm 
resulted from solutioning was conducted then in two steps. Preliminary structure refinement has been 
achieved due to multistep open die forging process and quite uniform ferrite structure with grain size of 
the order of 5 μm was obtained. The further grain refinement of obtained steel structure was accomplished 
during warm Equal Channel Angular Pressing (ECAP φ= 120°) at 300°C, introducing different effective strain 
in range of εef = 2.6 - 4. The change of microstructure in dependence of effective strain was evaluated by 
SEM and TEM study thin foils.The high straining of steel resulted in extensive deformation of ferrite grains 
and formation of mixture of submicron grain structure in deformed banded structure with dense 
dislocation network and subgrains. The dynamic polygonization process, due increase ECAP temperature, 
modified the submicrocrystalline structure formation. There was only indistinctive difference observed in 
structure refinement when considering different initial structure of the steel. The tensile behaviour was 
characterized by strength increase followed by softening. None work hardening appeared at tensile 
deformation.  

Keywords: Equal Channel Angular Pressing (ECAP), severe plastic deformation (SPD), low carbon (LC) 

 

1. INTRODUCTION  

Nanomaterials are receiving increasing attention in the technical community in the last years. The term 
“ultrafine grain structure” is referring to nanostructure with grain size of less than 100 nm, and 
submicrocrystalline structure with grains between 100 and 1000 nm. The fabrication of bulk materials with 
ultrafine grain sizes has attracted a great deal of attention over the past two decades because of the 
materials’ enhanced properties [1-3]. In recent years, it has become a worldwide effort to develop a 
manufacturing process to obtain ultrafine grain structures in steels. Currently, there are two main 
approaches for refining ferrite grains down to the ultrafine grain range in bulk steels. While the first group 
comprises advanced thermomechanical processes [4-7], the approach of the second group employs various 
sever plastic deformation techniques, including ECAP [1, 8], high pressure torsion (HTP) [9], accumulative 
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roll bonding (ARB) [10, 11], constrained groove pressing (CGP) [12], to refine the structure by introducing 
the large plastic strain into bulk material. 

The use of ECAP for commercial steels has been studied. There are studies dealing with the use of ECAP for 
low carbon steels. However, with cold ECAP, low carbon steels can only be pressed by two or three passes 
with channel intersection of 90° before surface defects following the shearing planes appear. The two to 
four passes realized currently with cold ECAP are insufficient and the achievable strain amount is 
insufficient to produce a completely refined grain structure [13]. To form stable ultrafine grain structure in 
metals and alloys, the ECAP should be carried out at the temperature corresponding to the temperature of 
cold working [14].  

In the present study, the modification of ferrite microstructure due to thermomechanical processing is 
described. Subsequently the effect of structure modification on development of ultrafine grain 
microstructure resulting from warm SPD was investigated and is assessed comparing with UFG structure 
resulted at SPD of conventionally treated AISI 1010 steel.  The underlying relationship between 
microstructure and mechanical properties of the steel is reviewed. 

 

2.    MATERIAL AND EXPERIMENTAL PROCEDURES  

In this work, the commercial low carbon steel AISI 1010 was 
used. The chemical composition of the steel is as follow in wt 
%: 0.1 C, 0.42 Mn, 0.18 Si, 0.024 P, 0.018. Prior to ECAP 
pressing, a conventional solutioning treatment of billets was 
carried out at the temperature of 920°C for 1 hour followed by 
air cooling. The microstructure, documented by SEM, received 
after solution treatment is presented in Fig. 1. From the 
treated plates the cylindrical billets with initial diameter of 9 
mm and length of 50 mm were cut off for the ECAP 
experiment.  

 

By appropriate thermomechanical (TM) treatment, the refining of the coarse structure is possible and more 
suitable combination of strength, toughness and ductility can 
be obtained without additional alloying. Accordingly, in order 
to achieve, prior to ECAP pressing, preliminary refinement of 
the solutioned steel by the thermomechanical processing has 
been performed carried out. After soaking at 900°C, cylindrical 
specimens in form of pegs, with initial diameter of 18 mm and 
length of 40 mm, were subjected to compressive deformation, 
(see Ref. 1). The repetitive axial deformation of the peg 
between flat dies of hydraulic press, performed continuously 
without further reheating, through the recrystallized, non-
recrystallized and intercritical α+γ temperature region, was 
expected to result in ferrite structure refinement. The last 
reduction of the specimen was at temperature of about 700°C.  

Among successive deformation reductions the specimen was rotated about its axis until final shape of 
specimen was obtained. Scanning electron micrograph of the resulting microstructure in the centre of the 
specimen cross section is shown in Fig. 2. The average ferrite grain size measured at areas of various 
compressive strains from near the surface to the center of the specimen was below 5 µm.  

 

 

    100 

 Fig. 1. Microstructure  of  solutioned   steel. 

 

 Fig. 2. Microstructure of TM treated steel.  
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The ECAP pressing was performed at temperature of 300°C. The angle of intersection of the two channels 
(φ) was equal to 120°C, Fig. 3. The ECAP die used for the experiment was 
heated to pressing temperature and held for 30 minutes. The sample was 
heated for 300 s prior to pressing, which was done inside the pre-heated 
die until samples reached the pressing temperature. Each billet was pressed 
to four, five and six passes (N) through the die. The effective strain 
corresponding to one pass was ε ~ 0.67. Six passes correspond to the total 
strain of εef ~ 4. The billet was rotated between the consecutive passes 
about its longitudinal axis by 90° in the same direction. This procedure is 
generally referred to as the processing route Bc and it was selected because 
it enables the formation of homogeneously deformed microstructure. It 
was not considered that the stress generated in sample after each pass, 
would be recovered (static recovery) due to repeated re-heating of the 
billet inside the die prior the next pass will be carried out. 

The microstructural examination of thermally, TM treated and ECAP deformed samples was conducted by 
scanning electron microscopy (SEM) and transmission electron microscopy (TEM). Thin foils for TEM 
observation were sliced normal to the longitudinal axis of ECAP pressed billets. The SEM and TEM 
microstructures were obtained by using JEOL JSM 6380 SEM operating at 10 kV and JEOL JEM 200FX TEM 
operating at 200 kV. Selected area electron diffraction (SAED) was used to investigate the ultrafine grain 
transformation progress in dependence the strain introduced. 

A Vicker hardness and tensile test were carried out using MTS universal testing machine equipped with 
Multisens extensometer. Tensile specimens with gauge length of lo= 30 mm were tested at a constant 
cross-head speed of 0.016 mm/s until failure.  The engineering stress-strain curves were constructed. 

 

3.    EXPERIMENTAL RESULTS AND DISCUSSION 

3.1  Microstructure of solutioned and ECAPed steel 

The ferrite structure morphology after applied solutioning at 920°C is uniform across the billet, as   shown 
in Fig. 1. Scarcely, the cementite particles were precipitated along grain boundaries. The mean size of 
ferrite grains was measured in range of 30 - 50 μm. 

Microstructural characteristics in ECAPed sample, exposed to different strain for the chosen processing 
route Bc were analyzed in detail in sections normal to longitudinal axis of deformed billet. SEM micrographs 
of the as-pressed steel billet provide evidence of effective straining. Representative micrographs of 
deformed solutioned and TM steel which were taken on the X plane are shown in Fig. 4.  Each structure 
represent the effect of different strain (number of passes) the steel was exposed.  

Deformation characteristics, regarding the initial structure condition and applied strain, provided evidence 
on heterogeneity distribution in deformed samples. In coarse initial structure introduce straining was not 
sufficient to deform structure uniformly. Deformation localization and banding of ferrite grains was 
increasing with increasing number of passes. Deformation bands became more frequent and distributed in 
more manner as straining increases. In the structure, which was refined by TM treatment prior ECAP 
deformation the structure heterogeneity is detectable as well. However there are in deformed structure 
differently exposed areas due to non-homogeneous strain distribution. In deformed bands where shearing 
effect is evident the grain refinement appears to be effective and fragmentation of deformed grains due 
effective shearing is visible. These microstructures suggest that transformation processes of ultrafine grain 
structure tends to be more efficient in TM structure refining.  

 

 

 
 Fig. 3. Design of ECAP  die. 
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 Fig. 4.  Deformed  microstructure  across the billet by executing  different  effective  strain at  ECAP   
straining.  
 a) N=4 passes, solutioning;  b) N= 5 passes; solutioning  c) N= 6 passes; solutioning; d) N=4 passes, TM; 
  b) N= 5 passes;  TM  c) N= 6 passes; TM; 
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a) b) c) 

d) e) f) 

Fig. 5.  TEM  micrographs  of  deformed  structure  developed  in  low carbon steel  of different initial 
structure  experienced  different  ECAP straining. 
a) a) N=4 passes, solutioning;  b) N= 5 passes; solutioning  c) N= 6 passes; solutioning; d) N=4 passes,  
TM;  b) N= 5 passes;  TM  c) N= 6 passes; TM; 
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Structure deformation by ECAP, regardless the strain applied and whether the initial structure of steel was 
of coarse or refined condition. In the structure as result of the deformation heterogeneity the areas where 
structure was only softy deformed and equiaxed grains were found. Performing N=5 and 6 passes the 
deformation banding was more dense and within this bands the dense dislocation network and dislocation 
cell structure was formed. Not regularly, but inside the bands the fragmentation of elongated grains starts 
as result of slipping process. The results suggest, using the die angle of φ =120° the higher straining is 
needed to obtained homogeneous deformed structure when formation of ultrafine grain structure might 
be received. The TM preliminary treatment of steel by only small deal contributes to deformation 
homogeneity and structure refinement at deformation.  

       

3.2  TEM microstructure of solutioned and ECAPed steel 

Microstructure analysis by SEM provided the evidence that applied effective strain was not sufficient to 
deform structure uniformly, regardless the initial structure was coarse and/or fine grained. In order to 
receive more details on ultrafine grained structure formation in steel the structure transformation was also 
investigated by TEM and more detailed on mechanism of formation was gained. The substructure 
development characteristics received by TEM analysis can show more details on the mechanism, which 
governs the structure transformation in severely deformed steel. 

The development of deformed substructure in steel with different initial microstructure and subjected to 
different straining is shown as collection of substructures in Fig. 5. The substructure developed in deformed 
billets subjected to warm ECAP at temperature of 400°C was investigated on plane parallel with billet 
longitudinal axis, and substructure analysis provided the evidence on efficiency of deformation process for 
structure refinement in the same steel having different initial structure. These representative 
microstructures show the progress in ultrafine grained as straining increases.  

Comparing effect of prior structure refinement of steel by TM processing no substantial difference in 
microstructure formation was observed. At both initial structures, either coarse or refined by TEM, the 
process. The deformation bands, which are formed during in structure, consist of the elongated ferrite 
grains where dense dislocation network and dislocation cell structure is build up, as can be seen in Fig.4 a,e, 
Considering the local straining heterogeneity, the microstructural evolution and structure development 
depends on the selected position of analysis. The local substructure modification across the sample varied 
locally. At both ECAP steel samples with increased straining (N=5 and N=6) dislocation activities can be 
related to progress of polygonization and nucleation of new subgrains within the elongated ferrite grains, 
as shown in Fig. 4 b,c,f. The specific fringe contrast along some  subgrains boundaries and appearance of 
small grains free of dislocations can be attributed to in-situ dynamic recovery and polygonization process, 
and probably recrystallization as well. The more developed small equiaxed grains with high angle grain 
boundaries and with less dislocation inside are shown for both steel states subjected to N=6 passes, Fig. 4 
d,g,h. More frequently was this ultrafine grain found in steel, which was treated by TM treatment prior 
ECAP deformation. The SAED net patterns indicated an increase in the reasonable portion og boundaries 
having high angles of misorientation.  This result can be due the fourfold effect, involving grain refinement, 
the ECAP pressing temperature, strain introduced and latent heat generated at SPD, acted as an effective 
driving force for dynamic recrystallization process. The progress in ultrafine grained structure formation 
was more evident in deformed steel samples, which were preliminary TM treated prior ECAP processing. I            

More effective structure refinement after ECAP can be due the structure refinement by preliminary TM 
processing of steel. It is probably caused by cumulative straining resulted from both processes - TM and 
ECAP of steel and reaching higher driving force for dynamic recovery and recrystallization process in 
deformed structure.  
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3.3  Mechanical properties of steel   

The mechanical properties of experimental steel, which was subjected to thermal and thermomechanical 
treatment prior SPD were measured by tensile test and hardness measurement. The results of tensile 
testing performed at room temperature are shown in Fig. 6, which represents the initial solutioned 
structure, solutioning and ECAP and TM and ECAP treatment. In case of the initial annealed steel condition 
there is an extensive period of work hardening and large elongation to failure. The deformation curve 
corresponding to TM treated steel shows slight work hardening effect and shorter deformation to failure. 
The mechanical properties data for all structural states are stated in  Table 1 and Table 2.  

 

 

 

 

 

 

 

 

 

The deformation behaviour of soaked and ECAP steel specimens is very similar for all structural states 
and/or three specimen, which have experienced different deformation. There is, after reaching the yield 
stress, section of slight hardening increase, which is not modified as the straining is increased. On the other 
side the strength value is of the same level for all specimens, which can be incurred by explained by large 
deformation strengthening of ferrite, as could be seen in deformed structures.         

   

Table 1. Mechanical properties of steel ČSN12014 after solutioning and after ECAP   

 

 

 

 

 

 

Table 2.  Mechanical properties of steel ČSN12014 TM treated and  after ECAP   

 

 

 

 

 

 

 

stav  
 E 
 GPa] 

 ReH  ReD 

[MPa] 
 Rm 
MPa] 

 Atot  
[%] 

 Z HV30  
 [%]  

 TMS  216 357 287  370  31   76 109  

 N4   224 811 815  10,8   58 320 

 N5  213  767  778  9,5   62 338  

 N6  210  824  833   10  54 379 

Stav 
E 

[GPa] 
Rp0,2  

[MPa] 
Rm 

[MPa] 
Atot 
[%] 

Z HV30 [%] 

NŽ  245 303 37 81 101 

N4 00 813 819 10,4 63 264 

N5 91 763 768 9 60 260 

N6 08 851 857 9 60 268 

 

 

  Fig. 6. Engineering stress-strain curves: a) initial state; b) solutioning and ECAP; c) TM treatment + ECAP. 

   

solutioning  + N6       TM + N6 
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4.  EXPERIMENTAL RESULTS EVALUATION  

When evaluating the progress in ultrafine grain structure development and mechanical with respect to 
strain introduced a conclusion can be expressed that there was not achieved a significant difference 
observed what initial state of structure in steel was prepared. Microstructural evolution process was only 
slightly modified as to the formation of deformed structure advancement with a certain level of strain 
introduced. TEM substructure analysis however provided the evidence that formation of ultrafine grained 
structure was a step forward when compared with initial coarse steel structure deformation process. 
Deformation heterogeneity, which was observed higher in coarse grain structure, restrained 
consequentially the recovery and polygonization process in deformed structure. As the result of this 
postponement the formation ultrafine grains with was subsequently delayed and smaller fraction of them 
was found in mixed microstructure deformed to various strain. The contribution of this fact was detected 
also by small decrease of the strength value for TM treated steel where the more advanced volume fraction 
of ultrafine grains in microstructure cause slight drop in ultimate strength of steel. The level of deformation 
strengthening was still higher in coarse structure. Nevertheless the progress  of structure refinement 
influence only in small extent the mechanical behaviour of different steel states.  

At final evaluation of deformation experiment is important to state out that resulted strength values of 
experimental steel modified by intensive channel deformation reached the value, which was more then 
two times  higher when comparing with values resulting from industrial heat treatment of low carbon steel 
(see Table 1). The drawback of this fact is the lack of further plastic deformation ability of severely 
deformed steel as results of ductility evidence. 

 

CONCLUSIONS  

-  The low carbon steel ČSN 12014 was subjected to severe plastic deformation using ECAP die with aim 
to search the formation of ultrafine grain structure in dependence of the initial structure and 
straining at increased temperature. By SEM and TEM analysis have been received the sufficient 
evidences about the progress on deformed structure state.  

-  The results of analyses confirmed that applied deformation conditions were not sufficient to receive 
homogenous ultrafine grained structure with grain size below 1µm  and  having  high angle 
boundaries regardless the steel initial structural state.  

-  Permanent banded microstructure with dislocation cell substructures and subgrains were dominated 
at lower effective strain of 2-3 for both structural states. The presence of submicrons grains was rare 
at this straining.  

-  The preliminary thermomechanical treatment of steel prior SPD contributed to gain refinement and 
structure homogeneity by only small deal. Dynamic recovery and polygonization process was more 
intense in TM treated steel than in steel with coarse initial structure at refinement of deformed 
structure what can be attributed to accumulation of higher strain and then to higher driving force for 
dynamic polygonization process and resulting grain refining. 

-  Structure refinement resulted in increased strength properties and degraded work hardening ability 
at tensile deformation of both structural steel states.   
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ABSTRACT 

The severe plastic deformation (SPD) was demonstrated as an effective approach to produce ultrafine 
grained materials. ECAP has emerged as effective deformation method to refine grain size in bulk metallic 
materials. Aluminium alloys AlMgSi1, prepared in three different states of structure, and was processed by 
this severe plastic deformation (SPD) technique at room temperature to a strain of 4. Development of 
deformation substructure and grain refinement due to straining is investigated after successive 
introduction of different passes corresponding to a different effective true strain by TEM of thin foils. 
Deformed substructure analysis showed no effect of different processed condition on deformation 
structure development. The microstructural changes are mainly characterized by evolution of high density 
dislocation substructures (subgrains) with relative low misorientations at strain below ε = 2 and 
deformation bands with moderate misorientation angle, frequently formed at higher strains. The fraction 
of high angle boundaries were observed at straint ε = 4. New grains with random crystal orientation are 
them more frequently developed. Hardness measurement was used to evaluate the mechanical properties 
of deformed materials.   

Keywords: severe plastic deformation (SPD), ECAP, TEM 

 

1. INTRODUCTION  

Although the mechanical and physical properties of all crystalline materials are determined by several 
factors, the average grain size of the material generally plays a very important and often a dominant role. 
The strength of all polycrystalline materials is related to the grain size (d). According to the Hall–Petch 
equation which states that the yield stress σy is given by 

σy = σ0 + kyd
-1/2                    (1) 

σ0 = friction stress, 

ky = constant of yielding. 

It follows from equation that the strength increases with a reduction in the grain size and this leads to an 
ever-rising interest in fabricating materials with extremely small grain sizes [1, 2]. The grain sizes of 
commercial alloys are generally modified for specific applications by making use of pre-determined 
thermomechanical treatments. The alloys are subjected to particular regimes of temperature. However, 
these procedures cannot be used to produce materials with submicrometer grain sizes because there is 
always a lower limit of the order of a few micrometers, which represents the minimum grain size easily 
achieved using these procedures. 

Therefore attention has been directed to the development of new and different techniques that may be 
used to fabricate ultrafine-grained materials with grain sizes in the submicrometer and the nanometer 
range. Ultrafine-grained (UFG) materials processed by severe plastic deformation (SPD) are defined as 
polycrystals having very small grains with average grain sizes less than ~ 1 μm. 

For bulk UFG materials, there are the additional requirements of fairly homogeneous and reasonably 
equiaxed microstructures and with a majority of grain boundaries having high angles of misorientation. The 
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presence of a high fraction of high-angle grain boundaries is important in order to achieve advanced and 
unique properties. For example an increasing of strength, low temperature and high strain rate 
superplasticity [3]. 

Equal-channel angular pressing (ECAP) is an effective method for reducing the grain size to, typically, the 
submicrometer level by introducing large plastic strain into materials through repetitive processing. The 
ultrafine-grained (UFG) materials produced by ECAP have a very high strength due to their low grain size 
and high dislocation density [4]. As severe plastic deformation (SPD) procedures enable to produce UFG 
materials in bulk shape, there is an increasing interest for these materials with respect to their 
technological applications. This interest is especially large for SPD processing of those materials which are 
traditionally basic materials in the industry (e.g. precipitation-hardened Al alloys) [5]. 

In the present work, plastic deformation structures of an ultra fine grained (UFG) commercial Al–Mg–Si 
alloy (6082) manufactured by equal-channel angular pressing (ECAP) at room temperature have been 
characterized by transmission electron microscopy (TEM). The focus is on different deformation structures 
including deformation bands, which are claimed not to be present in coarse-grained alloys.  

 

2.  EXPERIMENTAL PROCEDURE 

The material used in this study is an AlMgSi1 alloy. The chemical composition (according to the norm DIN 
1725 – 3.2315) is noted in table 1. Chemical composition of the experimental alloy was confirmed by the 
EDX analysis and is presented in table 2.  

 

Table 1. The chemical composition of material according to the norm DIN 1725 - 3.2315. 

Element Si Fe Cu Mn Mg Zn Ti Al 
In mass [%] 0.70 až 1.40 0.50 0.10 0.40 až 1.20 1.20 0.20 0.05 rest 

 

Table 2. The natural chemical composition of experimental material. 

Element Si Fe Cu Mn Mg Zn Ti Al 
In mass [%] 1.00 0.12 0.01 0.50 0.85 0.04 0.02 rest 

 

Bars with dimension of 8 × 8 × 30 mm for ECAP were cut from the 
center part of continual cast rods with a diameter of 20 mm. The 
microstructure is presented by Fig. 2, 3. The heat treatments were 
applied to rods in two modes and the first mode (S1) was only in 
initial conditions with mechanical fabrication of forward pressing.  

In the second mode (S2) the rod was solution-annealed at 540 °C for 
1.5 h followed by water quenching. In the third mode (S3) it was 
quenched to room temperature (with the same parameters) 
and followed by temper hardening at 160 °C for 12 h. 

A commercial 6082 aluminium alloy rods at pre-described conditions 
was subjected to ECAP at elevated temperature 150°C using route 
BC. The angle of intersection of the two channels (Φ) was   equal to 
120°C (Fig. 1). The numbers of passes for each mode were set to 6.  

The ECAP die used for the experiment was heated to pressing 
temperature and held for 30 minutes. The sample was heated for 
300 s prior to pressing, which was done inside the pre-heated die until Fig. 1.   

Schematic illustration of the die. 
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samples reached the pressing temperature. Each billet was pressed to four, five and six passes (N) through 
the die. The effective strain corresponding to one pass was ε ~ 0.67. Six passes correspond to the total 
strain of εef ~ 4. The billet was rotated between the consecutive passes about its longitudinal axis by 90° in 
the same direction. This procedure is generally referred to as the processing route BC and it was selected 
because it enables the formation of homogeneously deformed microstructure. It was not considered that 
the stress generated in sample after each pass, would be recovered (static recovery) due to repeated re-
heating of the billet inside the die prior the next pass will be carried out. 

The microstructural examination of thermally treated and ECAP deformed samples was carried out by light 
microscopy (LM) and transmission electron microscopy (TEM). Thin foils for TEM observation were sliced 
normal to the longitudinal axis of ECAP pressed billets. The microstructures were obtained by usány JEOL 
JEM 200FX TEM operating at 200 kV. Selected area electron diffraction (SAED) was used to investigate the 
ultrafine grain transformation progress in dependence the strain introduced. A Vicker hardness and tensile 
test were carried out using MTS universal testing machine equipped with Multisens extensometer. Tensile 
specimens with gauge length of l0= 25 mm were tested at a constant cross-head speed of 0.016 mm/s until 
failure. The engineering stress-strain curves were constructed. 

 

3.  EXPERIMENTAL RESULTS AND DISCUSSION 

3.1 Microstructure analysis 

Microstructural characteristics in ECAPed samples were analyzed using light microscopy in the first step. 
The initial state is represented by coarse grain structure from side and centre area. The specimen in the as-
received conditions had a average grain size approximately 150 μm (Fig 2, 3). 

Influence of deformation after 6 passes and its character of homogeneity in capacity of forming material is 
displayed on figures 4 and 5. Analyses of microstructures by optical microscope demonstrate effect of ECAP 
process well-noticeable but for better understanding of detailed mechanisms in markedly extended 
structure is not sufficient.  

                      

 

500 μm 

Fig. 2. Image of the cast rod in initial condition 

(side area); Nomarski effect. 

Fig. 3. Image of the cast rod in initial conditions 

(center); Polarized-light effect (PLE). 

500 μm 
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100 μm 

                      

 

 

TEM observation of the material after ECAP revealed a complex microstructure..It appears that the usual 
micromechanisms of fine substructure formation were operative, with an equiaxed dislocation cell 
structure forming initially (Fig. 6a).The cells showed different levels of dislocation density in their interior 
(Fig. 6c).  

 (a)    (b)     (c) 

 

 

This was followed by a process of subgrain formation in which cell walls were transformed into more 
regular dislocation network (Fig. 6b). It was also found that different regions of the material displayed 
different rates of recovery, i.e., subgrains in some regions were shaped concurrently with the formation of 
dislocation cells in others. 

The ECAP die construction with a channel angle of 120° showed that it is feasible to press hard and solid 
metals and alloys [6]. Our experiments complying with it but TEM provided the evidence that applied 
effective strain (with Φ = 120°, 6 passes, εEF ≈ 4) was not sufficient to deform structure uniformly. The 
effect of the elevated deformation temperature had main influence (in all states) to initiation and extent of 
polygonization segments and nucleation of new subgrains too. 

 

3.2 Mechanical properties   

The results of tensile testing performed at room temperature are shown in Fig. 7, which represents the 
three states after 6 passes. The engineering stress–strain curves are shown for comparison. Significant 
strengthening is evident after six passes in quenched and aged sample.  

  200 nm   200 nm   200 nm 

100 μm 

Fig. 4. Image of extended grains after 6 passes 

(side area); PLE. 

Fig. 5. Image of extended grains after 6 passes 

(center); PLE. 

Fig. 6. TEM images of typical grain substructure; Initial conditions after 6 passes:  (a) dislocation cell 
structures inside a larger grain, (b) dislocation network,  (c) grains with high density of dislocations. 
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YS of the state 3 (subsequent aged) ECAPed alloy is high as 370 MPa. This strength is higher round off by 
430% than valuation of the unECAPed material (70 MPa). The deformation curves corresponding to 
mechanical properties listed in table 3 for all states even in the pre-deformed stage. 

The strength of the quenched and subsequent aged UFG 6082 alloy is significantly higher than in the other 
stages, indicating that it is possible to add the strengthening effect from ECAP processing to effect from the 
precipitation hardening. 

 

Fig. 7. Engineering stress-strain curves: 1) Initial state; 2) Annealed followed by water quenched; 3) Quenched 
and aged. 

 

Table 3.  Mechanical properties of commercial 6082 aluminium alloy after ECAP; 

IN (initial conditions); AQ (annealed followed by quenched); 

QAG (quenched subsequent aged); UD (un-deformed). 

spec. 
AlMgSi1 D0 [mm] 

S0 
[mm] 

l0 
[mm] 

E 
[GPa] 

Rp0.2 
[MPa] 

Rm 
[MPa] 

Ag 
[%] 

A4 
[%] 

Z 
[%] 

UD state 5,00 20,00 25,00 - 70 130 - - - 

 IN state     5,03 19,87 25,00 58,64 302,01 321,90 5,98 11,80 38,33 

 AQ state 4,95 19,24 25,00 73,33 178,93 208,06 5,06 14,96 46,81 

 QAG state 5,04 19,95 25,00 64,56 369,92 394,04 2,72 10,28 44,64 

 

4. DISCUSSIONS AND CONCLUSIONS 

The development of the dislocation density, the grain and subgrain in Al 6082 alloy processed by ECAP were 
investigated. The grain orientation distribution reached the random case of dislocation density and the 
subgrain size. 6 passes in elevated temperature 150° didn´t adeguate to compose high uniform UFG 
structure with the majority of high angle boundaries (60-70%).  

However a combination of SPD processing and precipitation hardening has the potential to render Al 6000 
series alloys. The significantly high strength of the UFG 6082 Al alloy may be attributed to solid solution, 
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grain refinement, dislocation and precipitation strengthening (the effect of hardening particles of β-Mg2Si 
phase precipitated during ageing process). 
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X-RAY AND NEUTRON SCATTERING FOR THE EXAMINATION OF MICRO- AND NANOSTRUCTURED 
MATERIALS 

Gernot Kostorz 

ETH Zurich Dept.of Physics, Zurich, Switzerland 

Abstract 

For a long time, X-rays and neutrons have served as probes for the study of microstructures in materials. 
Diffraction and scattering experiments, if possible complemented by electron microscopy, are often 
decisive for the understanding and control of materials properties. The availability and continuous 
improvement of dedicated synchrotron radiation X-ray facilities and neutron scattering instruments have 
also attracted many materials scientists. Some recent applications of neutron and X-ray scattering will be 
discussed with emphasis on experiments pushing the limits of spatial and temporal resolution of both types 
of radiation or using their individual characteristics and complementarity. For example in alloys, 
inhomogeneities ranging in size from a few interatomic distances to several micrometers, give rise to 
diffuse and small-angle scattering. With the combination of appropriate tools, the size and temporal 
evolution of, e.g., precipitates can be studied with good accuracy, even in-situ, as illustrated by the case of 
binary nickel alloys. The results help to test and improve models of nano- and microstructural features of 
materials. Prospects for future developments will be briefly discussed. 

Keywords: X-ray, radiation, neutron 
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Abstract 

The structural integrity of welded components operated at elevated temperatures is of key importance in 
power plant applications. Long-term creep exposure of heterogeneous welds is accompanied by 
redistribution of interstitial elements which strongly affects microstructural evolution in the vicinity of the 
fusion zone between the low and high alloy materials.  

The paper summarises results of studies on creep rupture properties and minor phase evolution in the 
P23/P91 heterogeneous weld during creep exposure at 500, 550 and 600°C. Results of creep rupture tests 
on the cross weld specimens were close or slightly below the lower limit of the ±20% scatter band around 
the standardized curve for creep strength of the P23 steel. In the course of creep exposure the 
development of creep damage could simultaneously take place in several critical areas of the weldment but 
the location of the final failure was determined by the “weakest area” for given testing parameters. 

Experimental data on microstructural evolution have been matched with results of thermodynamic and 
kinetic simulations. Results of studies on precipitation reactions in the individual weld zones have mostly 
been in accordance with the Thermocalc and Dictra simulations, except the P23 base material. It has been 
demonstrated that undissolved MX particles in the partly decarburized zone of the P23 steel significantly 
delay recrystallization of the bainitic matrix. 

Keywords: creep, weld, modelling, temperature 

 

1.  Introduction 

Creep strength of heterogeneous welds is strongly dependent on the microstructural evolution in individual 
weld zones during creep exposure [1]. A very important mechanism of microstructural degradation of 
dissimilar welds represents “up-hill” diffusion of interstitial elements [2]. Decarburization during exposure 
at elevated temperatures can cause progressive weakening of a low alloy steel adjacent to the fusion 
boundary with a high alloy steel. On the other hand the carburized layer on the opposite side of the fusion 
boundary is much stronger than the surrounding matrix. In nitrogen-bearing steels redistribution of 
nitrogen is important too. Uniaxial cross weld specimens of dissimilar welds often fail by artificial 
mechanisms involving complex strain interactions between adjacent weld zones [3]. Adjacent strong 
material can constrain deformation and retard failure in a weak zone which is thin compared to the 
specimen diameter. Prediction of real weld behaviour requires detailed evaluation of differences between 
laboratory tests and power plant components.Progress in thermodynamic and kinetic modelling makes it 
now possible to simulate microstructural evolution in heat resistant steels and their weld joints during long-
term exposure. The reliability of modelling depends strongly on the quality of databases. That is why 
experimental investigations are required to verify results of microstructural modelling.  

 

2.  Experimental Materials and Techniques 

The weld joint made of P23 and P91 steel pipes of the dimensions Ø219x25mm were fabricated in SES 
Tlmače, Slovakia [4]. A P91 matching filler metal (E CrMo 9 1B, ø 3.2 and 4.0mm) was applied. The chemical 
compositions of individual materials in the weldment investigated are stated in Table 1. 
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Table 1. Chemical compositions of base materials and the weld metal (WM), wt.% 

Steel C Mn Si Ni Cr Mo V Ti Nb W N 
P23 0.08 0.55 0.27 0.08 2.11 0.07 0.23 0.06 0.01 1.70 0.013 
P91 0.11 0.51 0.38 0.42 8.67 1.00 0.23 0.01 0.07 0.01 0.048 
WM91 0.11 0.66 0.21 0.82 9.50 1.02 0.22 0.01 0.04 0.06 0.028 

 

Cross weld creep specimens included base materials, heat affected zones and the weld metal. Uniaxial 
creep rupture tests have been performed at temperatures 500, 550 and 600°C in the stress interval from 55 
to 200 MPa. Failure locations were identified using optical metallography. Furthermore, hardness profiles 
were evaluated on longitudinal sections through the ruptured cross weld specimens. EBSD investigations 
(COM) in the WM91/P23 fusion zone were carried out on a Sirion 200 FEG SEM equipped with HKL 
Technology Channel 5 System. 

Modelling of the thermodynamic equilibrium was carried out using the ThermoCalc software and the STEEL 
16 database [5]. Calculations of carbon redistribution and phase profiles across the P23/P91 interface for 
500, 550 and 600°C/30 000 hours were performed using the Dictra software [5].  

Investigations on minor phases in creep ruptured specimens after approx. 30 000hours were carried out on 
a JEOL JEM 2100 equipped with a PGT EDX analyser. Minor phases were identified by both EDX and SAED 
techniques. Carbon extraction replicas were prepared in following regions of the creep ruptured 
specimens: 

� base materials P23 and P91, 

� decarburized zone of the P23 steel, 

� carburized zone of the WM91. 

 

3.  Results and Discussion 

Data of creep rupture tests are summarised in Fig. 1. Still ongoing tests are marked by empty symbols. 
Together with the experimental results, the mean and minimum (-20% of the mean value) standardized 
creep rupture strength curves for the P23 steel are shown. So far available results of creep rupture tests are 
close or slightly below the -20% creep strength curve. The most pronounced drop of creep resistance 
occurred at the lowest applied stresses and 600°C. 

Metallographic investigations proved that preferred locality of creep failure was a complex function of 
testing parameters and local microstructural characteristics, Table 2. Three critical localities prone to the 
development of creep damage were identified [6]: 

1. intercritical area of HAZ in the P23 steel, fusion zone on the side of the P23 steel. In this coarse grain 
area partial decarburization took place during the both PWHT and creep exposure. 

2. intercritical and/or fine grain regions of HAZ in the P91 steel. 

In the course of creep exposure the development of creep damage could simultaneously take place in 
several critical areas of the weld but the location of the final failure was determined by the “weakest area” 
for given testing parameters. Fig. 2 shows the location of failure in the specimen ruptured after creep 
exposure 600°C/5 171hours. It failed in the coarse grain HAZ of the P23 steel. This location is expected to 
be weak due to redistribution of interstitial elements during both PWHT and creep exposure. However, 
cavitation damage in this specimen was also revealed in the intercritical HAZ of the P91 steel, Fig. 3.  
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Fig. 1. Results of creep rupture tests 

 

Table 2. Creep test parameters and failure locations 

Temperature [°C] Stress [MPa] Time to rupture [h] R.A. [%] Failure location 

500 200 18 802 50.8 BM P23 

500 190 31 332 15.9 IC HAZ of P23 

550 150 9 715 26.3 IC HAZ of P23 

550 140 8 665 4.1 FL WM/P23, CG HAZ P23 

550 125 23 961 4.1 FL WM/P23, CG HAZ P23 

550 115 26 386 8.2 CG HAZ of P23 

600 110 1 384 2.1 CG HAZ of P23 

600 100 4 056 1.8 FG HAZ of P91 

600 90 5 171 8.2 FL WM/P23, CG HAZ P23 

600 75 9 852 0.6 FG HAZ of P91 

600 55 26 780 2.4 CGHAZ of P23 (and ~ 85% FGHAZ of P91) 

 

Fig. 2 Failure location in the specimen after creep exposure 600°C/5 171hours 
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Fig. 3. Cavities in IC HAZ of the P91 steel    Fig. 4.Temperature dependencies of 

            after creep exposure 600°C/5 171hours              carbon activity for the P23 and  
                   P91steels    

 

3.1  Microstructural Modelling 

Microstructural stability of dissimilar welds is strongly affected by redistribution of interstitial elements in 
the course of the long-term thermal/creep exposure. Diffusion of interstitial elements is driven by the 
differences in activities of these elements across the fusion boundary. Atoms move in the direction of 
activity gradients [7]. Simulation of microstructural evolution included following issues: 

1. stable phases in the P23 and P91 steels as a function of temperature and carbon content, 

2. temperature dependence of carbon and nitrogen activity in the P23 and P91 steels, 

3. carbon redistribution close to the P23/WM91 boundary, 

4. phase profiles across the P23/WM91 boundary for temperatures 500, 550 and 600°C and time of 
exposure of 30 000hours. 

Due to significant differences in carbon activity for the P23 and P91 steels in the temperature range from 
500 to 800°C pronounced redistribution of carbon from the P23 to the P91 steel is to be expected, Fig. 4. 
On the other hand, differences in nitrogen activity for both steels are negligible and no significant 
redistribution of nitrogen is awaited [8]. 

Calculations of carbon migration and phase profiles across the P23/P91 interface for 550°C/ 30 000 hours 
are shown in Figs. 5 and 6, respectively. Results of calculations demonstrate “up-hill” diffusion of carbon 
from the P23 to the P91 steel. Both the content of carbon and the width of the carburized zone increase 
with the temperature of exposure. The calculated carburization of the P91 steel for 500°C is 0.18wt%C, 
while for 600°C it reaches 0.39wt.%C. In the carburized zone the molar fraction of M23C6 phase increases 
with the temperature of exposure, but the molar fraction of MX remains about the same and the molar 
fraction of Laves phase decreases. Partial decarburization of the P23 steel takes place mainly at the 
expense of dissolving M7C3 particles. No significant effect of decarburization on molar fractions of MX and 
M6X is predicted. 
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Fig. 5. Carbon redistribution across the P23/P91                Fig. 6. Minor phase profiles across the P23/P91 

interface for 550°C/30 000hours                   interface for 550°C/30 000hours   

 

3.2  Results of Microstructural Investigations 

The minor phases found in the P91 and WM91 steels are in accordance with the results of ThermoCalc 
calculations. In the carburized zone of the WM91 a high density of M23C6 particles was present, Fig. 7. 
M23C6 particles in the carburized zone were richer in iron compared to those in both the WM91 and P91 
steels. The size of M23C6 particles in the carburized zone was very variable. However no difference in 
chemical compositions between big and small M23C6 particles was found [8]. 

 

 

 

 

 

 

 

 

 

 

 

Fig. 7.Precipitation of M23C6 particles in carburized Fig. 8.Fine MX particles in the partly the    
zone of the WM91, 600°C/26 780h                               decarburized zone of the P23, 550°C/26 
                                                            386h                              

Some differences between calculations and experimental studies were found for minor phases in the P23 
steel. During quality heat treatment precipitation of MX and M7C3 phases is accompanied by precipitation 
of the M23C6 phase which is regarded as a metastable phase in the steel under consideration. M6C starts to 
form only during long-term creep exposure. The kinetics of M6X precipitation depends on both 
temperature and time of exposure. No M6X particles were found after exposure 500°C/31 323hours, but 
shorter times of exposure at higher temperatures resulted in precipitation of M6C particles. After exposure 
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600°C/26 780 hours many big M6X particles were present in the matrix. These particles were predominantly 
situated along grain boundaries. Chemical composition of fine MX particles was very variable [8]. Coarser 
MX particles were rich in titanium and niobium, small MX particles were rich in vanadium. A significant 
amount of tungsten was dissolved in MX particles [8]. 

Many small MX particles were preserved in the partly decarburized zone of the specimen after 26 386 
hours at 550°C, Fig. 8. In the specimen after 26 780 hours at 600°C a mixture of small MX and bigger M6X 
particles was present in the decarburized zone. The fraction of M6C particles in this zone was much lower 
compared with that in the P23 steel unaffected by carbon redistribution. On the right side of Fig. 9 a typical 
distribution of M6C particles (white dots, black dots are cavities) in the partly decarburized zone of the P23 
steel can be seen. M6C particles are present up to the P23/WM91 interface. Neither M6X nor Laves phase 
particles were found in the carburized zone of the WM91 (the left side of Fig. 9). Fine MX particles 
preserved in the HAZ of the P23 steel slowed down recovery and recrystallization processes in the bainitic 
matrix. Microstructure of the partly decarburized zone in the P23 steel remained bainitic in all specimens, 
Fig. 10. 

 

 

 

 

 

 

 

 

 

 

Fig. 9. M6C distribution in the partly                       Fig. 10. COM image in the fusion zone of the  
 decarburized zone of the P23 steel                    specimen after creep exposure 600°C/ 26   
           (on  the right side), 600°C/ 26 780hours         780h  

 

4.  Conclusions 

Results of creep rupture tests on the P23/P91 dissimilar weld were close or slightly below the lower limit of 
the ±20% scatter band around the standardized curve for creep strength of the P23 steel. In the course of 
creep exposure the development of creep damage can simultaneously take place in several critical areas of 
weldments but the location of the final failure is determined by the “weakest area” for given testing 
parameters. It was proved that evolution of minor phases in the P23/P91 welds during creep was in a good 
agreement with results of microstructural modelling, except the P23 base metal. Microstructure of the 
partly decarburized zone in the P23 steel remained bainitic in all specimens investigated. This is related to 
undissolved MX (VC) particles in the partly decarburized zone which slowed down recovery/ 
recrystallisation processes in the bainitic matrix.  
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ABSTRACT 

One of critical parts of structural device in power industry is a weld joint, similar or dissimilar. In 
comparison to the base metal, the mechanical and structure characteristics of as-welded and after post 
weld heat treatment (PWHT) weld metal are different, i.e. hardness values of weld metal are significantly 
higher. Moreover, the heat-affected zone (HAZ) induces even structure differences comparing to the 
unaffected base metal.  

In a long-term service, materials properties of whole weld joint degrade. Unfortunately, each zone of weld 
joint degrades specifically that leads to profoundly different properties of weld zones and disallows to 
reliable predict a behaviour of the weld as a whole. Therefore, it is very important to determine possible 
degradation processes occurring in the weld joint inducing the properties changes during long-term service 
and to study the behaviour of each zone of the weld joint in these service conditions. 

The paper deals with the study of materials properties of similar and dissimilar weld joins of creep-resisting 
steels. Creep-resisting 9% Cr steels marked P91, P92 and a low-alloyed CrMoVW steel marked T23 as 
experimental materials were used. The structure and mechanical including creep behaviour of each zone of 
the weld joint during a long-term isothermal exploitation at 650 °C in air atmosphere was observed. For this 
reason, the light microscopy (LM), transmission electron microscopy (TEM), X-ray diffraction (XRD), and 
CALPHAD approach were used. Finally, all theoretical and experimental data were discussed with respect to 
the choice of weld metal, welding method, and PWHT. 

Keywords: similar/dissimilar weld joints, creep-resisting steels, mechanical tests, creep tests, light 
microscopy (LM), transmission electron microscopy (TEM), X-ray diffraction (XRD) 

 

1. INTRODUCTION 

A behaviour and suitability of creep-resisting steels for power and chemical industry is widely studied 
focused on to develop materials of new generation for super-critical power plants. So far achieved 
knowledge on long-term behaviour of creep-resisting steels is mostly based on testing of just base metals, 
although real structural components of power plants are heavily welded and bended. And just these 
welded and bended places become most critical parts of entire construction. Therefore, a necessary 
condition for suitability assessment for super-critical plants is to study the behaviour of welded and/or 
bended as-treated as well as as-exposed creep-resisting material. 

In this paper a main research is focused on similar and dissimilar weld joints of low-alloyed bainitic creep-
resisting 2.25Cr-0.25V-1.6W steel (T23), and two middle-alloyed martensitic creep-resisting 9Cr steels (P91, 
P92). 
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2. EXPERIMENTAL MATERIALS 

2.1 Base metals 

T23 steel is a modification of known low-alloyed bainitic creep-resisting 2.25Cr-1Mo steel.  Increased creep 
properties of as-treated steel similar to 9 wt.% of Cr steels P91, P92 have been achieved by alloying with 
0.04 wt.% of V and substituting 0.90 wt.% of Mo by 1.49 wt.% of W (the steel contains just 0.10 wt.% of 

Mo). Furthermore, an addition of 0.005 wt.% of B 
contributes to improve a weldability of this steel. The 
microstructure of as-treated T23 steel (normalised and 
tempered) is formed with upper bainite with carbides of 
M23C6 type and carbon-nitrides of MX type. A long-term 
service exposure induces a progressive coarsening of 
carbide particles on grain boundaries and partial 
precipitation of new particles in grains. M23C6 carbides 
rich on chromium are substituting by M6C particles 
(containing tungsten) resulting in decrease in 
substitution strengthening of solid solution (see Fig. 1). 
Therefore, the creep resistance level of steel T23 falls 
during an isothermal exploitation to a level of classical 
2.25Cr-1Mo steel.  

P91 steel is well known ferritic-martensitic 9 wt.% of Cr 
steel alloyed with 1 wt.% of Mo, 0.20 wt.% of V, 0.08 
wt.% of Nb, and 0.05 wt.% of N. Due to its extended 
strength and creep properties at elevated temperature 
P91 steel is used as boiler tubes in superheaters and as 
steam pipes for power industry. The microstructure of 

as-treated steel (normalised and tempered) is formed with upper martensitic, and ferritic grains with 
dispersed carbides/carbon-nitrides of M23C6, MX type, respectively, in grains and/or on their boundaries. 
During a long-term isothermal exposure at high temperature (620 - 650 degrees of Celsius), martensitic 
plates are dissolving and carbide M23C6 particles are coarsening (see Fig. 2).  

P92 steel is a modification of P91 steel, mentioned above, in addition alloyed with 1,7 wt.% of W dissolved 
in a matrix to obtain more extended creep resistance by a substitution strengthening. The microstructure 
of as-treated steel is formed with tempered martensite grains with dispersed M23C6 carbides and MX 
carbon-nitrides. During the same long-term isothermal exposure at high temperature, martensitic plates 
are too dissolving and carbide M23C6 particles are coarsening. In contrary to P91 steel, the long-term 
exposure leads to a precipitation of Laves phase rich on tungsten and molybdenum (see Fig. 3) that 
weakens the solid solution. 

The chemical composition of T23 steel (normalised 1 045 degrees of Celsius/ 10 min/ air and tempered 
770 degrees of Celsius/ 60 min/ air), P91 steel (normalised 1 060 degrees of Celsius/ 60 min/ air and 
tempered 750 degrees of Celsius/ 120 min/ air) and P92 steel (normalised 1 050 degrees of Celsius/ 60 min/ 
air and tempered 780 degrees of Celsius/ 120 min/ air), used as experimental materials for making similar 
and dissimilar weldments, is to see in a table 1. 

 

 

 

 

 

 

 

 
 

 

Fig.1. Phase diagram of T23 steel 
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Fig. 2. Phase diagram of P91 steel 

 

Fig. 3. Phase diagram of P92 steel 

 

 

 

 

 

 

 

 

 

 

 

 

Table 1. Chemical composition of base and weld metals 

 

2.2 Filler metals 

Preparing similar and/or dissimilar weldments, filler metals Union I Cr2WV (see Fig. 4) for T23 steel, and 
Thermanit MTS 616 (see Fig. 5) for P91, P92 steels were used. A chemical composition of Union I Cr2WV 
filler metal is similar to T23 steel, especially considering a volume of chromium, see table 1. Likewise, a filler 
metal Thermanit MTS 616 contains 9 wt.% of Cr, so it is suitable for welding of martensitic steels with a 
similar volume of chromium.  

 

 

 

 

 

 

 

 

 

 

 

Materials C Mn Si P S Cr Ni Mo V Nb N W Others 

T23 steel 0.06 0.29 0.21 0.014 0.004 2.25  0.10 0.240 0.040 0.006 1.49 B 0.005, Al 0.013 

P91 steel 0.09 0.56 0.20 0.021 0.009 8.36 0.46 0.86 0.200 0.060 0.065  Al 0.007 

P92 steel 0.11 0.48 0.37 0.013 0.005 8.58 0.09 0.33 0.227 0.058 0.037 1.62 B 0.0015, Al 0.017 

Union I 0.08 0.56  0.006 0.001 2.23   0.220   1.72  

Thermanit 0.11 0.46 0.38 0.008 0.001 8.76 0.53 0.40 0.201 0.060 0.044 1.55 Cu 0.05 

 

Fig. 4. Phase diagram of weld metal Union I 
Cr2WV 

 

Fig. 5. Phase diagram of weld metal 
Thermanit MTS 616 
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Fig. 7. Weld of P92 steel 

 

Fig. 8. Dissimilar weld of P91-P92 

Fig. 6. Weldments of T23 steel 

In case of a dissimilar weldment of different materials (so-called transition welds), a choice of a suitable 
filler metal is an issue, especially considering a carburised or decarburised zone occurring after welding. For 
example, welding of low-alloyed T23 steel and 9Cr P91 steel requires some filler metal with an ideal 6 wt.% 
Cr, which is, unfortunately, rarely available on market. Therefore, you can choose filler metals with 2.25 or 
9 wt.% of Cr, only, and you are supposed to pay attention to diffusion processes controlling a quality and 
following behaviour of weld joints. 

 

2.3 Weld joints 

Thick-walled boiler tubes of T23 steel with a diameter OD 38x8mm were delivered after following heat 
treatment (HT): normalisation 1 045 degrees of Celsius for 10 min (cooled in air), tempering 770 degrees of 
Celsius for 1 hour. Similar butt W weld joints were prepared by TIG (in argon) in co-operation with Alstom 
Power, s.r.o Brno Company. Three technological versions were used (as-welded structures see in Fig. 6): 

1. Version A – no preheating, no PWHT 

2. Version B – preheated at 150 degrees of Celsius, no PWHT 

3. Version C – no preheating, PWHT 715 degrees of Celsius/30 min. 

Thin-walled pipes of P92 steel with a diameter OD 350x39mm were delivered after HT: normalisation 
1 050 degrees of Celsius (cooled in air), tempering 780 degrees of Celsius. Similar weld joint were prepared 
by TIG (in argon) for the root pass and MMA for filler and cap passes in co-operation with Company 
Modřanská potrubní, a.s. The butt welds were preheated at 200 degrees of Celsius with an interpass 
temperature 200 – 250 degrees of Celsius and PWHT 760 degrees of Celsius for 2 hours cooled in air. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Dissimilar weld joint of P92-P91 steels was prepared on pipes with a diameter ID 350x39mm (P91) and ID 
350x80mm (P92). In this case, welding method TIG (in argon) for the root pass and MMA for filler and cap 
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passes. PWHT was 750 degrees of Celsius for 3 hours cooled in air followed by 700 degrees of Celsius for 2 
hours cooled air, again. All weldments were welded in position PF. 

 

3. RESULTS OF STRUCTURE ANALYSES 

For evaluation of microstructure of all as-treated and as-exposed steels, many assessment methods were 
used, i.e. the light microscopy (LM), transmission electron microscopy (TEM), X-ray diffraction (XRD). In the 
same time, CALPHAD approach was used to simulation of real weld joints. The main results are mentioned 
here: 

Various initial states of similar weld joints of T23 steel based on technological procedure (preheating, 
PWHT) influenced achieved microstructure of each weld joint. In macroscopic point of view, a big 
difference between versions A, B, and C can be observed mainly comparing a width of HAZ, be specific, HAZ 
of version C is half-width. Then, in microscopic point of view, despite a higher density of precipitates of 
version B than version A, microstructures of both versions are very similar. In contrast, a microstructure of 
version C shows already in the initial state a rare precipitation of carbide particles. However, in all versions, 
the microstructure is formed with high tempered bainite with coarse M23C6 and fine M4C3 particles, an 
average ferritic grain size is 6.5 (base metal), 4.5 (fusion zone) respectively. During a thermal degradation at 
650 degrees of Celsius primary precipitated coarse carbides, first of all, on grain boundaries keep 
coarsening (transformation M23C6 to M6C) and new carbides in grains precipitate and grow. Moreover, a 
CALPHAD simulation of behaviour of weld joints under those degradation conditions predicted a presence 

of M7C3 (see Fig. 9) and Laves phase (just in case of 
temperatures about 550 degrees of Celsius).  

As a remarkable change of microstructure, we must assume an 
increasing coarsening of fine-grained zone spreading from both 
surfaces of tubes to the middle part of wall thickness. This 
phenomenon is most significant in version C, where the fine-
grained zone is except the actually middle part coarse across 
entire wall thickness (see Fig. 10). In agreement, values of 
hardness vary from 140 HV10 (in the middle of fine-grained 
zone, non-affected) to 112HV10 (coarse area). 

The microstructure of similar weld joint of P92 steel is 
homogeneous formed by tempered martensite with dispersed 
carbide particles of M23C6 and MX type. HAZ is very narrow (2-3 
mm) – see Fig. 7 – and with no defects. Comparing the 
microstructure of base metal, HAZ has no remarkable 

microstructure differences including non-
significant coarsening on fusion line, too. 
And to be precision, the hardness of weld 
metal varies between 235 and 255 HV10, 
HAZ has values of hardness lying between 
220 to 260 HV10 and an average hardness of 
base metal is 225 HV10.  

The microstructure of dissimilar weld joint of 
P92 and P91 steels is formed by tempered 
martensite with particles of M23C6 and MX 
carbides, carbon-nitrides respectively. 

Characterising all zones of weld, the 
microstructure of root, filler and cap passes 
is formed by tempered martensite, too, with 

 

Fig. 10. Fine-grained zone of exposed weld (type C) 

 

Fig. 9. Phase profile cross weld C 
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Fig. 13. Base metal of P92 steel 

 

Fig. 12. HAZ of P91 steel 

no significant structure changes across a wall thickness of the welded tube. The average hardness of weld 
metal is 292 HV10 (306 HV10 for the root pass). 

HAZ, comparing a similar weld of P92 steel, is very narrow (2-3 mm), too, and homogeneous across the wall 
thickness. Then, more significant fusion zone can be observed just in P91 steel (see Fig. 12). The average 
values of hardness are 255 HV10 (P91 steel) and 268 HV10 (P92 steel), respectively. 

    

    

    

Fig. 11. Microstructure of (A) cap, (B) root, (C) filler passes, (D) fusion line, (E) fine-grained zone, 
and (F) unaffected base metal (LM left, TEM right). 
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But, in base metal near external surface of both tubes, very large coarse-grain area occurs (see Fig. 13). 
However large and remarkable structure area it is, its hardness is practically the same considering remnant 
non-affected base metal, 231 HV10 (P91 steel) and 217 HV10 (P92 steel), respectively.  

The influence of PWHT on change of microstructure properties of similar and dissimilar weld joints of P92 
steel induced by following isothermal degradation at 650 degrees of Celsius (laboratory testing) are still 
running. 

 

4. RESULTS OF MECHANICAL TESTS 

Tensile tests proofed a significant influence of applied post-weld heat treatment on mechanical properties 
of weld joints. After a long-term isothermal degradation loading, this influence is more powerful. For 
example, mechanical properties of weld joint of T23 steel – type C (without preheating, with PWHT) 
decrease more rapidly than the other two types (with/without preheating, without PWHT). 

 

5. RESULTS OF CREEP TESTS 

Creep tests of weldments were carried out at Laboratory of Institute of Physics of Materials of Academy of 
Science of the Czech Republic. As testing parameters, uniaxial tensile isothermal loading and with cyclic 
temperature, respectively, were set. Comparing creep behaviour of welded and non-welded steels, the 
results led to expected conclusion: a level of creep resistance of weld joints is lower, in general. 

 

6. CONCLUSIONS 

Presented paper deals with similar and dissimilar weld joints of low-alloyed steel (2.25Cr-0.25V-1.6W) 
marked T23 and 9 wt.% of Cr steels marked P91, P92 respectively. For evaluation of as-treated and as-
exposed steels, many assessment methods were used, i.e. the light microscopy (LM), transmission electron 
microscopy (TEM), X-ray diffraction (XRD), and CALPHAD approach. In addition, mechanical tests including 
creep were taken. 
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ABSTRACT 

Material of trial rotor made of martensitic X12CrMoWVNbN10-1-1steel underwent creep testing to the 
rupture in the temperature range from 500 °C to 600 °C. Microstructures of selected specimens tested at 
500 °C and 575 °C that ruptured after exposures exceeding 100,000 hrs and 30,000 hrs, respectively, were 
studied in detail using light, scanning and transmission electron microscopy. Quantitative analysis of 
substructure was carried out. Tempered martensite consisted of ferritic laths with subgrains, coarse 
particles at grain and subgrain boundaries and fine intragranular precipitate. A number of particles at grain 
and subgrain boundaries increases and size of subgrains slightly decreased after test at 500°C/ 250MPa/ 
107514hrs. A coarsening of particles at boundaries and occurrence of Laves phase were found out after test 
at 575°C/ 155MPa/ 34707hrs. Dislocation density decreased with increasing temperature and time of creep 
exposure. An influence of microstructural changes on creep strength is discussed. 

Keywords: creep testing, long-term testing, X-ray microanalysis (EDX) 

 

1. INTRODUCTION 

There is a continuous trend to improve efficiency of modern steam power plants for two main reasons: 
reduction of the specific emissions of environmentally damaging gasses and reduction of the plant 
operating costs. In general the efficiency increases with increasing temperature and pressure of the steam 
generated in the boiler. In order to withstand advanced high-temperature operating conditions new creep 
resistant materials have to be developed. Attention is paid especially to relatively cheap ferritic-martensitic 
steels that are used for production of all major components in boilers and turbines. Modified (9-12) % Cr 
steels seams to be a perspective material from point of view of long-term creep resistance, creep 
properties, oxidation resistance in environment of steam, weldability and other technological properties, 
which are necessary for fabrication of large forgings, castings and pipe sections.  

A lag of European development of new materials for power plant equipments behind the USA and Japan 
led in the end of 70´s to a coordinate collaboration of steel makers, manufacturers of turbine and boiler 
equipment, research organisations, testing institutes and power plant utilities. The primary activities to 
develop and qualify new materials for application in high temperature steam power plant have been 
performed in the COST programmes (COST 501, COST 522 and nowadays COST 536). Development of new 
materials was solved not only on the level of laboratory tests, but also on the level of production of full-
scale parts of the stem turbines.  

Steel E911 (9-10)%Cr-1%Mo-1%W-0,25%V-0,05%Nb-0,05%N) has been developed in frame of the European 
programme COST 501. Subsequent trial melts with modified compositions signed A, B, F were carried out 
and tested with the aim to obtain material with the following properties [1]: 

- 100 000 hours creep rupture strength at 600 °C of about 100 MPa, 
- good creep rupture ductility (elongation above 10 %) and no notch sensitivity, 
- through-hardening up to least 1,200 mm diameter, 
- minimum yield strength of 600 or 700 MPa, 
- oxidation resistance, toughness and susceptibility to embritlement should not be worse than those of 

conventional 12% CrMoV and 1% CrMoV rotor steels. 
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Two the most promising steel compositions were selected for the production of full-scale rotor forgings (E 
steel with 1 % W and 1 % Mo and steel F with 1,5 % Mo). Samples from these trial rotors underwent a huge 
testing programme. A short-term creep testing showed an excellent combination of creep rupture strength 
in the temperature range from 550 to 650 °C, iso-stress rupture times at  = 100 MPa and toughness that 
exceeded mechanical properties of conventional  12% CrMoV steel [2]. However next long-term creep 
testing revealed that addition of 1 % W did not lead to expected improvement of creep strength in low 
stress region [3]. 

Long-term creep testing of samples made of trial E rotor were performed in seven European laboratories. 
Testing at 500 °C and 575 °C was assigned to Laboratory of Mechanical testing in ŠKODA VÝZKUM s.r.o. 
Times to rupture of specimens tested at 500 °C exceeded 100,000 hours although expected times were 
about 60,000 hours. Results of these long-term creep tests are of a great importance as they allow 
improving and making accurate an estimation of creep resistant properties yielded from short-term creep 
tests. 

 

2. EXPERIMENTAL PROCEDURES 

Rotor E of a maximum diameter of 1,200 mm was fabricated from ingot of a total weight of 42 
tons produced by Saarstahl Völklingen (Germany). Chemical composition of the forging is given in Table 1. 
Heat treatment was performed in two variants that should have led to material with low yield strength (630 
MPa) and high yield strength (750 MPa). In the first case the heat treatment consisted of 
1071°C/17hours/oil + 570°C/25hours + 690/24hours + 715°C/22hours/furnace, while in the second one of 
1071°C/17hours/oil + 570°C/25hours +  690°C/24hours. Samples used for creep test were machined out of 
a surface part of the rotor and they were oriented in tangential direction. Creep test to rupture with 
measuring of deformation was performed. Ruptured creep test bars were used for the following 
experiments: fractographic analyses, microstructure assessment using both the light and the scanning 
electron microscopy, quantitative evaluation of particle of secondary phases and dislocation substructure 
using transmission electron microscopy of thin foils. The thin-foil specimens were thinned by a jet polishing 
in 6 percent solution of perchloric acid in methanol at the temperature of -40 °C. Energy dispersive X-ray 
microanalysis (EDX) and electron diffraction were used for the identification of secondary phases. 

 

Table 1. Chemical composition in weight % 

C Si Mn Cr Mo Ni V W Nb N Al B 
0.12 0.10 0.45 10.4 1.06 0.74 0.18 0.81 0.045 0.052 0.008 0.002 

Table 2. Conditions and results of creep tests 

Temperature 
[°C] 

Stress [MPa] Sample 
Duration to 

fracture [hours] 
Area 

reduction [%] 
Contraction 

[%] 
Notice 

500 

335 E61 587 25.3 81.9 TEM 

315 E62 1 968 26.0 81.9  

290 E63 7 363 24.0 79.7  

270 E64 22 511 19.9 80.8  

250 E65 107 514 23.1 80.8 TEM 

575 

210 E66 2 653    

190 E67 1 728   Interrupted 

170 E68 1 728   Interrupted 

155 E69 34 707 21.9 84.0 TEM 

135 E70 60 292 19.1 85.0  
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a 

b 

3. RESULTS 

3.1  Creep test 

Results of long-term creep tests of samples of rotor treated on the low yield stress level performed in 
ŠKODA VÝZKUM s.r.o. are summarised in Table 2 and graphically represented in Fig. 1. Dependences of 
creep rupture strengths on time to rupture include both variants of the heat treatment steel; values of steel 
treated on the high yield stress were measured in COST- partner laboratories. The full line represents mean 
values of creep strength of steel E911 according the data sheets [4]. The longest time to rupture has been 
reached 107 thousands hours and 60 thousands hours for temperature 500 °C and 575 °C, respectively. The 
variant treated on the high yield stress level has show higher creep resistance in comparison with the one 
treated on the low yield stress level. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 1 Dependence of stress on time to rupture: a) for a temperature of 500 °C,  
b) for a temperature of 575 °C 
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3.2  Fractographic analysis 

Fracture surfaces of tested samples have the same features. Relatively large area reduction and contraction 
are typical for all fractures. Middle areas of fracture surfaces are transcrystaline ductile with dimpling 
morphology (Fig. 2a). Two classes of the dimple size can be distinguished (Fig. 2b). The large dimples of size 
from 20 to 100 µm have been formed around either non-metallic inclusions or coarse carbides, while fine 
dimples of diameter ranging from one to several micrometers have been formed in a metallic matrix. Any 
intercrystalline facets as well as metallurgical defects, which could influence the fracture, were not found. 

 

 

 

 

 

 

 

 

                              
a                                                                                   b 

Fig. 2. Fracture surface of specimen E 65 (500 °C/ 250 MPa/ 107 514 hrs), SEM micrograph 

 

3.3  Microstructure analysis 

Microstructural analyses including detailed TEM substructure evaluation of three samples termed with E61, 
E65 and E69 have been performed. The virgin material used for creep test bars production was not 
available. Sample E 61 (500 °C/ 335 MPa/ 587 hours) represents material in condition only slightly 
influenced by creep testing and can serve as a reference sample. Samples E65 and E69 underwent 
substantially longer creep exposures. Sample E65 was tested at temperature of 500 °C and stress 250 MPa 
for 107 514 hours and sample E69 at temperature of 575 °C and stress 155 MPa for 34 707 hours. 
Microstructures of all samples consist of severe tempered martensite containing particles of secondary 
phases. Martensitic laths (or plates) are divided into subgrains. Coarse particles are precipitated on the 
boundaries of prior austenitic grains, ferritic laths and subgrains while fine precipitates are spread within 
subgrains. Non-uniform dislocation density was observed in crept specimens. Higher density was usually 
related to occurrence of fine intragranular precipitates. The size distribution of particles with diameter 
above 20 nm, size of subgrains and the dislocation density were evaluated for the three above mentioned 
samples using TEM micrographs and image analysis program NIS-elements. Threshold of particles and 
subgrains was performed using an editor of manual processing. Equivalent diameters, MaxFerets and 
MinFerets (maximum and minimum values of a length of objects measured in various directions) have been 
determined from binary images. Ferets were measured at slope of testing line of 10, 20, 30, …, 180 °. The 
average values of measured quantities including tested areas and numbers of tested objects are given in 
Tables 2 and 3. 

The density of dislocation has been determinated using intercept method according equation  

t

x

L

n

L

n
)(

2

2

1

1 +=ρ  ,         (1) 

where n1 and n2 are numbers of intersections of dislocations with perpendicular lines of length L1 and L2 
respectively, x is an correction factor of visibility of dislocations, which is equal 2 and1 for two beam 
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approximation in (110)α reflection and 1 in (200)α reflection, respectively, t is a thickness of sample 
calculated as an product of number of fringes in a grain boundary and extinction depth (28.89 nm and 
42.27 nm for imaging in a reflection (110)α and (200)α, respectively). Results are summarised in Table 4. 

 

Table 2. The size of subgrains 

Sample 
Evaluated 

area 
Number of 
subgrains 

Equivalent 
diameter 

MaxFeret MinFeret 

[µm2]  [nm] [nm] [nm] 

E61 48 724 516 846 415 
E65 54 1 239 473 740 393 
E69 47 710 525 862 416 

 

Table 3. The size of particles of secondary phases 

Sample 
Evaluated 

area 

Numer 
of 

particles 

Equivalent 
diameter 

Max equivalent 
diameter 

MaxFeret MinFeret 

[µm2]  [nm] [nm] [nm] [nm] 

E61 6.6 241 83 232 117 65 
E65 7.9 1 134 90 328 124 71 
E69 7.2 437 125 723 178 99 

 

Table 4. The dislocation density 

Sample 
Average dislocation density 

Maximum dislocation 
density 

Minimum dislocation 
density 

[1013 m-2] [1013 m-2] [1013 m-2] 

E 61 7.7 12.5 2.0 
E 65 2.1 3.4 0.9 
E 69 1.4 3.0 0.5 

 

A typical substructure of E61 sample (500 °C/ 335 MPa/ 587 h) is shown in micrographs in Fig. 3a. 
Dislocations form a non-arranged dislocation networks in some of laths; fine particles of vanadium nitrides 
have been observed on dislocations (Fig. 3a). A cellular structure or subgrains are present in other laths. 
Dislocation walls and Moiré fringes originated as a result of interaction of an electron beams transmitting 
slightly disoriented subgrains are shown in Fig. 3b. Size of subgrains of 516 nm was determinated as an 
average value of the equivalent diameter measured at 724 subgrains. Width of subgrains of 415 nm that 
was determined as an average value of MinFerets is considered controlling parameter of substructure 
strengthening. The dislocation density is relatively high; it ranged from 2 to 2.5·1013 m-2 at individual lath. 
Coarse particles at boundaries are M23C6 carbides. Their size was determined as an average diameter of 83 
nm using measurement of 241 particles. The largest particle was of a diameter of 232 nm.  

Sample E65 (500 °C/ 250 MPa/107 514 h) shows better developed subgrains then that at previous sample. 
A higher number of coarser particles are on the grain and subgrain boundaries. The size of subgrains is 
higher compared with sample E61 (Fig. 4a). The average subgrain size (determinated from 1.239 
measuremnts) is 473 nm, the average width is 393 nm. Dislocations are mostly concentrated in dislocation 
walls, which separate subgrains with very low dislocation density and without fine precipitates (Fig. 4b). 
Nevertheless in some lath fine inragranular precipitates together with higher dislocation density were 
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observed. In individual laths dislocation density was measured ranging from 0,9 to 3,4 · 1013 m-2. Fine 
particles of vanadium nitrides inhibit a motion of dislocations, coarser chromium carbides stabilize 
dislocation walls (see Fig. 4c). Coarser particles with the average diameter of 90 nm form more or less 
continuous strings along laths boundaries and sometime also along grain boundaries (Fig. 4a). Only gentle 
coarsening of particles occurred in comparison with sample E61. The average diameter of particles was 90 
nm and diameter of the largest particle was 328 nm. At the grain and subgrain boundaries only M23C6 
carbides were detected using selected area electron diffraction.     

          

 

 

 

 

 

 

 

 

 

 

a                                                   b                                                     c 

Fig. 3.Substructure of specimen E61 (500 °C/ 335 MPa/ 587 hrs): a) general view, b) subgrains and coarse 
carbides, c) fine intragranular precipitate. TEM micrographs 

                               

 

 

 

 

 

 

 

 

 

 

 

a                                                   b                                                    c 

Fig. 4.Substructure of specimen E65 (500 °C/ 250 MPa/107 514 hrs): a) general view, b) subgrains and 
coarse carbides, c) fine intragranular precipitate. TEM micrographs 

 

Substructure of sample E69 (575 °C/ 155 MPa/ 34 707 h) is shown on Fig. 5a. Nearly all laths are subdivided 
by dislocation walls into subgrains (Fig. 5b). The average equivalent diameter of subgrains of 525 nm is 
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larger that the diameter of sample E61. However, the average width of subgrains of both samples is nearly 
the same. The density of free dislocations is very low on the level of (0.5-3)·1013 m-2. Coarse particles at 
grain and subgrain boundaries occur more frequently in comparison with sample E61, but their number is 
lower in comparison with sample E65. Particles are significantly coarser then those in samples E61 and E65. 
The average equivalent diameter increases to 125 nm and the largest particle has the diameter of 723 nm. 
In addition to particles of M23C6 particle of Laves phase were present on the grain and subgrain boundaries. 
Laves phase represents massive particles of irregular shape that contain a lot of stacking faults. These 
stacking faults are evident on micrographs taken in bright as well as dark imaging conditions (Fig. 5). 
Particles of fine vanadium nitrides were observed only seldom. 

 

 

                                

 

 

 

 

 

 

 

 

 
a                                                   b                                                    c 

Fig. 5. Substructure of specimen E61 (575 °C/ 155 MPa/ 34 707 hrs): a) general view, b) Laves phase – bright 
field, c) Laves phase – dark field. TEM micrographs 

 

4. DISCUSSION 

 
Table 5. Comparison of creep resistance of P91, P92 and E911 steels 

Temperature 
[°C] 

P91∗ P92∗∗ E911 (rotor E) 

Creep strength for 100 000 h [MPa] Stress [MPa] Duration [h] 
500 213 - 250 107 514 
520 177 235 - - 
570 113 157 - - 
575 - - 135 60 292 
580 102 142 - - 
600 82 113 - - 

∗……values according DIN 17175 for steel X 10 CrMoVNb 9-1 W. Nr. 1.4903  
∗∗…. values according ECCC Data sheets for steel X10CrWMoVNb 9-2  

 

Results of long-term creep tests to fracture of samples of the rotor E at temperatures from 500 °C to 575 °C 
exceed expectations.  If we compare creep resistance of trial modification of E911 steel (rotor E) with creep 
resistance of P91steel (9Cr1MoV) and P92steel (9Cr1MoVW), it can be concluded that creep resistance of 
rotor E at temperature 500 °C is higher then creep resistance of P91steel and comparable with P92 steel. 
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However the creep resistance of rotor E at 575 °C is significantly lower then creep resistance of P92 steel 
(see Table 5).  

Results of detailed microstructure analysis of three samples crept at various conditions at temperatures 
500 °C and 575 °C can be summarized as follows:   

1) Chromium rich carbides precipitated during long-term creep exposure at the temperature of 500 °C. 
They stabilized dislocation substructure and consequently any growth of subgrains was not observed 
even after 100 000 hours of the creep exposure. On the contrary a higher density of particles caused 
a slight decrease in subgrain size.  

2) Fine intragranular precipitates of MX particles were stable at temperature of 500 °C. They persisted 
in subgrains even after 100 000 hours of the creep exposure. 

3) Different microstructural processes occurred during creep at 575 °C.  Massive particles of 
molybdenum rich Laves phase precipitated. High speed of coarsening of these particles caused 
depletion of matrix about molybdenum and tungsten additions. It resulted in decrease of 
substitution strengthening. In addition the coarse particles served as origins for cavities formation. A 
distinct decrease of density of fine vanadium nitride precipitate after creep exposure of nearly 
35 000 hours caused decrease in precipitation strengthening.  

 

5. CONCLUSIONS 

Long-term creep tests and microstructure evaluation proved both high creep resistance of steel E911 and 
microstructure stability at temperature of 500°C, which are comparable with steel P92. However at the 
temperature of 575 °C significant changes of microstructure occurred, which resulted in drop of creep 
resistance of steel E911 on the level of steel P91. The previous published results that alloying of 9Cr-1Mo 
steel with one percent of tungsten does not lead to improvement of creep resistance [5] have been 
confirmed. 
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ABSTRACT 

The structure behavior of the steel grade C45E in dependence of heat and deformation conditions is 
presented in this contribution. The temperature relations of austenitic grain size in range 850 °C - 1250 °C, 
and deformation temperature influence on structure and recrystallization processes are considered in 
relationship with AlN precipitate presence. Intensive grain growth starts over temperature1100 °C. 
Deformation 25 % at temperature 1150°C leads to fully recrystallized structure. Recrystallization processes 
are executed only partially after deformation at temperature 850 °C.   

Keywords: steel grade C45E, influence, deformation, AlN precipitate presence 

 

1. Introduction 

This paper is a part of a project evaluating the susceptibility of steel grade C35E with higher content of N to 
grain growth in forging heating conditions. The grain size is significantly influenced by the manner of AlN 
particles precipitation and their concentration. For increasing the effect of grain refinement, higher 
nitrogen content is used. The ratio of aluminium and nitrogen content, however, should fulfil following 
criterion: Al/N ≤ 5 [1], otherwise, an intensive AlN precipitation on grain boundaries may cause brittleness 
of the steel. 

The most substantial effect of slowing down the grain growth is reached if AlN particles precipitate along 
fine austenitic grains boundaries. In our case, it is necessary to provide sufficient additional forging during 
primary forging, which leads to grain refinement by dynamic and post-dynamic recrystallisation and 
subsequently to AlN precipitation along these boundaries. Further heating should not lead to dissolution of 
AlN precipitated along grain boundaries and inhibiting their growth [2 - 4]. 

The final aim of this project therefore is to define conditions of heating, forging and cooling which will lead 
to the final fine grain structure. 

 

2. Material and experimental methods 

Experimental material was supplied by ŠKODA-STEEL Ltd. Specimens were taken from the re-forged and 
annealed bottom of a C35E (ČSN 41 2040) steel ingot block (annealed at 850 °C / 18 hrs / air / 590 °C / 
21 hrs / air). Chemical composition and results of WDX analysis of the chosen samples are shown in table 1. 
According to the table 1, influence of Al and N contents, concerning the study of the effect of AlN, its 
dissolution and precipitation, is relatively low.  

Specimens of size 20x20x30 mm were prepared for the experiments. Specimens coated by a “kalsen” agent 
were annealed in corundum powder at temperatures 850 °C, 950 °C, 1050 °C, 1150 °C, 1200 °C and 1500 °C 
for 15 minutes, 1 hour and 10 hours (temperature AC3 ~ 805 °C ). The specimens were cooled in a furnace at 
a cooling rate of approx. 2.5°C/min or in water at 20 °C. 
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Table 1 Chemical composition of experimental material [wt. %] 

 

 

 

For recrystallisation evaluation, the laboratory upsetting deformation by a drop hammer of cylindrical 
samples with diameter of 8 mm and height of 15 mm was performed. Weight of hammer ram is 11,6 kg, 
length of the sliding way is 3500 mm and impact velocity is 8,3 m s-1. In the case the sample height is 
15 mm, the impact deformation velocity will be approximately 5,5 . 102 s-1. The deformation intensity of 25 
% and 50 % of original height of the sample was delimited by a steel ring stop. Real deformation in the 
evaluated middle part of the sample is 0,29 % resp. 70 %. Deformation in the end areas of cylinder is 
slowed down by friction and the deformation intensity is generally from 5 % to 10 %.  

One series of samples was deformed after 15 min stay at the temperatures 850 °C, 1050 °C and 1150 °C.  
After deformation of 25 % or 50 % of the original sample height, the samples were cooled in water or in 
corundum powder (cooling rate v ≈ 1 °C . s-1). 

Second series of samples was austenitised at the temperature 1250 °C during 1 h and subsequently cooled 
by air to the deformation temperatures 850 °C or 1050 °C or 1150 °C, at which the samples were kept for 
10 min as an equalizing stay. After that at the given temperatures, the 50 % deformation was exerted. 
Consequent cooling in water or 5 minutes stay at deformation temperature and water cooling was carried 
out.  

The secondary structure was evaluated on specimens cooled in the powder after etching by the 4% solution 
of Nital. The austenitic grain size and the evaluation of austenite recrystallisation were assessed on the 
water cooled specimens using light microscopy. Extraction replicas and chromium shadow-cast collodion 
replicas were prepared for transmission electron microscopy of AlN precipitates. 

 

3. Experiment results and their discussion  

Influence of the temperature and time of the annealing is presented in the table 2. From the results, it is 
certain that in the monitored condition the annealing up to 950 °C does not lead to any considerable grain 
coarsening. Local grain coarsening is visible at the temperature 1050 °C. Above the temperature 1150 °C, 
the grain coarsening is significant. Secondary structure of samples after austenitisation and air cooling was 
pearlite-ferrite in all cases. Ferrite is in the form of network along the original austenitic grains.  

 

Table 2 Time and temperature influence on grain size 

Temperature 800 °C 850 °C 950 °C 1050 °C 1150 °C 1200 °C 1250 °C 

15 min 0,017 0,017 0,021 0,068 0,088 0,177 0,250 
1h  0,017 0,022 0,149 0,493 0,580 0,841 
10h  0,018 0,023 0,250 0,502 0,588 1,000 

 

Deformation intensities of 25 % and 50 % of the original sample height at the temperatures 850 °C, 1050 °C 
and 1150 °C lead to a recrystallisation in all cases. Whereas, in the samples deformed at the temperature 
850 °C, there is up to 5 % deformed non-recrystallised grains. At higher deformation temperatures, the 
structure is composed purely of the recrystallised polyedrical grains. The austenitic grain sizes after 15 min 
of annealing without deformation and after executing both deformation intensities at the monitored 
temperatures are documented in fig.1. The grain refinement via recrystallisation after using both 
deformation intensities and all monitored temperatures is visible. As expected, after greater deformation 

Element C Mn Si P S Cr Al N 

Melt  0,45 0,75 0,19 0,005 0,003 0,09 0,021 0,008 
WDX 0,33 0,88 0,16 - - 0,09 0,035 - 
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the grain refinement is more significant. The refinement is most perceptible in the case of the highest 
deformation temperature, where the original austenitic grain size is the biggest. Reached grain refinement 
has value of 55 %.  

Secondary structure is homogeneous pearlite-ferrite in this case too. The ferrite network again encircles 
the original austenitic grains. At higher deformation temperatures, the ferrite is precipitated also in the 
acicular form. 
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Fig. 1 Influence of temperature and deformation on austenitic grain size 

 

Fig. 2 Austenitic grain size after annealing at 1250 °C/1 hour and 50 % deformation at different 
temperatures (prior grain size after annealing dm = 0,841 mm) 

 

Austenitic grain size of samples annealed at 1250 °C/ 1h and subsequently deformed to 50 % of their 
original height at temperatures 850 °C, 1050 °C and 1150 °C is documented in graph in fig. 2. At 
temperature 850 °C, the recrystallisation is incomplete. The AlN particles precipitated during the stay at the 
forming temperature and during the deformation and after it are assumed to have a decelerating effect. 
The recrystallisation after deformation at 850 °C is not complete even after 5 min stay at that temperature. 
At higher temperatures immediately after the deformation, the grain coarsening is observed. The grain is 
coarser with increasing temperature because of the faster process of dynamical resp. post-dynamical 
recrystallisation. Considerable grain coarsening is visible also during the 5 min stay at the deformation 
temperature (fig. 3).   
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850 °C 1050 °C 1150 °C 

Fig. 3 Austenitic grain size 50 % deformation and 5 min stay 

 

Structures of the samples depicted by TEM after 25 % deformation at 850 °C and 1150 °C and cooled in the 
corundum powder are shown in fig. 4. At the deformation temperature 850 °C there was a fine precipitate 
observed in ferrite grains; at 1150 °C this precipitate was not visible. The presence of this precipitate 
obviously participates in hindering grain growth of the studied steel.          

   

a) b) 

Fig. 4 Secondary structure after 25 % deformation at 850 °C a) and 1150°C b), TEM 

The results indicate there are possibilities to optimize the conditions of the forging heating and N and Al 
contents, so that final fine grain structure guarantying working properties is ensured. The next work covers 
the kinetics of the AlN dissolution and precipitation in austenite, ferrite, morphology AlN in dependence on 
the condition of its creation using the samples from the new laboratory smelting with higher content of 
nitrogen. 

 

4. Conclusions 

• Up to the annealing temperature 950 °C, there is no significant austenitic grain growth in the 
examined steel C35E with increased content of hydrogen. A blocking effect of the AlN particles is 
significant.  
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• At the annealing temperature 1050 °C, the local dissolution of AlN particles begins, which leads to 
local austenitic grain coarsening. 

• Above the annealing temperature 1100 °C, the grain significantly coarsens, the AlN particles were not 
observed anymore. 

• The AlN particles precipitating at the temperature 850 °C cause deceleration of an austenite 
recrystallisation. 

• It is possible to optimize the nitrogen and aluminum content and conditions of C35E steel processing 
so that the final fine grain structure was ensured. 
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Abstract 

The subject of investigation was the steel of type 217H12WF/AISI D3. The main purpose of the studies was 
to establish effect of tempering temperature throughout 120 min on the changes of contents of carbides. 
The tempering was carried out for hardened steel samples after austenitizing in temperatures of 950, 1050, 
1150 °C during 30 min.  

It was found that during tempering of hardened steel in the temperature range of 100-400 °C after 
austenitizing at 950 °C and 1050 °C the intensity of release/separation of carbides is small and it increases 
strongly with the temperature rise. In the hardened steel after austenitizing at 1150 °C the carbides begin 
to separate/release not before the tempering at about 400 °C and very intensively above 500 °C tempering. 

After tempering at 700 °C the contents of carbides in the steel is less than the contents of carbides in the 
annealed steel in the degree the more so as the higher has been the austenitizing temperature in the 
hardening operation. That means after 120 min of tempering of steel at 700 °C one does not obtain 
equivalent to the annealed steel the state of equilibrium of ferrite-carbides. 

Keywords: D3 tool steel, tempering, carbides 

 

1. INTRODUCTION 

In the soft annealed steels containing about 2% C and 12% Cr, on the substrate of ferrite, the chromium-
iron carbides of type M7C3 [1] occur with the percentage share dependent on the contents of carbon in 
steel and varies in quite a narrow range [2]. During hardening the percentage share of carbides, due to 
their dissolution in austenite, decreases with the rise of temperature and time of austenitizing up to 30 min 
[3]. Dissolution of carbides leads to the growth of contents of carbon and chromium in austenite and with 
the same after hardening of higher contents of these elements in martensite and residual austenite [4]. 
Apart from this it is known that with the increase of contents of carbon and chromium in austenite during 
austenitizing the content of residual austenite rises in steel after hardening. It is also known that the 
structure of hardened steel is unstable and that during tempering the process of carbides precipitating 
from the matrix occurs. During tempering of steel of type 195H12/NC11 hardened after austenitizing at 
950, 1050, and 1150 °C the carbides begin to precipitate at temperature of about 300 °C and then with the 
temperature increase (up to 700 °C) the intensity of carbides precipitation rises distinctly [5]. In the steel of 
this type with the addition of 0.06% nitrogen (experimental heat/melt) hardened after austenitizing at 950, 
and 1050 °C the carbides begin to precipitate from the matrix (martensite) during tempering above 100 °C, 
whereas the steel hardened after austenitizing at 1150 °C the carbides begin to precipitate not before the 
temperature above about 400 °C. 

In steel of type 165H12/NC10 (contents of 1.64% C, 12.35% Cr) hardened after austenitizing at 1000 °C 
throughout 15 min the contents of carbides rise successively with the rise of temperature of tempering 
from 100 to 550 °C whereas it slightly decreases in the temperature range of 550 to 750 °C [6].  

The process of precipitation of carbides from matrix during tempering of steel of type 217H12WF/AISI D3 
(2.04% C, 12.2% Cr, 1.33% W, 0.29% V [7, 8]). In that steel hardened after austenitizng at 950 °C, during 
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tempering the percentage share of carbides rises successively with the growth of temperature of tempering 
of 100-700 °C, whereas in steel hardened after austenitizing at 1050 °C the process of carbides 
precipitation during tempering in the temperature range of 400-700 °C is distinctly higher than in 
temperatures up to 400 °C. During tempering of the steel hardened after austenitizing at 1150  °C the 
carbides begin to precipitate practically not before the temperature above about 500 °C. 

It should be noticed that in home and/or foreign literature there is no complex elaborations concerning 
kinetics of precipitation of carbides during tempering of steel of type of about 2% C and 12% Cr with the 
additives of tungsten and vanadium.  

The aim of the investigation, with the results presented in this work, was to: 

1. establish changes of carbides contents in function of tempering temperature in the steel of type 
217H12WF (of the composition given in Table 1) 

2. compare our own results with the results of other steels of type of about 2% C and 12% Cr, in these 
also with the additives of tungsten and vanadium 

3. investigate of displacement of Cr, W, and V in the samples of hardened steel after austenitizing at 
1050°C and tempering at 100, 400, and 700  °C by means of X-ray microanalyzer (see Part 2). 

 

2. MATERIAL AND STUDY METHOD 

2.1.  Chemical steel composition and heat treatment 

The studies were carried out for  steel of type 217H12WF/AISI D3 of chemical composition given in Table 1. The 
samples for the studies were made of rods, forged and soft annealed coming from the same heat. 

Table 1. Chemical composition of the studied steel 

 C    1.95 Mo   0.05 Mn   0.44 
Cr    11.56 Ni   0.122 P   0.024 
W   1.32 Cu   0.073 S   0.022 
V   0.31 Si   0.27 N2   0.016 

 

2.2.  Heat treatment 

(a) Hardening. The steel was austenitized throughout 30 min at 950, 1050, and 1150 °C in the salt oven 
with the salt (BaCl2+3-5%SiO2+Al2O3) and then cooled down in hardening oil 

(b) Tempering. Annealing of samples during 120 min at 100-250 °C has been carried out in 
ultrathermostat filled with a glycerin and in temperatures of 300-700  °C in the bath with liquid lead 
placed in electric chamber furnace. After annealing the samples were cooled down in quiet air. The 
method of tempering has been given in [3]. 

 

2.3.  Determination of carbides contents using the electrolytic isolation method 

The electrolytic isolation of carbides has been carried out for samples: 

(a) hardened after austenitizing at 1050 °C and tempering at temperatures of 100, 150, 200, …, 600, and 
700 °C. The percentage share of carbides after tempering at 100, 200, 300, …, 600, and 700 °C has 
been determined based on six isolations out of 4 samples and after tempering at 150, 250, …550 °C 
based on four isolations 

(b) hardened after austenitizing at 950 and 1150 °C and tempering at temperatures of 100, 200, …700 °C 
the weight share of carbides has been determined on the basis of isolation of four samples. 
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After heat treatment of samples (of diameter 11 mm and 60 mm long) assigned for carbides isolation the 
layer of about 0.5 mm thick has been removed by means of grinding (on a centreless grinder). The 
electrolytic isolation of carbides was carried out in aqueous 5% solution of HCl (sp.grav. 1.19 g/cm3) at the 
current density of 10 mA/cm2. The isolation time was about 20 hours. After anodic dissolution of steel 
matrix the isolate from the samples surface was recovered mechanically with the use of 5% solution of 
CH3OH in H2O and next undergoing treatment by: 

− double rinsing with methyl alcohol 

− scavenging with 5% NH3 in H2O 

− scavenging with methyl alcohol 

− drying at 100 °C throughout 60 min. 

Each time after rinsing the isolate was centrifuged with the rotation of 6000 rev/min. To determine 
percentage contents of carbides the samples before the isolation and after it, and the isolates after drying 
and cooling down to the ambient temperature, were weighed with the accuracy of ± 0.1 mg. (The weight 
share of carbides in steel was calculated acc. to the relationship: w[wt%] = {mw/(m1−m2)}x100%, where mw 
is the weight of dried isolate, m1 is weight of sample prior to isolation, m2 is weight of sample after 
isolation. In calculations of confidence intervals, the significance level was assumed to 1−α = 0.95, (α=0.05). 

 

2.4.  Investigation of surface and linear distributions 

Investigation of surface and linear distributions of Fe, Cr, W, and V in the hardened steel after austenitizing 
at 1050 °C throughout 30 min and tempering was performed by means of X-ray microanalyzer JXA by JEOL. 
The result of this investigation has been presented in Part 2. 

 

3. INVESTIGATION RESULTS 

3.1. Effect of tempering temperature on the carbides contents in steel 

Variations of carbides contents in the studied steel in function of austenitzing and tempering temperatures 
is presented in Fig. 1. 

It results from Fig. 1 that for the studied hardened steel after its austenitizing at 950 and 1050 °C one may 
differentiate two ranges of temperatures differing by the intensity of carbides precipitation, that is the 
range up to about 400  °C, and from about 400 to 700 °C. During tempering in temperatures up to 400 °C 
the carbides precipitate from martensite and their amount is not high. During tempering at that 
temperature of hardened steel after austenitizing at 950 °C only 1.81% of carbides precipitate, and after 
austenitizing at 1050 °C even less, i.e. 1.3%. Distinctly higher growth of carbides contents in function of 

tempering temperature in the temperature range of 
400-700 °C results first of all from the residual 
austenite transformation and higher diffusion rate of 
carbon and alloying elements. 

 

 

Fig. 1.   

Effect of tempering temperature on the carbides 
contents in steel of type 217H12WF/AISI D3 
hardened after austenitizing in  temperatures of 
950, 1050, and 1150 °C 
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The matrix of hardened steel after austenitizing at 1150 °C during 30 min consists of alloying austenite on 
which the substrate occurred the big primary M7C3 carbides and small amounts of fine secondary carbides 
which did not dissolve during austenitizing [3-9]. During tempering of steel of such structure the carbides 
begin to precipitate not before the temperature of about 400 °C, and very intensively above 500 °C. 

The characteristic phenomenon is that after tempering at 700 °C throughout 120 min of the studied steel 
hardened after austenitizing at 950, 1050, and 1150 °C, the contents of carbides are lower than in annealed 
steel. For the austenitizing temperatures as given above, the carbides contents are less than  1.26, 1.41, 
and 2.11%, respectively. 

The investigation results concerning effect of tempering temperature on the contents of carbides in steels 
of type of 2% C and 12% Cr, hardened after austenitizing in temperatures of 950, 1050, and 1150 °C during 
30 min, are presented in Figs. 2, 3, and 4. 

In the studied steels no increase of carbides contents after tempering at 100 °C was found. It results from 
Fig. 2 that weight share of carbides in steels with additives tungsten and vanadium in 217H12WF/AISI D3 is 
higher than in steel 195H12/NC11, and lower than in steel NC11N (of increased contents of nitrogen). In 
steels of type NC11N hardened after austenitizing at 950 and 1050 °C the weight share of carbides rises 
successively up to 500 °C and then after a deflection rises again from 600 to 700 °C. In hardened steels 
after austenitizing at 1050 °C the course of changes of carbides contents in function of tempering 
temperature is different, i.e. in NC11N steel the intensity of carbides precipitation during tempering in 
temperatures up to 300 °C is very small. A similar phenomenon occurs in steels of type 217H12WF/AISI D3 
but in temperature ranges up to 400 °C.  

 

 

 

 

 

 

                                                                                                             

 

 

 

Fig. 2. Effect of tempering temperature on the carbides contents in steels: 195H12/NC11 (2.14% C, 11.5% 
Cr, 0.017% N2) [4, 5], and of increased nitrogen   contents NC11N (2.20% C, 12.48% Cr, 0.06% N2 [4, 
5], and of type 217H12WF/AISI D3(a) [7, 8], and AISI D3(b) [3, 10]. Hardening temperature 950 °C, 
austenitizing time 30 min, tempering time 120 min 

 

After tempering at that temperature the following amount of carbides 1.6% D3(a) and 1.3% D3(b) 
precipitates from martensite, and 0.9% from NC11N (after tempering at 300 °C). Quite different is the 
course of changes of carbides contents in the investigated steels hardened after austenitizing at 1150 °C. In 
steel 195H12/NC11 the carbides begin to precipitate from austenite not before during tempering in 
temperature above 300 °C, and in NC11N and 217H12WF/AISI D3 above 400 °C.  
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Fig. 3.  

Effect of tempering temperature on the 
carbides contents in steels as in Fig. 2. 
Hardening temperature 1050 °C, austenitizing 
time 30 min, tempering time 120 min 

 

Fig. 4.  

Effect of tempering temperature on the carbides 
contents in steels as in Fig. 2. Hardening temperature 
1150 °C, austenitizing time 30 min, tempering time 
120 min 

 

One may assume that present in steels of type 2% C 
and 12% Cr tungsten and vanadium alike the nitrogen 
in steel NC11N is shifting the temperature of 
intensive precipitation of carbides during tempering 
into higher temperatures. Tungsten is believed to play a dominating part because its concentration in the 
matrix of hardened steel is considerably higher than the vanadium concentration. For example, the matrix 
of steels of type 217H12WF/AISI D3 hardened after austenitizing at 1050 °C during 30 min contains 0.82% 
of tungsten and only 0.023% of vanadium, and after austenitizing at 1150 °C, 1.1% and 0.065%, respectively 
[7, 8]. Similar phenomenon concerning tungsten and vanadium contents in the matrix was also was found 
in another steel of this type 217H12WF/AISI D3(b) hardened after austenitizing at 900 to 1150 °C [9, 10]. 

Some characteristic phenomenon is that after tempering at 700 °C throughout 120 min in each of the 
analyzed steels, apart from NC11N steel, the contents of carbides are lower than in the steels under soft-
annealed state. In the steel NC11N after tempering at 700 °C the carbides contents are insignificantly 
higher that the contents in the steel under annealed state. 

 

4. CONCLUSIONS 

Based on the investigations carried out, the following conclusions may be formulated:  

(1) The intensity of carbides precipitation during tempering of the studied steel 217H12WF/AISI D3 
hardened after austenitizing at 950 and 1050 °C distinctly rises at temperatures above 400 °C. On the 
other hand, in the hardened steel after austenitizing at 1150 °C the carbides begin to precipitate 
during tempering at 400 °C, and very intensively above 500 °C. The contents of carbides in the 
studied steel hardened after austenitizing at 950, 1050, and 1150 °C throughout 30 min and 
tempering at 700 °C and time 120 min are lower than the contents of carbides in the soft-annealed 
state. 
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(2) The contents of carbides in the studied steel in annealed, hardened, and state after tempering at 
100-700 °C are lower than the contents occurring in steels NC11N (of higher nitrogen contents) and 
217H12WF/AISI D3(a) and higher than in steel 195H12/NC11. The course of changes of carbides in 
function of tempering temperature is qualitatively similar to course changes in steels 217H12WF/AISI 
D3 and NC11N and in steel 195H12/NC11 but for tempering temperatures above 300 °C. 

(3) The tungsten and vanadium present in the hardened steel matrix result in shifting the temperature 
of the beginning of intensive precipitation of carbides into higher temperatures of about 100 °C in 
comparison with the beginning of intensive precipitation of carbides in the steels195H12/NC11 and 
NC11N. 
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Abstract 

In the paper, the surface and linear distributions of Cr, W, and V in the hardened steel after austenitizing at 
1050 °C during 30 min and tempering in selected temperatures during the period of 120 min, have been 
presented. The distributions of these elements have been determined by means of JEOL-JXA-3A X-ray 
microanalyzer. 

It has been observed that chromium and vanadium are distinctly concentrated in the big primary M7C3 
carbides. At small content of vanadium in the steel equaling to 0.31% this element occurs mostly and 
generally in the big primary carbides. It has been also noticed, that those big primary carbides differ 
distinctly with their tungsten contents. Distribution of Cr, W, and V in the matrix of steel after tempering at 
100-700 °C is not equal and does not vary in a special way with the increase of tempering temperature. In 
case of tungsten and in less degree in vanadium one may notice that in some areas the carbides occur with 
these elements in the system of non-continuous lattice. This phenomenon in a small degree has been 
increased after tempering in higher temperatures of 600 to 700 °C. 

Keywords: distributions of Cr, W, and V , tool steels, carbides, electrolytic isolation, precipitation 

 

1.  INTRODUCTION 

The studies of chemical composition of carbides of type M7C3 and M23C6 in chromium steels by means of an 
X-ray microanalyzer were carried out, e.g. by Grman et al. [1], Bruch [2], Alexandru et al. [3], Kałuża [4]. 
According to Grman et al. [1], carbides M7C3 in the steel X210Cr12 contain 8.7% C, 40.7% Fe, 50.2% Cr, and 
0.4% Mo. That work does not report the contents of tungsten in carbides with the concentration of 
tungsten in the studied steel equaled 0.19%. Bruch in [2] reports the results of studies of chemical 
composition in the high-speed steels and in chromium steel X22CrMoV121 (ferritic). In the chromium steel 
the carbides M23C6 contain 53.7% Cr, 30.5% Fe, 9.1% Mo, and about 2.4% V. In [2] there are also the results 
of determinations of chemical composition of these carbides using the methods of classical chemical 
analysis with the use of isolates of carbides obtained by the method of electrolytic extraction. By means of 
micro probe Bruch [2] determined also the chemical composition of matrix: 10.7% Cr, 84% Fe, 1.2% Mo, 
and about 0.3% V. Alexandru et al. [3] carried out investigation of surface displacement of Cr, Fe, Mo, and V 
in the steel X165CrMoV12 after different variants of heat treatment, i.e. after hardening and tempering, as 
well as one- and two-time freezing at −70 °C and tempering at 210 °C. 

Based on the studies of M7C3 carbides in steel of type 217H12WF/D3, Kałuża [4] has stated that the 
occurrence of carbides M7C3, differing considerably by the contents of chromium, seems to be quite 
probable. This thesis has been précised based on the studies of concentration of chromium in small and big 
carbides in the annealed steel as well as hardened after austenitizing at 1150 °C. The determinations of 
chromium contents have been performed by means of an X-ray microanalyzer. In the studies of surface and 
linear distributions of Cr, W, and V in another annealed 217H12WF/D3 steel [5] it was found that apart 
from chromium in the big M7C3 carbides there was also distinctly concentrated vanadium. The content of 
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this element in the matrix is insignificant. Besides in the studies of linear distribution it was found that 
tungsten did not segregate so distinctly as vanadium in the big primary carbides. 

The big M7C3 carbides in the D2 steel under annealed state contain on average 9.42% C, 44.17% Cr, 4.48% 
Mo, 4.54% V, and 37.38% Fe [6]. The studies of chemical composition were carried out by means of X-ray 
microanalyzer CAMECA Su30 equipped with 2 X-ray spectrometers with the wave length dispersion (WDS). 

The basic aim of the studies of chemical composition changes carried out on carbides and matrix during the 
heat treatment of steel containing of about 2% C and 12% Cr with the additives of W, Mo, and V is to 
optimize the selection of parameters of hardening, sub-zero treatment, and tempering of different types of 
tools made of these steels. In this work the results of introductory studies carried out by means of X-ray 
microanalyzer are presented concerning displacement of Cr, Fe, W, and V in the steel with additives of W 
and V hardened after austenitizing at 1050 °C during 30 min and tempering at temperatures of 100, 400, 
and 700 °C. 

 

2.   MATERIAL AND STUDY METHOD 

The studies have been carried out for steel of type 217H12WF/AISI D3 of chemical composition given in 
Part 1 [8]. The method of heat treatment is also given in Part 1 [8], and in work [7]. 

 

2.1.  The studies of surface and linear distributions of chromium, tungsten, and   vanadium 

The investigations were carried out by means of X-ray microanalyzer of JEOL-JXA-3A. The samples for the 
studies were prepared mechanically with abrasive papers of grit size 150 through 1000 and then polished 
using aqueous suspension of Al2O3. The electron images of surface relief, chemical composition, and X-ray 
images of elements displacements have been registered for analyzed micro-areas of specimens. The linear 
analyses of changes of contents of particular elements have been performed and assumed directions of 
analyses have been marked on the photographs. The following conditions of microanalyzer operation have 
been used: V = 25 kV, Ia = 80 nA, the beam diameter was 2 µm, with quarz, mica, and lithium fluorite used 
as the analyzing crystals. Vanadium and chromium was studied on quartz, iron was studied on mica, and 
tungsten on LiF.  

 

3. RESULTS OF THE STUDYesults of the study 

3.1.  Effect of tempering temperature on distributions of Fe, Cr, W, and V in D3 steel 

The studies results of surface displacements of Fe, Cr, W, and V in the samples of hardened 217H12WF/D3 
steel after austenitizing at 1050 °C during 30 min and tempering at temperatures of 100, 400, and 700 °C 
during 120 min are presented in Figures 1, 2, and 3. 
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Fig. 1.  Surface distributions of Fe, Cr, W, and V in the samples of hardened steel after austenitizing at  
1050 °C during 30 min and tempering at 100 °C during 120 min: a - surface relief, b - image of 
chemical composition 
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Fig. 2.  Surface distributions of Fe, Cr, W, and V in the samples of hardened steel after austenitizing at 
 1050 °C during 30 min and tempering at 400 °C during 120 min: a - surface relief, b - image of 
 chemical composition 
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Fig. 3.  Surface distributions of Fe, Cr, W, and V in the samples of hardened steel after austenitizing at  
1050 °C during 30 min and tempering at 700 °C during 120 min: a - surface relief, b - image of 
chemical composition 
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3.2.  Effect of tempering temperature on linear distributions of Fe, Cr, W, and V in D3 steel 

Effect of tempering temperature of 100, 400, and 700 °C on linear distributions of Fe, Cr, W, and V in the 
D3 steel is presented in Figures 4, 5, and 6.  

                            

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 4.  Linear distributions of Fe, Cr, W, and V in the studied steel hardened after austenitizing at  
 1050 °C for 30 min and tempering at 100 °C for 120 min 
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Fig. 5.  Linear distributions of Fe, Cr, W, and V in the studied steel hardened after austenitizing at  
 1050 °C for 30 min and tempering at 400 °C for 120 min 

Fig. 6.  Linear distributions of Fe, Cr, W, and V in the studied steel hardened after austenitizing at  
 1050 °C for 30 min and tempering at 700 °C for 120 min 

 

4. CONCLUSIONS 

The studies of surface and linear displacements of Cr, W, and V in the samples of steel of type 
217H12WF/AISI D3 hardened after austenitizing at 1050 °C during 30 min and tempering at temperatures 
of 100, 400, and 700 °C during 120 min have indicated that: 

(1) chromium and vanadium are concentrated specifically in big primary carbides (Figs. 1 to 6) 
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(2) it has been observed that big primary carbides differ as to the contents of tungsten, i.e. in some of 
them the concentration of tungsten is significantly higher; linear distributions of tungsten presented 
in Figs. 4, 5, and 6, and the observations carried out in other sites of samples indicate on the 
occurrence of this phenomenon  

(3) in the matrix of steel hardened and tempered at 100 °C the most uniform is the displacement of 
chromium and it does not vary in a special way with the growth of tempering temperature up to 700 
°C. In case of tungsten and in some less degree in case of vanadium locally there are some symptoms 
of the occurrence of carbides separations with these elements displaced in the form of 
discontinuous/pointwise network. This phenomenon intensifies in insignificant degree at high 
temperatures of tempering (Fig. 3) 

(4) displacement of vanadium in the matrix, alike of tungsten, is not uniform and the concentration is 
very small. 
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Abstract 

In contribution attention to stacking fault energy level of high manganese alloys is payed. Stacking fault 
energy is an important parameter influencing deformation mechanism type realized in above mentioned 
alloys. The level of stacking fault energy can be connected with a) dislocation gliding both partial and full 
ones, further b) with gliding mechanism and deformation induced ε-martensite formation or with c) gliding 
mechanism in connection with twinning deformation process and/or d) gliding mechanism leading to shear 
bands realization. Chemical composition and further temperature influence makes the stacking fault energy 
the most important. In paper calculated values of stacking fault energy for various chemical compositions 
of high manganese alloys are presented. Those are confronted with results of some other papers. 

Keywords: plastic deformation, TWIP alloy, TRIPLEX alloys, aluminium 

 

1.    INTRODUCTION 

High manganese steels can be divided into two basic variants. The first one represents material TWIP 
(twinning induced plasticity) characterized by Fe-Mn-C chemical composition, with low aluminium content, 
eventually, even with limited silicon, respectively. The second material marked as TRIPLEX alloy (beside iron 
three elements) is constituted on the basis of Fe-Mn-C-Al with aluminium content higher than 8 % and 
without silicon addition.. Depending on high manganese type and on carbon content manganese reaches 
higher level than 19 wt. % usually and in this way guarantees the basic austenite microstructure of the FCC 
type, consequently [1-3]. The TWIP alloy microstructure is monolithic, austenitic and the sole deformation 
process is twins, whereas the basic FCC TRIPLEX microstructure shows annealing twins. Further, the 
microstructure consists of 8-10 ferrite wt. % in average and of the same nano-size k-carbides volume 
fraction, practically. The sole deformation mechanism is shear induced plasticity, so called SIP-effect 
accompanied with dislocation glide. Shear bands have regular arrangement in {111} planes. 

High manganese TWIP and TRIPLEX alloys represent new perspective material types, showing not only high 
strength property, however toughness and ductility in wide temperature interval, too and high specific 
energy absorption (Espec.) in impact loading, simultaneously. That is reason why those materials are useful 
for automotive industry not only in bodywork production however for various automotive components as 
well. The alloys can be also applied as vessels materials for liquid gasses transport advantageously. TRIPLEX 
variant is also suitable for rotating elements production in consequence of lower matrix density thanks of 
the increased aluminium and manganese content [3-5]. 

 

2.    MODEL SOLUTION OF STACKING FAULT ENERGY CALCULATION 

Properties of mentioned material types are strongly dependent on chemical composition determining 
stacking fault energy level. Stacking fault energy represents an important quantity characterizing the 
deformation type being realized in given high manganese alloy. The TWIP variant is connected with higher 
stacking fault energy than 18 mJ.m-2 ensuring deformation by mechanical twining preferentially. That 
movement is conditioned by slip of partial dislocations of a/6<112> leading to the stacking faults in 
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consecutive parallel {111} planes. In case of lower stacking fault energy than is 18mJ.m-2 ε-martensite is 
formed when the same dislocation glide in every second {111} plane type occurs. Deformed area shows 
very fine lamella and/or platelet form being of hexagonal structure (HCP). Under those conditions ε-

martensite can be originated, being 
unsuitable for TWIP material type due to 
partial restriction of plastic deformation 
extend [6, 7]. 

 

Fig. 1.   

Plotting of stacking fault energy and 
aluminium content (TWIP alloy) 

 

With regard to basic chemical composition 
the Triplex variant shows much higher 
stacking fault energy than the TWIP one. 
The stacking fault energy of the first 
mentioned variant should lie in interval of 
80-140mJ.m-2 [3, 5]. The stacking fault 
energy can be determined using TEM of 

thin foils. This method is very complicated and time-consuming. In any case, stacking fault energy defines 
realized deformation type in matrix and that is way of its mathematical calculation for concrete chemical 
composition of high manganese alloys. For ternary system the SFE comes out from molar surface atoms 
density ρ in close arranged plane of the {111} type, from molar free enthalpy ∆G of the  γ→ε phase 
transformation and from interface energy between γ (FCC) and ε (HCP) phases being marked σγ/ε in eqn. (1) 
[6, 8 ]:  

SFE = 2ρ∆Gγ→ε + 2σγ/ε                         (1) 

For mathematical calculation further necessary parameters were also presented in some works [6, 8]. In 
case of quaternary system the situation is much more complicated. Consequently, for the TRIPLEX variant 
similar SFE calculation was applied as for TWIP materials hence for ternary Mn-C-Fe system. High 
manganese TRIPLEX alloy contains aluminium whose volume fraction of 12 wt. % was subtracted from iron 
content. Aluminium content significantly contributes to stacking fault energy increase. Stacking fault energy 
values vs aluminium contents were already presented former [1, 8, 9]. In accord with those publications an 
approximation of mentioned dependence up to 12 wt. % of aluminium was realized and that is presented in 
Fig. 1. Relevant stacking fault energy values for aluminium and those calculated for the Mn-C-Fe system 
were added. Into evaluation of stacking fault energies changes influence of magnetic characteristics 
connected with γ→ε transformation (anti-ferromagnetic⇔paramagnetic process) is not included. The 
corresponding parameters are very low (see [8]). That is reason why these values are not taken into 
account. 

 

3. EXPERIMENTAL MATERIAL 

For high manganese Fe-Mn-C alloy types (TWIP variant) with graded manganese content (10 - 30 wt. % as 
Table 1. demonstrates) at constant carbon level (0.65 and 0.85 wt. %) stacking fault energy evaluation was 
realized using mathematical calculation. Further, the same was carried out for constant manganese content 
(23 and 30 wt. %) and varying carbon one (0.4 - 1.2 wt. % as Table 2. and Table 3. summarise). 
Subsequently, stacking fault energies were calculated for constant manganese content (of 30 wt. %) with 
lower iron fraction reduced in 12 wt. % of aluminium content following from Fe-30Mn-(0.6-1.2)C-12Al 
TRIPLEX alloy evaluation. In Table 4. chemical compositions of evaluated melts are presented. 
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Table  1.  Chemical composition of Fe-Mn-C alloy (wt %) 

a) C=constant = 0.65 % 
b) C=constant = 0.85 % 

Mn 30.00 26.00 23.00 21.57 19.00 14.00 10.00 
Fe a)  69.35 73.35 76.35 77.78 80.35 85.35 89.35 
Fe b) 69.15 73.15 76.15 77.58 80.15 85.15 89.15 

 
Table  2. Chemical composition of                    Table 3.  Chemical composition of   
Fe-Mn-C alloy with constant                               Fe-Mn-C alloy with constant 
Mn content (wt %)                                               Mn content (wt %)  

 

 

 

 

 

Fig.  2.  

Relation between calculated stacking fault 
energy values and manganese content (TWIP 
alloy) 

 

Table  4   Chemical composition of TRIPLEX Fe 
-Mn-C-12Al alloy (wt %) 

 

 

 

 

 

4.    RESULTS AND THEIR ANALYSIS  

Regarding the TWIP alloy (Table 1. shows chemical composition), in Fig. 2 calculated stacking fault energy 
versus manganese content for two constant carbon levels (0.65 and 0.85 wt. %) are plotted. Material with 
manganese range of 10 - 30 wt. % and constant carbon content of 0.65 wt. % (presented in Table 1.) shows 
stacking fault energies difference corresponding to 27.60mJ.m-2. For the 0.85 wt. % of carbon content the 
similar stacking fault energies difference represents 24.42mJ.m-2. How Fig. 2 shows differences between 
stacking fault energies of material having 0.65 and 0.85 wt. % of carbon for one manganese level are always 
negligible. Further, carbon will not caused any important stacking fault energy changes under given 
conditions regarding the TWIP variant. However, stacking fault energy will be influenced by manganese 
content. The higher manganese content the higher stacking fault energy can be detected. 

According former information [1] lower stacking fault energy than 18 mJ.m-2 leads to undesirable γ→ε-
martensite transformation in case of TWIP alloy. Both evaluated TWIP variants show, the threshold level 
corresponds to 19 wt. % of manganese content. In comparison with Schumann´s stability map after tensile 
testing [1] material containing 0.65 wt. % of carbon is located in possible γ→ε transformation area unlike 
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alloy with 0.85 wt. % of carbon being situated on the threshold level as it follows from performed 
calculation. Stacking fault energy deviation represents 3.75mJ.m-2 and could be taken for an insignificant. 

 

Fig. 3. Variation of calculated 
stacking fault energy values (SFE) 
with different carbon content of 
TWIP and of TRIPLEX materials (for 
ternary system) 

 

Figure. 3. demonstrates stacking 
fault energy plotting versus carbon 
content with constant manganese 
levels (23 and 30 wt. % for TWIP 
material) and (30 wt. % for TRIPLEX 
alloy). In case of TWIP variant 
increasing carbon content leads to 
very low stacking fault energy 

changes. Material with 23 wt. % of manganese content and 0.4-1.2 wt. % of carbon content shows 
1.59mJ.m-2 difference in stacking fault energies only, whereas material having 30 wt. % of manganese 
content 2,75 mJ.m-2 (detected for carbon interval of 0.65-1.2 wt. %). The both differences being of 
comparable level represent 6.86 and 6.96 vol. %. The TRIPLEX variant shows a distinct dependence in detail, 
however in given carbon interval (0.65 - 1.2 wt. % C) the maximal stacking fault energy difference 
corresponds to 3.32 mJ.m-2, representing 6.5 wt. %, how Fig. 3. depicts. It signifies the same level of 
stacking fault energy like in case of TWIP variant. Detected differences are not important. However, results 
demonstrate significant stacking fault energy susceptibility in consequence with manganese content again. 
Two materials containing 23 and 30 wt. % of manganese (TWIP variant) show difference of 17.17mJ.m-2 in 
stacking fault energy following from Fig. 3. 

For TRIPLEX variant total stacking fault energies correspond to calculated values for ternary Fe-Mn-C 
system having lower iron content (decreasing represents 12 wt. % of aluminium content as Table 5. shows) 
being increased in aluminium stacking fault energy corresponding to 77.5mJ.m-2 as it follows from Fig. 1. 
after further trend approximation of known values. All results are summarized in Table 5. For evaluated 
carbon interval the average stacking fault energy corresponds to 131mJ.m-2 (according our calculation) 
representing difference of 1.4mJ.m-2 in comparison with some presented conclusions. The obtained results 
are in good agreement with calculated data and transmission electron microscopy (TEM) observations of 
high manganese steel with and without aluminium addition [9]. 

Table  5. Calculated stacking fault energy (SFE) values for carbon interval of (0.65 - 1.2) wt. % and for 30 wt. 
% of manganese 

 

 

 

In Table  6. stacking fault energy values versus iron content are demonstrated in case of a) TWIP variant and 
b) TRIPLEX one. With constant manganese content of 30 wt. % and varying carbon content in interval of 
0.65-1.2 wt. % and of TWIP variant. Data in Tables  6. a), b) show  that 0.55 wt. % of iron and/or difference 
produces maximum stacking fault energy change of 2.69mJ.m-2 (presenting 7.1 wt. % in TWIP variant) and 
3.32 mJ.m-2 (presenting 6.5 wt. % in TRIPLEX variant). Under given conditions detected differences are not 
significant. 

C [wt. %] 0.65 0.85 1.00 1.2 

SFE [mJ.m-2] without Al content 54,05 54,68 53,62 51,36 

SFE [mJ.m-2] with Al content 131.55 132.18 131.12 128.86 
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Table  6.  Calculated stacking fault energy (SFE) depended on iron content 
a) TWIP variant,              b) TRIPLEX variant 

 

 

 

 

 

CONCLUSIONS 

For 23 and 30 wt % of manganese and varying carbon content of high manganese alloys stacking fault 
energies were calculated. Comparison of manganese, carbon and iron contents in dependence on stacking 
fault energy was carried out. In TWIP alloys manganese level influences stacking fault energy significantly 
whereas carbon and iron contents are without importance, practically. In case of TWIP alloys with 
manganese content of 23 and 30 wt. % the stacking fault energy difference equals 21mJ.m-2in average, 
representing 53 % increase. 

Regarding TRIPLEX alloy (30 wt. % of manganese content and 12 wt. % of aluminium addition) the stacking 
fault energy corresponds to 131mJ.m-2 in average. Aluminium content (beside manganese one) shows 
controlling influence on stacking fault energy level. Results are in good agreement with formerly 
experimentally obtained data.  
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Abstract 

In paper two steel are analyzed with the same chemical composition practically. Firstly, attention has been 
devoted to acicular ferrite, its microstructural parameters, substructure, fractographical characteristics and 
hydrogen response. Further acicular ferrite properties have been compared with similar ones detected in 
M/A (martensite/austenite) constituent being part of granular bainite microstructure in as rolled condition. 
Acicular ferrite as well as the M/A constituent are responsible for final steel properties.  

Keywords: acicular ferrite, granular bainite, micrograph, martensite/austenite (M/A) 

 

1.    INTRODUCTION 

Acicular ferrite formation is connected with the similar temperature as upper bainite, practically and 
acicular ferrite plates (laths) are nucleated at nucleable particles, intragranularly. After faster cooling 
process up to 30 °C in second, acicular ferrite microstructure is realized at temperature of 500 °C, 
approximately. Woven, chaotic microstructure is typical for acicular ferrite being responsible for generally 
favourable toughness. Comparable strength properties with detected ones in upper bainite are ascribed to 
displacive mechanism of acicular ferrite formation [1]. 

The granular bainite is formed in temperature interval slightly higher than that of the upper bainite as was 
presented by Habraken and Economopulos [2]. At faster cooling rates a steep carbon concentration 
gradient is developed in the austenite, which is high supersaturated with carbon [3]. As a consequence of 
this carbon super-saturation, cementite precipitation occurs at ferrite-austenite interface during the 
transformation process. This corresponds to the well known feature of the upper bainite. On the contrary 
to these conditions, at slower cooling rates the carbon concentration is lower at ferrite-austenite interface. 
During the continuous cooling of steel the M/A (martensite/autenite) constituent is formed in granular 
bainite being responsible for degradation of toughness under tensile stress [4].  

Both above discussed austenite transformation products are formed by displacive mechanism being 
connected with higher dislocation density, generally. The aim of the work is a comparison of their 
microstructure characteristics.  

 

2.    EXPERIMENTAL MATERIAL AND TECHNIQUE 

For the analysis two steel types were used. Chemical compositions are presented in Table 1. Material with 
acicular ferrite represents continuous cast slab after intensive cooling with water showers (to 800 °C) and 
compressed air further about 350 °C having 125 (thickness) x 800 (width) mms in dimensions. The second 
studied material corresponds to flange of the U-profile of 100 x 50 mm in dimensions. Flange thickness 
equals 12 mm unlike the web being of 18 mm. These thickness disproportions have led to different cooling 
conditions from the final rolling temperature (1050 °C) and consequently to different M/A constituent 
volume fraction.  
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Table 1. Chemical compositions of used materials (wt. %). Matrix with acicular ferrite is marked as AF, 
granular bainite matrix with M/A constituent as M/A 

Material C Mn Si S P Mo Nb Alc Alk 
AF 0.19 1.34 0.19 0.008 0.014 - - 0.032 0.025 
M/A 0.08 1.75 0.40 0.003 0.020 0.25 0.05 0.028 0.022 

 

In addition to the conventional light microscopy in case of both materials, for the reliable detection of the 
M/A constituent in granular bainite a special etching technique was used. The special etching agent is 
based on the 4% C2H3OH picric acid solution and 1 % water solution of Na2S2O4.2H2O. The volume fraction, 
distribution and size of the M/A constituent were determined. Further, for both studied materials using 
transmission electron microscopy (TEM) of thin foils (JEM-200CX) in bright and dark field dislocation density 
was determined both in M/A constituents and in acicular ferrite plates. Simultaneously, the 
microfractography analyses of fracture surfaces of Charpy V notch impact specimens was performed. In 
case of granular bainite microstructure the carbon concentration was measured in the M/A constituent 
areas using micro-analyser (Philips SEM equipment with WDA). 

a) b) 

 

 

 

 

 

 

 

 

Fig. 1.   Micrographs of slab showing acicular ferrite plates  
a) general view (magnification x    120);  
b) acicular ferrite plates with pearlite filling (magnification x 2800) - nital 

 

3.   RESULTS  

Micrograph image of slab is presented in Fig. 1a. Figure 1b. shows it in detail. In average about 67 % of 
acicular ferrite was detected in microstructure, situated intragranularly solely. Of course, austenitic grains 
were also decorated with discontinuous alotriomorphic ferrite, being both active and inactive and inside 
the austenitic grains few idiomorphic ferrite were detected, too. Pearlite matrix formed the fulfilling. 
Primary austenite grain size is 280µm in average. 

After etching in nital, flange and web microstructure show none differences, practically with exception of 
coarser microstructure in case of web as it follows from Fig. 2a. and Fig. 2b. However after etching in 
special etching agent mentioned above important changes can be observed. The white areas correspond to 
M/A constituent being situated about primary austenite grain boundaries and regarding web in interior of 
those grains, too. In case of web M/A volume fraction amounted to 29 %, in case of flange to 7 % only, how 
can bee seen in Fig. 3a. and Fig. 3b. Generally, slower cooling process is connected with higher volume 
fraction of M/A constituent and higher thickness of web. The maximum particle size of the M/A constituent 
of web attains 6µm on the contrary to flange, where the size is only 1-2µm and the particles are more 
uniform. The block-form of M/A constituent was found in majority cases and its rod-form was observed 
rarely. 
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a)      b) 

 

 

 

 

 

 

 

 

Fig. 2.  Micrograph of a) web; b) flange of U-profile (magnification x 500) - nital 

a)      b) 

 

 

 

 

 

 

 

 

Fig. 3.  M/A constituent in a) web; b) flange (magnification x 500) - special etchant 

 

In further stage TEM was carried out. Figures 4a., b. demonstrate acicular ferrite micrograph. Figure 5. 
shows alotriomorphic ferrite substructure. Acicular ferrite forms prolonged plates (laths) with uneven 
grains (high angle boundaries). Acicular ferrite plates are divided by dislocation walls into sub-grains 
showing the average dislocation density of 1.1.1014 m-2. It should be state the dislocation density in sub-
grains is varying (0.2-1.7. 1014 m-2). Figure 5. represents micrograph of alotriomorphic ferrite being 
nucleated as the first austenite transformation product by diffusion mechanism in cooling process. In any 
case, alotriomorphic ferrite none sub-grains includes and its dislocation density is much lower than the one 
detected in acicular ferrite as it follows from Fig. 4. and Fig. 5.  

a)      b) 

 

 

 

 

 

 

 

Fig. 4a. and Fig. 4b.  Micrograph of acicular ferrite substructure 
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Fig. 5.  Micrograph of alotriomorphic ferrite substructure 

 

Substructure of M/A constituent represent Fig. 6a. and Fig. 6b. 
As it seen in the figures the internal twinning in martensite 
plates was found. This one is characteristic for the high carbon 
martensite. The carbon concentration measured in areas of the 
M/A constituent (WDA) is 0.60% approximately. Dislocation 
density of the M/A constituent corresponds to 4.5.1014 m-2. 

a) b) 

 

 

 

 

 

 

 

Fig. 6.  Substructure of martensite in the M/A constituent a) bright field image; b) dark field image 

 

Acicular ferrite represents woven, chaotic matrix showing favourable toughness. Typical acicular ferrite 
fracture surfaces Fig. 7 a. and Fig. 7b.demonstrate. Fracture surface shows even dimple character and the 
average dimple diameter equals 2.4µm. In case of granular bainite results of the microfractography analysis 
corresponds to the determined different values of the impact toughness of specimens taken from the web 
and flange. The fracture surfaces have a cleavage feature and the intergranular fractures are not observed. 
The average dimension of fracture facets corresponds to 20µm in the case of web as can be seen in Fig. 8a. 
On the contrary the average dimension of flange cleavage facets is 7µm only as it follows from Fig. 8b. In 
this figure higher occurrence of ductile ridges can be observed. 

a) b) 

 

 

 

 

 

 

 

Fig. 7. Fracture surface of Charpy V-notch specimens containing acicular ferrite  
a) magnification x 670; 
b) detail -magnification x 1620 
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a)       b) 

 

 

 

 

 

 

 

 

Fig. 8.  Fracture surface of Charpy V-notch specimen a) web; b) flance - (magnification  x 500)  

 

4.   DISCUSSION 

Acicular ferrite plates (laths) are nucleated intragranularly on specific non-metallic particles at the same 
temperature as upper bainite, practically [5-7]. The plates (laths) are realized without diffusion process, by 
displacive mechanism showing chaotic configuration. The filling corresponded to pearlite microstructure in 
presented case. Displacive mechanism is connected with higher dislocation density, what was also 
confirmed. The dislocation density corresponded to 1014 m-2 of order. However, it is interested, that the 
similar value was also detected in case of alotriomorphic ferrite, even when this f errite type is diffusion 
austenite transformation product. Hence, there could be awaited the dislocation density lower in order. It 
is true, the measurement was only informative. The higher dislocation density of acicular ferrite is 
supposed to contribute to general favorable hydrogen induced cracking resistance, too [8]. Higher 
dislocation density represents other potential traps for regular hydrogen distribution, even when the main 
response for the hydrogen resistance can be taken into account the high angle boundaries being detected 
among neighbouring acicular ferrite plates (laths) corresponding to energy obstacle for cleavage crack 
propagation [9, 10]. 

Regarding the thicker part of the U-profile-web, the higher volume fraction of M/A constituent corresponds 
to its lower cooling rate unlike the thinner flange following from Fig. 3a. and Fig. 3b. Based on diffusion-less 
formation of granular bainite, the possible effect influencing the M/A constituent formation can be 
described as follows. During the granular bainite transformation, its sub-unit grains form and inherit the full 
carbon content of the parent austenite. In practice, the whole of the austenite grain does not transform 
instantaneously owing to kinetic restriction (heterogeneous nucleation). The first sub-unit grain forms with 
full super-saturation what is followed with a process of the excess carbon rejecting into the residual 
austenite. As the granular bainite ferrite transformation proceeds, in the residual austenite the carbon 
concentration will be gradually increased up to the critical carbon content corresponding to temperature 
when austenite and ferrite of given composition have equal free enthalpy. When austenite being enriched 
with carbon is continuously cooled to a temperature lying below the martensite transformation start 
(temperature Ms) it will transform to martensite partially. The result of this process is the M/A constituent 
formation. Hence, the amount of the M/A constituent is related to the critical carbon content of the 
residual austenite where the bainite transformation increases [11]. 

The detected high carbon content of 0.60% represents 7.5 times higher carbon level than is analyzed in 
Table 1. Observed substructure documented by Figs. 6a., 6b. and detected dislocation density of the M/A 
constituent are an evidence of high carbon martensite being formed by displacive mechanism.  
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5.   CONCLUSIONS 

Two microstructures being formed by displacive mechanism are compared. It regards acicular ferrite and 
M/A constituent being granular bainite product. Acicular ferrite demonstrated a higher dislocation density 
(1.1.1014 m-2 in average). It can be held for further hydrogen traps in case of hydrogen resistance 
evaluation. Results show 7.5 times higher carbon content in M/A constituent being evidence of high carbon 
martensite. It was confirmed through substructure of M/A constituent plate. 
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Abstract 

Magnetic structuroscopy. Magnetic spot method. State of the art – principle - utilisation. One component 
measurement of magnetic field intensity. Repeated measurements at identical place – the obtaining way of 
other parametersof magnetic field.  Application for more sensitive resolution of metallography structures 
of ferromagnetic materials. 

Keywords: magnetic structuroscopy, magnetic spot method, X-ray diffraction, Magnetic Adaptive Testing  

 

1. Introduction 

The branch of NDT of materials consists of defectoscopy  and structuroscopy. Defectoscopy finds defects in 
material – defects of discontinuity type or their manifestation. The structuroscopy searches continuous 
mass characteristics. This contribution introduces to one of alternatives of magnetic structure diagnostics. 

  

2.  Structuroscopy 

X-ray diffraction is standardized metod among currently used ones. Other methods in the frame of 
structuroscopy application are not subject of standards. These are mainly UT, ET and MT. Their practical 
application is based on creation of specific effective role by research, applied development of given 
problems.  

 

3.  Magnetic Methods 

In the field of Czech research are developed methods of magnetic spot and MAT.  

 

3.1.  Magnetic Adaptive Testing Method 

Shortly said Magnetic Adaptive Testing (MAT) is magnetic hysteresis NDT method exploiting large data file 
created by registration of voltage outlet induced in sensing coil wound on specimen in dependence of 
immediate value of magnetic field of specimen. The specimen is magnetized gradually by sequence of 
magnetic loops of variable magnetic field from minimum possible upto saturation amplitude. The MAT 
purpose is find in this data file the descriptors of monitored changes of used specimens which are just 
optimum against monitored changes of used material. Functional dependence, eventually dependencies of 
such descriptors on monitored changes of material can be designate as degradation functions. MAT results 
are typically more sensitive and the measurements is experimentally more friendly  than conventional 
hysteresis tests [1]. 

 

3. 2.  Magnetic spot method 

It is focused on local measurement of remanent magnetisms Hm with ballistic (impulse) magnetization 
method [2]. In the same manner magnetically oriented atoms in steel are concentrated in domains which 
are forming any subgrains inside of structure grains.  By polarization with external magnetic field the 
growth of domains occurs by shift of so-called Bloch zones and by polarization consistent with external 
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magnetic field or jump change of polarization so-called Barkhausen jumps (the source of Barkhausen 
noise). 

After expiry of external magnetic field Ho all domains do not return to original state. The remanent 
polarization Ir is created. Magnetised place has its own magnetic field with intenzity Hr. The reversible 
changes are hindered by ferromagnetics atoms bound in molecules and atomic strength, lattice defects. For 
this reason structure constituents containing iron carbide, martensite, numerous dislocations and grain 
boundaries shows high value of remanent polarization Ir. 

Hr = Ho – N×Ir/µ A/m                                     (1) 

Demagnetizing factor N characterizes both external and structural geometry circumstances of 
ferromagnetics boundary. The impulse magnetic field with intensity Ho is acting onto as-tested site of 
product. Shape of current impulse conducted to attached power coil, eventually their exactly defined 
sequence defines flow of parasite eddy currents (they can be properly used to suppression of negative 
effects of N) and structure selective senzitivity of method. Methods used in Russia and Czech Republic 
differ essentially in magnetization characteristics and by it in aim of applications. Hr sensor can be Hall or 
Főrsterova probe. The contribution dHri of sigle ferromagnetics grains to resulting value Hr depends on 
shielding effect m and their distance from probe 

Hr = ∑m×ti×dHri                                                       (2) 

With increasing penetrating depth of magnetizing field decreases effect of single grains on Hr; in practise 
uptu t=12 mm. So the pulse energy is concentrated to smaller volume of grains in the case of thinner walls. 
The Hr value grows upto Lkri after experimenetally determined model.  

HrL = HrL12× (81×L-3+1)                                               (3) 

Iron alloys (steels and cast irons) creates the spectr of most widely used structural materials. Ferromagnetic 
properties can be allocated to their overwhelming majority. Knowledege of mechanic property values in 
critically loaded site of exposed parts dominates over need of integral information about choiced 
mechanical property. From this reason has the local magnetic structuroscopy significant position in the 
spectr of the rest methods. It found application spreading in the form of magnetic checking mainly in Russia 
and Czechia. It can be characterized by high productivity of checking with targeted satisfactory senzitivity to 
as-checked structure parameter.  In the western Europe are used for this field of materials ET methods 
exclusively. Alternative eddy currents describe more surface regions of parts however. Local magnetic 
structuroscopy is more suitable for worked semiproducts and castings with unfinished surafaces.  

 

Fig.1.a DOMENA B3 

 

3.2.1.  Magnetic spot in practice – DOMENA B3 

This method found its own application mostly in foundry of cast irons. The measurement shows satisfactory 
accuracy for unfinished casting surfaces as well. Matrix structure contains ferrite and pearlite only. 

Fig. 2 b DOMENA B2 
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Application development determines linear equations always (constants A, B) for mechanical properties 
calculation entered to memory of DOMENA B3 (Fig.1) before measurement. Optimum regime is set onto 
magnetizing M4 or M5. During operatonal applications was effort made for improvement of measurement 
reproducibility after repeated measurement and measurement at low and high temeperatures (+-300C). On 
basis of results of measuremnt stability the manufacturer of DOMEN B3 (ELKOSO s.r.o. Brno) made 
technical modifications to better operational stability. General formula:  

C=A×M+B   (4) 

Where  M=Hr in foundry shop SKS Krnov is used to: [3] 

Hardness measurement of castings and disks from cast iron with flake graphite  

HB = 0,6×M + 100   (5) 

Mechanical properties measurement on disks from cast iron with sheroidal graphite… 

 

Tab.1 Medium prooved measurement error  

Property Equation  K           K2 No.r. 
HB 0,8xM+128 10 0,958   0,918 (4) 
F [%] 116 – 0,585xM 10 -0,932  0,868 (5) 
Rm [Mpa] 2,69xM+383 26 0,955   0,912 (6) 
Rp(0,2) [Mpa] 1,81xM+242 32 0,931   0,867 (7) 
A [%] 22,4-0,09xM   2 -0,89    0,787 (8) 

Validity condition for formulas is spheroidal  shape of graphite formation of cast iron 

 

3.2.2. Structure resolution of Fe alloys by repeated magnetizing. 

Magnetic spot method for structure diagnostics of steels is not propagated. The steels own currently large 
scale of structures (martensite, bainite, sorbite, pearlite, ferrite) and their modifications. Hr values of some 
different types of structures are equal, with increasing strength, hardness the dependencies need not be 
monotonous. For magnetically „virgin“ steel products the Hr value repeatedly measured on the same place 
all the time decreases.  Mathematic model of decreasing or only difference between first and second 
measurement differs after type of structure [4].  

 

Tab.2. High difference shows martensite, low mainly equlibrium states after annealing.  

12 050 Hardened 
8300C 

Tempered 3000C Tempered 
5000C 

Tempered 
6600C 

Annealed over A1 

Hr1 – Hr2 52 41 35 31 10 
Hr1  A/m 248 218 265 274 191 

 

 

 

Fig: 3.  

Remanency coarse H after repeated 
measurement  on hardened (1K) and 
tempered (1P1 at 400 0C, 1P2 at 500 0C) 
steel 12050. 
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4.  Conclusions 

Magnetic spot method is successfully oprtaionally applied on ferrous alloys with ferrite-pearlite structure 
(cast irons). One parametre measurement of Hr of steels does not contribute to unambiguous diagnostics 
of structural phases. Parameter enabling unambiguous structure diagnostics by magnetic spot method can 
be obtained by repeated measuring of Hr. Knowlidges obtained on steel 12050 are now prooved on other 
representants of steel sort in order to enable creation of general models. 
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ABSTRACT 

Method of optical microscopy with combination of digital record of image and with software for image 
analysis present productive tool, with which is possible receive new information about parameters of 
microstructure dual phase steel.  Condition of using image analysis is encompassment of preparation of 
metallographic cut so that microstructure was convenient for further processing. Necessary condition is 
convenient technique of etching so that individual structural ingredients were equally contrast and 
convenient for consistent image analyses. Were tested different techniques of etching and different types 
of enchants, which were documented with optical microscopy. Consequently were investigated possibilities 
of image analyses for determining of volume fraction of martensite and grain size of ferrite. On 
interpretation of these microstructural parameters was used software called Image J, which is develop for 
scientific public and it is freeware. Program is offering general spectrum methods for digital processing and 
consistent image analyses. Image J provides possibility of specific work with picture of metallographic cut 
and make it possible to determinate grain size, volume fraction of individual phases but also largeness of 
various elements their form, distribution and morphology. 

Target this jobs was examine various types of enchants or combination of enchants and technique of 
etching for dual phase steel. Primary target was find optimal techniques of etching for achievement 
sufficient contrast for digital processing of image microstructure ferritic-martensite dual phase steel with 
tools of image analyses. 

 Keywords: martensite, Euclidian distance, microstructural parameter 

 

1. Introduction 

The structure of dual phase steel consists of ferritic matrix and islands of martensite. Martensite increase 
strength of basic material and ferritic matrix provide good plastic properties. In the combination high 
strength, good ductility and not expressive yield strength, dual phase steels are ideal material for 
automobile industries [1, 2]. They are used on production parts of bodyworks, chassis and wheels. These 
are parts, which are susceptible to absorb crash energy. In the present time we know two methods of 
production dual phase ferritic-martensite steels. It is method of intercritical annealing (between AC1 
and AC3) or technology of controlled forming and cooling (as rolled), susceptible to reach required volume 
fraction of ferrite and martensite [3-4].  

Image analysis dealt with acquisition of quantitative information about various parameters of 
microstructure at material on his 2D cut, such as determination of percentage fraction of phase in the 
matrix or size of phase in structure [5]. The main problem of image analyses is right contrast setting. In the 
case, right level of contrast setting for individual components of structure, we reach by image analyses 
more accurately results. The most important factor for using of image analyses is preparation of sample, so 
as individual components of structure were sufficiently contrast, what we can reach by applicable etching 
technique. Table 1 summarizes various etching techniques and etchants that have been used by several 
investigators [6-8]. 

Target of this job was to find an optimal technique of etching for achievement a sufficient contrast for 
digital processing of image for ferritic-martensite dual phase steel microstructure with tools of image 
analyses and then a determination of microstructure parameters by software called Image J. 
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Table 1. Etching techniques for dual-phase steel [6-8] 

Etchant Result of etching Author of etchant 

2 g(NH4)2S2O8, 2 ml HF,  
50 ml CH3COOH, 150 ml H2O 

Martensite etches dark, 
retained austenite lighter  
than the ferrite matrix 

Rigsbee [7],  
Vander Arend 

Solution A: 7 g Na2S2O5, 100 ml H2O 
Solution B: 5 g picric acid,  
100 ml C2H5OH 
Solution C: 4 ml HNO3, 95 ml C2H5OH 

Ferrite is blue, martensite 
and austenite is yellow,  
bainit is brown 

Bandoh [8] 

Solution A: 1% Na2S2O5 v H2O  
Solution B: 4% picric acid with C2H5OH 

Martensite white, bainit  
black, ferrite khaki 

LePera [6] 
 

Picral, Sodium Bisulphate (NaHSO4) 
Stains ferrite grey,  
martensite white, 
bainit black 

LePera,  
Goodhart, 
Aichbhaumik, 

Picral, alkaline chromate  
(2g CrO3, 40g NaOH, 72ml H2O ) 

Stains new ferrite white,  
old ferrite grey, 
martensite black 

Huppi,  
Matlock [7] 

 

2. EXPERIMENT 

2.1   Material 

On experimental work was used DP 600 steel, which is produced in U.S. Steel Košice. Chemical element’s 
analyze of received material is at Table 2. Microstructure of this steel consists of ferrite and martensite, let 
us say bainit. Mechanical properties DP 600 steel were determined on samples, which were parallel with 
direction of rolling, yield tensile strength Rm = 620 MPa, yield strength Rp0,2 = 410 MPa, ductility A5 = 29,5%,  
relationship yield strength to yield tensile strength Rm/Rp0,2 = 0,65. 

 

Table 2. Chemical element’s analyze [weight%] 

 C Mn Si P S Al Cr 

DP 600 0,065 1,10 0,021 0,045 0,004 0,025 0,56 

 

2.2  Etching techniques 

Samples for optical microscopy were prepared by convention technology of preparation metallographic cut 
(they were wet grinding by using of sand paper with granularity 180 – 800 and then they were polishing by 
diamond paste with granularity 1 μm. For etching of microstructure DP 600 steel was used these practises: 

1. etching by Nital (2% solution HNO3 in ethyl alcohol), 

2. combined etching: 40-60 second in 4% picric acid in ethyl alcohol and then 5 second by Nital (2% 
solution HNO3 in ethyl alcohol), 

3. two-step etching: 5 second by 3% Nital (3% solution HNO3 in ethyl alcohol) and then 30 second by 
10% aqueous solution of sodium metabisulfite (Na

2
S

2
O

5
). 
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2.2  Image analyses 

For image processing and image analyses was used image analyzer ImageJ [9]. This software can define 
count object in picture, analyze their surface, length, boundaries, moments, count of grains and grains size, 
volume fraction of phase and to deposit their results of analyses to data files.  

On measurement grains size of ferrite and martensite islands were used function „Analyse particles“, by 
which is possible to determine perimeter and count of grains. By application of this function we can in the 
picture to determine defined particles (such as inclusion), which form is defined by two parameters – size in 
pixels and circularity of object. The volume fraction of martensite is possible to determine by function 
„Area fraction“. Principle is in determining of surface fraction of chosen object (in our case it is fraction of 
martensite to ferrite) to whole picture. Applied function determine surface fraction after thresholding of 
picture by function „Threshold“, which is determined by red colour to general surface of picture and after 
installing macro „Measure area fraction“, we can to determine surface fraction of martensite in 
percentage. By software ImageJ we can determine also others parameters of microstructure such as:    

• Perimeter – in the case of closed polygon it is a perimeter, in the case of opened polygon (broken 
line, straight line) it is a length of line calculated as sum of Euclidian distance of individual fender 
points along counter, 

• Circularity is defined as: (4 x π x surface) /perimeter2. This value is from interval <0,1> and this value 
1.0 is a round, but at the praxis this value can be higher as 1.0,  

• Ferret’s diameter – average of round, which is having equal surface as surface of observed object 

Very interesting function is function „Surface plot“, which draw by intensity of grey colour a picture his 3D 
cut. The function „Surface plot” can offer a basic vision about morphology of observed surface [9].   

 

3. RESULTS AND DISCUSION 

By etching DP 600 steel in Nital (Fig. 1-2) and by combined etching in picral and Nital was reached suitable 
contrast between ferrite and martensite for determination a volume fraction of martensite (Fig. 3-4). The 
grains boundaries of ferritic grains and islands of martensite weren’t displayed as compact, which brought 
inaccuracy to determination of ferritic grains size and volume fraction of martensite at application of some 
tools software ImageJ, such as „threshold". The best contrast between ferrite and martensite, let us say 
bainit (Fig. 5-6) we are reached by two-step etching 5 second by 3% Nital (3% solution HNO3 in ethyl 
alcohol) and then 30 second by 10% aqueous solution of sodium metabisulfite (Na

2
S

2
O

5
). 

  

Fig. 1.  2% Nital Fig. 2.  2% Nital, Image J 
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Fig. 3.  4% picric acid +2% Nital Fig. 4. 4% picric acid+2% Nital, ImageJ 

  

Fig. 5.  3% Nital+ 10% aqueous solution of sodium 
metabisulfite  

Fig. 6.  3% Nital + 10% aqueous solution of sodium 
metabisulfite, Image J 

Medium size of ferritic grains dF and volume fraction of martensite Vm was determined. Ferritic grains size 
was determined by linear method, which is  described in STN 42 0462 [10] (Tab. 3) and volume fraction of 
martensite was determined by grids method (square sculptured glass at measurement 15 cm x 15 cm with 
grid 1 x 1 cm throughout whole surface). The achieved parameters were then compared with parameters of 
microstructure, which were achieved by image analyses. Results of image analyses for individual types of 
etchants are in Table 4. The microstructural parameters achieved by image analyses on samples, which 
were etched by various techniques of etching show big differences (Tab. 4), which is caused by not-etching 
of some grain boundaries and by insufficient contrast between individual phases. If we compare this with 
results, which were achieved by standard methods by STN 0462 (Tab. 3), so comparable results we are 
reached by two-step etching 5 second by 3% Nital (3% solution HNO3 in ethyl alcohol) and then 30 second 
by 10% aqueous solution of sodium metabisulfite (Na

2
S

2
O

5
). 

 

Table 3.  Microstructural parameters   

Material 
Volume fraction of martensite 

Vm % 
Ferritic grain size 

dF [µµµµm] 

DP 600 22 8,3 µm 
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Table 4. Microstructural parameters - Image J  

Material 
Etching 

techniques 
Count of 

ferrite grains 

Ferrite 
grain size 

dF [µµµµm] 

Perimeter 

[µµµµm] 

Ferret’s 
diameter 

[µµµµm] 

Volume 
fraction of 
mar. Vm % 

DP 600 

1 99 194,5 34,9 4,7 12,5 

2 199 85,4 22,8 3,7 22 

3 492 7,8 8,4 2,8 22 

 

4. CONCLUSION 

The conditions of application image analyses is encompassment of preparation metallographic cut so, that 
individual structural components were sufficiently contrastive. 

In this work was attest availability applications three types of etchants on activating microstructure of DP 
600 steel. The microstructural parameters achieved by image analyses on samples, which were etched by 
various techniques of etching show big differences (Tab. 4), which is caused by not-etching of some grain 
boundaries and by insufficient contrast between individual phases. 

Suitable contrast between ferrite and martensite, let us say bainit was reached by two-step etching 5 
second by 3% Nital (3% solution HNO3 in ethyl alcohol) and then 30 second by 10% aqueous solution of 
sodium metabisulfite (Na

2
S

2
O

5
). After this etching islands of martensite was show as compact surface 

blocks and this is convenient for consecutive application of image analyses by software ImageJ. 
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Abstract 

In technical literature combined versions of phase diagrams of the iron-carbon system are always 
represented: equilibrium (stable) and non-equilibrium (metastable). Such combination permits rather easily 

to envisage the presence of graphite ( Gr ) or cementite ( Cem ) in the microstructure of iron-carbon alloys 
at the room temperature after various isothermal exposures and cooling rates. However, for any system 
only one equilibrium state is feasible at the given conditions, whereas non-equilibrium states and hence 
non-equilibrium phases are numerous. Superposition of equilibrium and non-equilibrium versions makes it 
difficult to use phase diagrams in solving both scientific and practical problems. In the present work 
theoretical and experimental investigations have been carried out, which made it possible to show that at 

temperatures below 727 °C  ferrite ( Fer ) and cementite at carbon content up to 6.67 % (mass) and 
cementite and graphite at carbon content over 6.67 % are equilibrium phases. Thus, it turns out that in the 
iron-carbon equilibrium phase diagram at the temperature 727 °C there is one more non-alternative three-

phase equilibrium GrFer +  ⇄Cem  and  the mono-alternative two-phase equilibrium GrFer +  in the 
temperature range from 738 °C to 727 °C  at any iron and carbon ratio. The  proposed  new version of the 
complete equilibrium phase diagram of the iron-carbon system enables to reject the superposed version of 
the equilibrium and non-equilibrium phase diagram of iron-carbon and explains clearly the presence in the 
microstructure of iron-carbon alloys at the room temperature of this or that phase constituents in samples 
by means of the realization or non-realization of equilibrium processes at crystallization and cooling in 
various regions of the phase equilibrium. 

Keywords: equilibrium phase diagram, iron-carbon system,  

 

1.  INTRODUCTION 

Equilibrium phase diagrams show the existence regions and compositions of equilibrium phases depending 
on their component content and external factors - temperature and pressure. The equilibrium state of the 
system is characterized by the minimum of the free energy and ensures realization of Gibbs’s phase rule, 
which is expressed by the equality 1+−= fKV  for systems composed of components with negligible 

vapor pressure, where V  is option or number of degrees of freedom, K - number of components in the 
system, f - number of phases in the system, 1 - one external factor - temperature. Only one equilibrium 

state is feasible for any system at the given temperature, whereas non-equilibrium states and hence non-
equilibrium phases are numerous [1, 2]. In some cases non-equilibrium phases can be in such condition for 
a long time, thus being often taken for equilibrium. 

Besides equilibrium, non-equilibrium or metastable phase diagrams are shown, in so doing authors don’t 
specify conditions in which these non-equilibrium states were obtained. Sometimes in the same graph 
equilibrium and non-equilibrium phase diagrams are superposed. This can not be considered reasonable 
because it makes difficulties while using phase diagrams in solving both scientific and practical problems. 
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2.  THEORY 

Numerous investigations and discussions on phase diagrams are devoted to the plotting of the equilibrium 
phase diagram of the iron-carbon system and the obtaining of more precise information on it. Theoretical 
and experimental investigations, which were begun by D.K. Chernov in 1868 [3], continued by F. Osmond, 
A. Sauveur, W.C. Roberts - Austen, A. Martens, A. Ledebur, Le Chatelier H., Roozeboom B.W.H. and many 
other scientists [4], have been in progress up to our time [5]. It should be noted that practically every 
handbook, textbook and current publication contains superposed stable and metastable phase diagrams of 
the iron-graphite and iron-cementite systems [6 - 12]. Such superposition allows rather easily to envisage 
the presence of graphite or cementite in the microstructure of iron-carbon alloys at the room temperature 
when using samples after various isothermal exposures and cooling rates. 

The purpose of the present study is to obtain more accurate knowledge of the equilibrium phase diagram 
of the iron-carbon system on the basis of literary data. For that it is necessary first of all to specify phase 
constituents of the iron-carbon system, which include: 

-  homogeneous liquid solution of iron and carbon atoms ( L); 

-  ferrite ( Fer ) (Ф ) - solid solution of carbon atoms in the bcc - lattice of iron (in this paper we do 

 not differentiate between high temperature (δ ) and low temperature ( a ) phases); 

-  austenite ( A ) - solid solution of carbon atoms in the fcc - lattice of iron; 

-  graphite ( Gr ) ( Г )  - solid solution of iron atoms in the hexagonal lattice of carbon; 

-  cementite (Сem ) (Ц ) - crystal structure formed by iron and carbon atoms, close to the 

stoichiometric relationship Fe3C; 

-  martensite ( M ) - solid solution of carbon atoms in the tetragonal lattice of iron. 

Phases L , Fer , A , Gr  are considered to be equilibrium and phases Cem  and M  - non-equilibrium. 
Ledeburite, perlite, sorbite, bainit, troostite contain several both equilibrium and non-equilibrium phases. 
These terms are used to characterize microstructure in samples, ingots, castings. In an equilibrium phase 
diagram there must be only names of equilibrium phases. It seems incorrect to use the same term to 
designate structural constituents composed of two or more equilibrium or non-equilibrium phases in the 
equilibrium phase diagram. 

In one of the recent papers [5] the author substantiated the necessity to consider Cem  in iron-carbon 
alloys the equilibrium phase at temperatures below 727 °C and suggested a new version of the equilibrium 
phase diagram Fe - 6.67 % C (Fig. 1)∗. We can agree with many author’s conclusions and first of all with that 

Cem  is an equilibrium phase below 727 °C. However, the phase diagram of the system Fe - 6.67 % C in fig. 
1 has essential inaccuracies and contradicts the classic law of heterogeneous equilibrium - Gibbs’s phase 

rule. Thus, in the region FCES −−−  in the temperature range 1147 - 727 °C three phase constituents 

A , Gr  and .cl C (кл. С) (carbon clusters) are shown, and in the region SPQ −−  (below 727 °C) - three 

phase constituents Fer , Cem  and Gr , which is inadmissible according to Gibbs’s phase rule, because in 
the temperature - concentration region at constant pressure in a binary system in the equilibrium state 
there can be only two phases and the three-phase equilibrium is possible only at one temperature. It must 

be noted that already in 1900 B.W.H. Roozeboom suggested to consider Cem  a stable phase at 
temperatures below 1000 °C [13] and gave the appropriate diagram (Fig. 2). However that diagram was not 

accepted completely for the reason that Cem  decomposes at temperatures above 738 °C. 

                                                           
∗ In the figure in paper [5] below the temperature 727 °C instead of A  there must be F , which probably is a 
misprint. 
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Fig. 1. Phase diagram of Fe - 6.67 % C according  Fig. 2.Roozeboom's equilibrium phase diagram 

           to [5], A - austenite, Г ( Gr ) - graphite,             of iron - carbon 

          L  - liquid, П ( P ) - perlite, Ф ( Fer )  

           ferrite, Ц (Сem ) - cementite, кл. С  

           (cl. C) - carbon clusters 

 

3.  RESULTS 

It is well known that isothermal exposure of high-carbon alloys at temperatures above the eutectoid line (> 

738 °C) results in the decomposition of Cem  and formation of A  and Gr , therefore in the region 

FCES −−−  equilibrium phases are A  and Gr , and carbon clusters must be simply eliminated. The 

formed Gr  always remains during subsequent cooling, which allows to consider it equilibrium phase 

below the temperature of the eutectoid line (738 °C). However, if at high cooling rates Cem  is formed in 

iron-carbon alloys, it does not decompose into Gr  and Fer  when heated to temperature 727 °C. 

Therefore we can assume that Cem  also can be an equilibrium phase below 727 °C.  

In papers [14, 15] it is indicated that, when cooling low-carbon alloys from A  region by (5 - 10) °C below 

738 °C with further isothermal exposure and further cooling, Fer  and Gr  are revealed in microstructure. 

If similar samples from A  region are rapidly cooled to temperatures below 720 °C, Fer  and Cem  are 
always found in microstructure, remaining intact at further cooling. 

It is well known that in high-carbon alloys, initially containing only Cem , it is possible to obtain only Fer  

and Gr  in microstructure by means of  continuous isothermal exposure at temperatures above 738 °C 
(usually 900 - 950 °C) and one more isothermal exposure in the temperature range 720 - 730 °C. These facts 
allow to assert, that temperature 738 °C corresponds to the non-alternative three-phase eutectoid 

equilibrium ( A⇆ GrFer + ). Below this temperature there must be a two-phase equilibrium region 

( GrFer + ). 

On the basis of literary data it can be concluded that at temperatures below 727 °C in all iron-carbon alloys, 
containing up to 6.67 % C, only CemFer +  must be in the equilibrium state. Therefore, the region of the 

two-phase equilibrium GrFer +  must be in the temperature range from 738 to 727 °C and the region of 

the two-phase equilibrium CemFer +  - below 727 °C. Thus, it turns out that in the iron-carbon 

equilibrium phase diagram at the temperature 727 °C there must be one more non-alternative three-phase 

equilibrium GrFer +  ⇆ Cem  . 

In Fig. 3 the proposed version of the complete equilibrium phase diagram of the iron-carbon system is 
represented, in which the existing contradictions, regarding  phase composition in this system, are 
eliminated, and in which in all regions Gibbs’s phase rule is completely realized. It is assumed in this version 

that Cem  forms and decomposes at the temperature 727 °C 
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Fig. 3. 

The proposed version of complete 
equilibrium phase diagram of the 
iron- carbon system 

 

 

 

The proposed version of the equilibrium phase diagram enables to explain the presence in the 
microstructure of iron-carbon alloys at the room temperature of this or that phase constituents by means 
of the realization or non-realization of equilibrium processes, going on in various temperature regions. 

It should be always borne in mind that crystallization of any alloy with the crystallization range is always 
going on in non-equilibrium conditions [1, 2]. The result of the non-equilibrium crystallization is the 
formation of a dendrite structure, in which compositions of solid phase layers change from the center to 
the boundary. In view of the fact that the equilibrium distribution coefficient of carbon in iron-carbon 

alloys, determined as LS CCK = , where SC  and LC  are component contents in the solid and liquid 

phases relatively, is always less than a unity ( K < 1), the carbon content in the center of a dendrite cell will 
be less than the initial one and at the boundary - more than the initial one. Thus, for the alloy Fe - 0.8 % C 
carbon content in the center of the dendrite cell may be 0.4 % and at the boundary - 2.14 %. Consequently, 

subsequent decomposition in the solid state of the crystal A  with inhomogeneous composition will be 
characterized by a greater variety of non-equilibrium phase constituents. 

In the present paper we assume that after crystallization the formed solid phase is homogeneous. Then, if 
in the microstructure of the alloy Fe - 08 % C, cooled at moderate and high rates, at the room temperature 

the phases CemFer +  are revealed, it can be stated that despite the fact that both phases are equilibrium 

for the given temperature, the formation of Cem  followed the non-equilibrium way, when diffusion 
processes were depressed in the temperature range 738 - 727 °C - in the region of the two-phase 

equilibrium GrFer + . If in this alloy at the room temperature Fer  and Gr  are observed, Gr  should be 
considered non-equilibrium phase. In this case the process turns out to follow the equilibrium mechanism 
up to the temperature 727 °C, and below this temperature diffusion processes were completely depressed 

and consequently Cem  was not formed and Gr  remained. 

If in the microstructure of the alloy Fe - 4.3 % C at the room temperature two phases CemFer +  are 
revealed, these phases are also equilibrium. However, the process went on at high cooling rates, because 
diffusion processes were not implemented in the temperature range from 1147 to 727 °C, i.e. not only in 
the solid but also in the liquid phase, as well as between the liquid and solid phases. Undercooling was 

more than 420 °C. If in the microstructure of this alloy at the room temperature two phases GrFer +  are 

revealed, this means that though Gr  is a non-equilibrium phase, nevertheless in the temperature range 

from 1147 to 727 °C the process followed the equilibrium way with the formation of A  and Gr  from 1147 

to 738 °C, and in the temperature range 738 - 727 °C with the formation of Fer  and Gr . However, below 
727 °C diffusion processes were completely depressed. 

Thus, according to the proposed version of the iron-carbon phase diagram it can be considered that if in the 

microstructures of alloys with the carbon content up to 6.67 % at the room temperature Fer  and Cem  

are revealed, these phases are equilibrium, however the formation of Cem  most probably occurred 

according to the non-equilibrium mechanism. If in the microstructures of alloys Fer  and Gr  are revealed, 
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Gr  is a non-equilibrium phase below 727 °C. In the iron-carbon alloys with the carbon content more than 

6.67 % at the temperatures below 727 °C  Cem  and Gr  will be equilibrium phases (Fig. 3). 

 

4.  CONCLUSION 

A new version of the complete equilibrium phase diagram of the iron-carbon system has been proposed, in 

which it is assumed that non-alternative three-phase equilibrium GrFer +  ⇆ Cem  at the temperature 

727 °C, two-phase equilibrium GrFer +  in the temperature range 738 - 727 °C and two two-phase regions 

CemFer +  (up to 6.67 % C) and GrCem +  (over 6.67 % C) at the temperatures below  727 °C  are 
present. 
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ABSTRACT 

This paper deals with several application options of materials testing using an impact tester. An impact 
tester is a piece of testing equipment for investigation of response of materials to repeated impact loads. 
There are several types of this equipment with different designs and effects, which they produce in 
materials. Impact testers offer the benefit of examination of impact fatigue properties not only in bulk 
materials but also in layers and coatings. Impact testing is most widely used for testing fatigue properties of 
those components, which are subjected to repeated impacts and concurrent strong impact shocks. These 
include machining tools, railway wheels, piston rings and others. 

Keywords: impact tester, equipment, cycling testing 

 

1.  SURFACE INTEGRITY 

In terms of physical and chemical properties, the surface of material has certain specific features which set 
it apart from bulk materials.  These features have significant impact on the end-use properties of the entire 
product. Unfortunately, despite this general knowledge, the state of surface actually receives very little 
attention in practical applications. For the purpose of cutting operations, mainly the productivity and 
durability of the tool are considered. Typically, the state of machined surface is not examined or is only 
evaluated on the basis of several roughness values. Yet, not only the surface relief, the description of which 
is often incorrectly derived from these roughness values, but also other surface features have decisive 
impact on its end-use properties. Characteristics based on the ANSI B211.1 1986 standard start to be 
employed in industrial applications these days. The standard contains a description of the surface in terms 
of a comprehensive set of properties, collectively termed as “surface integrity”. Application of the standard 
can be expected to become common in Europe in near future. As a result, the requirements for surfaces 
will become more extensive than before. In machined and formed products, not only dimensional and 
geometrical accuracy will be examined, but also the surface state described in terms of its comprehensive 
characteristics.  It is important, however, to take a practical approach to utilization of the standard. Despite 
the not inconsiderable influence of the surface, its state does not require any special attention in some 
types of machine parts. On the other hand, in numerous products even a slight alteration of their surface 
state results in a significant improvement in their end-use properties and life.  

Findings on the impact of a change in the surface state upon the end-use properties of a product should be 
applied in practice without delay. In cooperation with the Hofmeister s.r.o. company, certain operations 
have been performed which improved the end-use properties of not only tools but machine parts as well. 
These practical applications provided valuable information suggesting that the changes observed in the 
surface integrity-related end-use properties should be properly monitored. For the purpose of 
identification of effects of surface state changes, not only new testing methods but also new equipment 
had to be developed. This made the authors of this paper construct the impact tester by their own design 
and develop the testing methodology. 

 

2.  THE IMPACT TESTER 

The instrument (Fig. 1) allows investigation of fatigue characteristics of a material surface under dynamic 
cyclic contact loads. The test is based on cyclic impacts of a testing body with a defined force on the surface 
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of material. Due to high number of impacts (up to 1 million impacts have been applied and tested), a 
number of phenomena take place on the surface. When correctly recorded and evaluated, they provide 
information on numerous important properties. In the real world, about 90% defects are caused by fatigue-
related failures. Most frequently, the fatigue failure is initiated on the surface of the part. Upon reliable 
determination of the impact of the surface state on the fatigue properties, the properties of an examined 
material can be predicted. In order to obtain as reliable results as possible, one has to use not only an 
accurate instrument applying a defined load on the examined surface but also proper methodology for 
evaluation of related processes. This is why the current efforts of the authors are focused on evaluation of 
acoustic emission signals and recording the loading force intensity and the material’s response. Like the 
knowledge on the state of the impact crater (Fig. 2), these findings in relation to the number of impacts will 
make it possible to determine comprehensive characteristics of the surface of material. Specialist literature 
does not provide extensive information on the impact test, as there are only very few laboratories 
worldwide dealing with such a method. There are three instruments of this kind in the Czech Republic. Of 
these, two are at the authors’ laboratory and one at ÚPT (Institute of Scientific Instruments) Brno.  
Currently, the method is also being developed by the Polytechnic School and Research Committee of 
Aristoteles University of Thessaloniki, Greece. 

 

Fig. 1 An impact tester built according to authors’ design. The impact is generated by an induction coil 
which can provide a force of up to 1,000 N at the frequency of 50 Hz. 

 

 

 

 

 

 

 

 

 

 

Fig. 2 a) an impact crater upon 500 thousand impacts on a specimen taken from a railroad wheel 
b) a zoomed-in view of the impact crater with a growing crack on its edge [1] 
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The advantage of the impact test lies in that it offers a rapid and accurate evaluation of the effect of the 
surface state on the end-use properties of the part. During the verification period of the instrument, not 
only surface-treated materials (thin-film-coated exchangeable cutting inserts, piston rings) but also bulk 
materials were tested. Results of cutting tool testing were compared with technological results from milling 
processes, as the latter allow accurate simulation of impact loads on the cutting tool edge during 
machining. It became apparent that the method can be used for determination of end-use properties of 
cutting tools. On piston rings, the effects of a hard chrome plating on the contact surface were investigated. 
The test has shown that where pores are present, the resistance of the surface of the ring to contact 
fatigue increases. The resistance improved markedly upon reduction of surface roughness by polishing. As a 
result, a recommendation was given to the manufacturer to use operations which will alter the state of the 
surface. At present, these piston rings are being field-tested. Extensive tests were carried out using bulk 
materials in the form of specimens taken from a used railroad wheel. They were aimed at describing the 
growth of cracks in the railroad wheel during cyclic contact loading. Results of acoustic emission measuring 
and monitoring of changes in the impact force due to processes initiated within the material were used for 
evaluation as well. The results confirmed the risk of formation of new surface cracks and their growth 
under critical cyclic impact load. The instrument and the methodology will be deployed in cooperation with 
the University of Pardubice, Czech Republic, for testing new materials intended for production of railroad 
wheels, crossing frogs and switch rails. 

 

3.  CONCLUSION 

The authors expect the surface integrity monitoring and evaluation of its direct impact on end-use 
properties of products to become ever more common in near future. These end-use properties will be also 
be reviewed in terms of contact fatigue. Our laboratory is now prepared for this thanks to the instrument 
and elaborated testing methodology. Further areas of application can be found in prediction of properties 
of in-service parts and equipment. Impact test can be carried out using very small specimens (equivalent to 
a coin) which can be taken from operating equipment without stoppage. Under certain circumstances, the 
results may be used instead of the results of demanding fatigue tests. This method may also be used for 
monitoring and description of degradation processes wherever contact loads occur. 

Detailed information on the issue can be found at www.ateam.zcu.cz 

 

This study is a result of an internal grant of the University of West Bohemia investigated in 2008 and 
grant MŠMF 1M0519. 
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Abstract 

The paper concerns effects obtained as the result of cast iron coating with copper using different methods. 
Authors studied the influence of the high-temperature oxidation, as the preliminary stage previous to 
coating with copper on the change of surface layer structure as well as subsurface layer of cast iron with 
flake graphite. Received effects were compared to these obtained during cast iron coating in liquid copper 
without preliminary thermal processing, as well as coating with copper during turning. As the consequence 
of conducted high-temperature oxidation in subsurface layer of cast iron pores have been created, that in 
result of coating in liquid copper were filled with new phase and in this way the new zone with different 
properties was obtained. It was additionally stated that the cast iron layer enriched in copper is 
considerably thicker than layers got with application of other methods.  

Keywords: oxidation, cast iron coating, copper, subsurface layer, temperature  

 

1. INTRODUCTION 

The investigations of high-temperature corrosive resistance of cast iron have been led for tens years and 
they concern different aspects of this problem. The presented in literature results usually describe the 
structure of cast iron scale layer or analyze the influence of different factors (the chemical composition of 
cast iron, shape of graphite, etc.) on oxidation mechanism [1-6]. The investigation of different grades of 
cast iron: with flake graphite, white, nodular and ductile showed that the oxidation kinetics and the scale 
layer morphology depend closely on size and distribution of flake graphite. With temperature increasing 
the process of oxidation accelerate, the scale layer porosity enlarges and the scale layer adhesiveness to 
metal core gets smaller [5].  

It in present work authors decided to look at the high-temperature oxidation process from the point of 
view its influence on effects got during cast iron coating with copper.  

As the result of copperizing some usable properties of iron alloys decrease [7]. From the other side the 
copper layer, even if it is not too thick - from 5 to 20 μm, makes more easy of next layers coating 
(chromium or nickel) [8]. Moreover, the coated layer of copper enlarges the corrosion resistance of Fe-C 
alloys in acid medium about thousands percentage. 

The aim of cast iron coating with copper is mainly the enlargement of adhesiveness and lifetime of nickel or 
chromic coats. The layer of copper can sometimes be applied as self-contain coat in case of imitation of 
copper alloys [9]. 

Introducing the new material into the pores' place created as the result of high temperature oxidation in 
surface layer of cast iron may lead to: enlargement of thickness of subsurface cast iron layer enriched in 
copper; obtaining composite surface layer with specific proprieties without necessity of expensive gear 
application.  

The aim of begun investigations is to practical verify and confirm the mechanism of oxidation of cast iron 
containing the different graphite shape: flake, coral, vermicular and nodular as well as evaluation of the 
influence of high-temperature processing on following additional treatment, i.e. copperizing.  
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2.  METHOD OF INVESTIGATION  

During the investigations cast iron with flake graphite melted in induction furnace of medium frequency 
was applied (3,3% C; 1,7% Si; 0,5% Mn; 0,06% P; 0,06% S). Liquid metal was cast to sand mould with 
dimensions φ30x300mm. From such cast rolls from their bottom part samples were turned φ=11-19mm and 
length l=110-200mm. Samples were oxidized in silite furnace PKS 600/25. The experiment was led in five 
different temperatures - 850, 900, 950, 1000 and 1050oC. Samples have been taken out from the furnace 
separately after: 4, 6, 8, 10 and 12 hours. After cooling dawn samples were exactly measured, weighed, and 
metallographic specimens were prepared to observe surface perpendicular to sample’s axis.  

The scale layer was removed in two stage procedure: mechanically by sandblasting as well as chemically by 
dipping in solution of oxalic acid. After scale layer removal the copperizing in liquid copper with 
temperature 1100 oC has carried out, in crucible with capacity 70 kg.  Samples were kept in liquid metal 
from 2 up to 25s. The plunged part of samples was about 70% the total length. Samples appearance after 
coating with copper is presented at Fig. 1. 

a)       b) 

 

 

 

 

 

Fig. 1.The view of samples after copperizing in time 2-25 s - the surface of samples (upper - the time of 
copperizing 20s, bottom - the time of copperizing 10s). 

 

To optical observation microscope "NEOPHOT 2” as well as “Axiovert  A -100” were applied, whereas 
further examination was made with application of scanning microscope “Jeol J 7” and X-ray analyzer  “JCXA 
- JEOL”.  The sample’s surface quality was described additionally by roughness measurements made after 
scale layer removal. 

 

3.  RESULTS OF INVESTIGATIONS AND THEIR ANALYSIS  

The thickness of copper layer created on surface of cast-iron samples grows with increasing of immersing 
time in liquid copper. In case of short times holding < 10s, the produced surface layer characterizes with 
large smoothness. For time longer than 10s holding, surface of coated layer is non-uniform and shows 
numerous emptinesses and niche.  

As the copperizing effect in case of samples from grey cast iron not subjected the preliminary high-
temperature oxidation, after longer time of holding (t > 20s), the subsurface ferritic layer was observed 
followed from the heat treatment to which samples were subjected. 

The obtained results were compared to effects of copperizing of cast iron samples not subjected oxidation 
as well as the effects of coating with copper the cast iron during turning [9]. For every copperizing method 
the measurement of concentration change N(Cu) and the N(Fe) in surface layer of samples has been 
conducted.    

As the result of copperizing during turning the layer with thickness 1µm has been created, that has partly 
diffusive character. The essential meaning has here the fact that coating is executed directly in moment of 
uncovering very clean surface. Additionally this operation is combined with relatively high temperature (ab. 
800 oC) existing in place of turning tool contact with sample surface.  
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a           b  

 

 

 

 

 

 

 

 

Fig. 2.The distribution of concentration N(Cu) and N(Fe) in surface layer after coating with copper within 
10s, the bright circles and the squares were marked as the experimental contents Fe and Cu after 
coating with copper without oxidation, plot with full circles means Cu content in cast iron after 
coating with copper with earlier oxidation; b - the subsurface microstructure, magn. x500. 

 

In the case of short time coating with copper in liquid bath (t = 2s) the evaluation of reciprocal enriching 
Cu⇔Fe was no possible. Starting from copperizing time t=4s the mutual penetration Cu⇔Fe was stated. At 
the Fig. 2 results of Cu and Fe concentration measurements are presented with reference to sample 
copperized within 10s. The asymmetry of concentration curves at the Cu/Fe surface (x = 0) proves, that 
during this kind of copperizing  except Cu and Fe diffusion samples dissolving in copper bath is also running. 
The dissolved part of samples is replenished the similar quantity of Cu.  The copperizing effect of cast iron 
that was subjected previously to high-temperature oxidation differs from results obtained without such 
processing. The cast iron oxidation causes except scale layer growth (scale layer is removed by sandblasting 
and chemical etching) the formation in cast iron subsurface zone without graphite which thickness achieves 
even 1,6 mm.  So, the observed cast iron structure can be generally divided on three layers (scale layer, 
porous layer, core structure). Also in this case we observe the metallic structure change from pearlitic to 
ferritic. The thickness of porous layer increase with temperature and oxidation time increasing. To obtain 
more detailed information regarding the oxidation mechanism - the graphite removal as well as the silicon 
influence in studied process the investigation with use of X-ray analyzer was applied.  

a      b 

 

 

 

 

 

 

Fig. 3. The RTG analyses; the analyzed structure with line of measurement;  b - results of analyses. 

 

At Fig. 3. the linear qualitative analysis of subsurface layer for six basic elements (C, O2, Si, Cr, Mn, Fe) is 
presented. Visible is, that although graphite precipitations became almost completely removed some 
graphite remainders exist in formed niches. The silicon content is significantly higher at interfacial surface 
graphite - metallic matrix and probably SiO2 layer is created there which prevents the more far corrosion of 
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metal matrix. The mechanism of pores creation in cast iron with flake graphite together with coating effect 
with copper is presented at Fig. 4 [11]. 

a      b 

 

 

 

 

 

 

 

 

Fig. 4.Mechanism of oxidation and copperizing of cast iron with flake graphite: a - the appearance of 
subsurface layer, magn. x100; b - the drawing of preliminary oxidation process as well as the 
copperizing [10]. 

 

The copperizing of samples where the scale layer was removed leads to existing pores' fulfillment with new 
phaze enriched in copper. Depth of this zone depends on pores' size, time and temperature coating and it 
can get up to tens micrometers. The schematic and real effect of oxidation process of cast iron with 
following coating with copper is presented at Fig 4. At Fig. 2 the concentration distribution N(Cu) and N(Fe) 
in subsurface layer after copperizing without oxidation is presented, on the chart the change of copper 
concentration in cast iron got after coating with copper within 10s with previous oxidation was plotted. 

a             b  

 

 

 

 

 

 

 

Fig. 5. Microstructure of cast iron after coating with copper and the previous oxidation - a; b - linear change 
of Cr, Mn, Fe and the Cu concentration along section from fig. a. 

 

It is visible, that concentration Cu in new phaze zone is considerably higher and  changes violently, enriched 
in copper layer achieves thickness about 80 micrometers. At Fig. 5 the linear change of Cr, Mn, Fe and Cu 
concentration along measuring length cutting "after - graphite” niche fulfilled with new phase is presented. 
The obtained results confirm complex character created filler enriched in copper.   

 

4.  CONCLUSIONS 

1. As a result of high-temperature oxidation of cast iron previous to the copperizing the graphite 
participations are almost completely removed, however inside the formed niches some graphite 
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remainders left. The silicon content is essentially higher at interfacial surface: graphite - metallic 
matrix  and probably SiO2 layer is created there which prevents the more far corrosion of metal 
matrix  

2. Layer of copper created on samples surface as the result the copperizing in liquid copper has typically 
diffusive character. Thickness of the layer obtained in this way is a dozen or so time higher then layer 
thickness resulting from copperizing during turning. 

3. Time of copperizing in liquid copper should be individually chosen in dependence on parameters 
describing every sample (dimensions, mass, wall thickness). The overcrossing the optimum time of 
copperizing causes, that the obtained Cu layer is not smooth and contains the numerous emptinesses 
and the cavities, the surface of Fe-C  alloy shows high differentiation. The shorter time of coating 
decrease thickness of received diffusive layer and in effect decrease awaited usage proprieties. In 
case of studied samples with dimensions φ= 19, l = 200 mm the optimum time of coating is 10s. 

4. The application of high-temperature oxidation before cast iron copperizing makes possible the 
producing the new cast iron layer - consisting from "after - graphite” pores fulfilled with phaze 
enriched in copper with thickness about 35μm. It was stated additionally, that such treatment 
intensifies the copperizing effect. The recorded Cu concentration distribution in cast iron shows 
except considerably higher copper contents also higher thickness of subsurface layer enriched in this 
element.   

5. The presented methods of copperizing can be applied with success to production the protective 
layers on iron carbon alloys. 
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Abstract 

Central to nanoscience is the assembly and manipulation of fundamental building blocks on a nanoscale 
level to create high-functional nanosystems (NS). Interfaces play a central role in NS, therefore information 
on the behavior of matter at interfaces is becoming increasingly important. The original crystal interface 
engineering methods and thermodynamic and synergy considerations are applied for the creation of high-
functional metal NS. To optimize NS structural design and achieve desirable characteristics, the processes 
of internal structural self-organization of NS should be in resonance with processes of managing external 
influences. From this standpoint, discussed are : 

(1)  processes of preferential formation of low-energy special boundaries to obtain high coercive sintered 
permanent magnets on the basis of SmCo5 powder,   

(2)  processes of structural self-organization and special boundary design upon the formation of bismuth 
thin films with a big length of electron mean free path. The films were deposited by the methods of 
different degrees of nonequilibrium (thermal evaporation and self-ion assisted deposition),  

(3)  processes of managing external influences for raising the level of self-organization of the interface 
reaction zone in the CVD-method in order to obtain  high conductive, with good adhesion,  structure-
stable thin tungsten films on a silicon substrate. 

Keywords: crystal interface, nanosystems, nanoscience, TE-method, SIAD metod, low presure, low 
temperature 

 

1.  INTRODUCTION 

Interfaces play a central role in nanoscience and nanotechnology and manipulation of interface structure 
on nanoscale allow the creation of high functional  nanosystems (NS), including  structures, materials, 
devices. NS are thermodynamically open and  metastable,  highly complex  and heterogeneous  in shape 
and substance, and dominated by interfaces. It is obvious that information  on the organization of matter at 
interfaces, that is the atomic structure, composition, conformation and orientation of matter at interfaces 
becomes increasingly important. To optimize structural design, forecasting and achievement of high 
performance characteristics, the processes of internal structural self-organization of a system should be in 
resonance with processes of external influence of different fields (composition, temperature, deformation, 
electrical, magnetic fields, etc.) [1].  

This approach, together with earlier developed crystallochemical methods of searching for symmetry-
preferred interfaces of heteroepitaxy [2,3] allow the modeling generation and experimental selection of 
nanosysnems with desirable functional properties. The paper is  mainly devoted to the application of the 
original crystal  interface engineering  methods and synergy considerations for the creation of high 
functional metal NS.   
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2.  THERMODYNAMICS CONSIDERATIONS OF NANOSYSTEMS (NS)   

In NS with highly  extended interfaces practically all thermodynamic characteristics should undergo 
essential changes. The surface and interface  phenomena are convenient to classify according to the 
generalized equation of the 1st and 2nd  laws of  thermodynamics:   

∑∑∑ ++++−=
k

kkj

j

ji

i

i dXYdNdAVdPSdTdG µσ  (1) 

G  is the Gibbs energy; T - the temperature; V - the volume; P - the pressure; ii A,σ  are the surface 

tension and the area of a surface (interface); 
jj N,µ are the chemical potential and the number of moles of 

j-st component; S  is the entropy of the system; ),( XY are other thermodynamic conjugated variables, 

acting in the system (for example, the electric potential and  electrical charge; the magnetic moment and 
magnetic field, etc.). According to [4] the entropy of an open thermodynamic system consists of two items: 

ei dSdSdS +=                                                                                                                                  (2) 

where edS  is the external entropy contribution , i.e. energy transfer through external borders of the 

system, and idS characterizes the contribution of internal entropy, produced  inside the system )0( >idS . 

If the entropy delivery in a unit of time exceeds the  internal entropy production )/( dtdSP i=  inside the 

system, i.e. dtdSdtdS ie // > , then 0/ <dtdS . This situation is possible in non equilibrium systems, 

because in an equilibrium state the item  0>idS  always prevails.  For irreversible nonequilibrium 

processes the entropy production )(P  plays the same role as the entropy in equilibrium situations. All 

processes of structure ordering are caused by thermodynamic driving forces  and  directed  to extreme 
values of thermodynamic parameters such as to entropy maximum near an equilibrium state or to 
minimum entropy production near a stationary state. According to [5] the evolution of  nonequilibrium 
open systems at self-organization occurs under the conditions of minimum entropy production.  

In NSs with a great part of interfaces the contribution of item∑
i

iidAσ  to the general system energy is big 

and its  reduction can occur by shrinkage of interface area )( iA  via  coalescence and coagulations of NS 

component parts, i.e. by interface movement or due to the reduction of surface  tension )( iσ , i.e. the  

formation of low-energy interfaces. Thus interface energy can transform into other kinds of energy, which 
responds to the certain surface phenomena (change of reactivity, adhesion, interface diffusion, various 
electric effects etc.).   

In general, interfaces are nonequilibrium defects, but we can speak about local  metastable equilibrium of a 
definite stationary interface  under external conditions. Interface structures, both stationary and moving 
are very diverse, from amorphous to crystalline state with high periodicity, and they can undergo phase 
transformations under external fields.    The substance evolution in the interface layer tends  to the 
stationary-state. Low energy interfaces  responding to an extremum of energy, determined by symmetry 
[2], can be chosen as states-attractors in NSs.  

The available experimental data allow some conclusions concerning the macro- to nanostate transition: (1) 
NS formation is accompanied by the appearance of coherent interfaces; (2) polysynthetic twinning is a 
typical mechanism of NS formation during polymorphic phase transitions; (3) nanophases are stabilized by 
the host crystal due to the elastic strain energy of coherent interfaces and are metastably conserved under 
variable P, T, PO2, PH2O .  

By nature, NS are open thermodynamic systems and their treatment occurs in non-equilibrium conditions, 
therefore the evolution of a system during the synthesis proceeds in conditions far from equilibrium and 
the driving force of the process can be the tendency of the system to a minimum of entropy production [5]. 
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From this point of view the formation of coherent low energy interfaces in NSs is  providential. Seemingly, 
the synergy  processes of structural self-organization  which lead to the formation of low-energy interfaces 
responsible  for "unique" properties of a final material  will have the pivotal  value in NSs.  

3.  THE SPECIFIC PROPERTIES OF PHASE AND GRAIN BOUNDARIES CONTROLLING THE HIGH 
COERCIVITY OF SINTERED PERMANENT MAGNETS (SPM) ON THE BASIS OF Sm-Co ULTRADISPERSED 
POWDERS  

High coercivity and/or high magnetization of SPMs require special structures and chemical compositions. 
The effect, a microstructure exerts on the coercivity of SmCo5-type SPM, is due to (1) the distribution of 
magnetic phase precipitates, oxides and pores in the structure; (2) misorientation and type of bonding 
among grains and (3) imperfection of the particle surface, i.e. the state of formed intercrystalline 
boundaries. Secondary phases Sm2Co7 and Sm2Co17 are usually formed during the preparation of SmCo5-
type SPM. They appear as thin layers along the grain boundaries of the major SmCo5 phase.The major 
coercivity decrease is found to be due to the appearance of a magnetically softer Sm2Co17 -phase. The 
SmCo5 powder based magnets  with high coercivity had either a single-phase SmCo5 structure or a structure 
containing  the SmCo5+ Sm2Co7 phases.The crystallographic parameters suggest that a multiple volume 
(topotaxic) correlation exists between the SmCo5 (P6/mmm space group) and  Sm2Co7 (P63/mmc space 
group) phases [6,7]. Therefore, interphase boundaries between these structures should have a rather good 
lattice matching. This is particularly characteristic of the boundaries in the basis plane of the (0001) 
hexagonal lattice, because elementary cells in this plane are virtually equal by their area in both planes and 
have the same point and and translation symmetry  and interface (0001 SmCo5)/(0001) Sm2Co7 responding 
to an extremum of energy, determined by symmetry. 

The distribution of spontaneous magnetization in magnetic materials has the form of a domain structure. 
The interaction of this structure with the grain and phase boundaries (major defects in ultradispersion 
systems) determine the magnetic properties of SmCo5-type SPM. Intercrystalline boundaries are of crucial 
importance for the properties of solids prepared from ultradispersion powders. Among large angle 
boundaries, there are low-energy speical coincidence boundaries whose structure is of high coherence. 
These boundaries arise at certain misorientation angles (θ) and are characterized by a reciprocal density of 
coincidence sites (Σ). As compared to an “ideal” lattice plane, any intercrystalline boundary has an excess 
free volume, which makes it more porous, facilitates impurity atom alignment in the boundary regions and 
boundary phase precipitations. These processes are typical for non-coincident structure disordered 
arbitrary boundaries.  

The appearance of coincidence lattices (CL) and special boundaries with reciprocal density of coincidence 
sites Σ=7;13;19 at certain rotations θ around the [0001] axis in the SmCo5 lattice is shown in Fig.1     

Fig.2 shows common cells and coincidence boundaries for interphase boundaries in SmCo5- Sm2Co17, which 
were observed in experiment [6]. Note that interphase tilt coincidence boundaries (mutual rotation axis is 
in the boundary plane)  appear in prismatic planes of the hexagonal Sm2Co17 phase ( P63/mmc space group) 
and the angle of mutual rotations for the interphase boundary  are close  to that of a special grain 
boundary with Σ=13 in SmCo5.  

 

 

 

Fig 1  

Coincidence lattices and special grain 
boundaries with Σ =7; 13; 19 at certain 
misorientations (θ) of neighbouring grains 
around the [0001] axis. 
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Fig 2  

Cells and interphase coincidence 
boundaries in the SmCo5-Sm2Co17 system 

 

The predominance of special boundaries 
in the polycrystalline structure of SPM (certain textures and boundary design) increases its density, because 
special boundaries are highly coherent and have a smaller free volume than general (arbitrary) ones and 
decreases the number of defect sites for the nucleation of magnetization reversal domains because such 
nuclei are usually formed on the disordered itercrystalline boundaries in single magnetization axis SmCo5-
type magnets.  

The coercivity of SmCo5-powder based SPM is strongly influenced by the perfection of intercrystalline 
boundary structures and secondary phase and pore distribution in the microstructure. The SmCo5 SPM with 
the highest coercivity (~20kOe) had either a single-phase SmCo5 structure or a structure containing the 
SmCo5+ Sm2Co7 phases. The predominance of special boundaries in the polycrystalline structure of SPM 
(certain textures and boundary design ) increases its density and decreases  the number of defect sites  for 
the nucleation of magnetization reversal domains because such nuclei are usually formed on the 
itercrystalline  boundaries in single magnetic axis SmCo5-type magnets.  

 The preferential formation of the {111}R≡{0001}H texture has been observed [6,7]  for high coercivity 
SPMs. This texture facilitates the formation of the spectrum of low-energy special twist and tilt boundaries 
with the [0001] mutual grain misorientation axis, coinciding with the main magnetic axis of SmCo5.  The 
formation of reverse domains at this type of boundaries is impeded in comparison with other types of 
boundaries. 

 

4.  BOUNDARY DESIGN AND PROCESSES OF STRUCTURAL SELF-ORGANIZATION UPON Bi NANOFILM 
FORMATION WITH A BIG LENGTH OF ELECTRON MEAN FREE PATH 

Bismuth is a promising material for metallic nanoelectronics. One of its limitations is caused by the short 

electron mean free path (less than 100 nm) in submicron Bi ( mR3 space group) films, thus impending fast 
device operation. Such a short mean free path is believed to be due to the small grain size in Bi films which 
is usually 100-300nm. In [8] Bi films 50 to 60nm thick with conducting electron mean free paths of 1.5 µm 
were obtained by thermal evaporation (TE) in vacuum at 10-6 Pa [8]. Such long mean free paths were 
explained by a strong influence of the grain boundary structure on the electrical resistivity of the submicron 
Bi films, which was improved during evaporation and/or recrystallization.  

The electron transport properties of the Bi films depend on the grain size, boundary structure, impurity 
content, etc., which may considerably change the film conductivity at low temperatures particularly (for 
instance, to decrease the conductivity by 3-4 times at helium temperature). The tendency of Bi grains to 
decrease the surface and interface energy leads to the formation of the large-grained film with the 
preferential grain texture  axis <00.1> oriented along  the substrate  normal. This axis of mutual grain 
misorientation (corresponding to the trigonal axis <111> in the rhombohedral presentation is a 
characteritic feature of low energy coincidence boundaries in bismuth (Table 1, Fig.3). 

In [9] the initial stages of growth of Bi films deposited by the methods of different degrees of 
nonequilibrium, such as thermal evaporation (TE, the deposition rate is 1.5-3.0 nm/min)) and self-ion 
assisted deposition (SIAD, the deposition rate is 2-3nm/sec) were investigated.  
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Table 1 Crystallographic parameters (rotation axis [HKL]R - in rhombohedral presentation and angle θ) of 
coincidence  grain boundaries in Bi. (letters a,b indicate the coincidence lattices of the same 
reciprocal density of coincidence sites (Σ) but of different symmetry) 

Σ [HKL]R angle θo 
3 [111] 60 
7 [111] 38.21 
11 [111 ] 87.39 

13 [111] 27.79 
17 [100] 69.33 
19 [111] 46.82 
21a [111] 21.79 
21b [11  11  12 ]  92.73 

 

 

 

 

 

 

 

 

 

Fig 3  

Atomic model of an experimentally 
observed grain boundary (Σ=13, θ=27.79o, 
period of boundary structure is marked).  

 

The Bi films deposited by TE on an amorphous substrate are formed by the Volmer-Weber mechanism and 
characteristically contain facetted islands of different orientations. Among the small isolated islands of 
different shapes, islands of triangular and honeycomb shapes can be discerned (Fig 4a). This island 
morphology corresponds to (111)R≡(0001)H orientation parallel to the substrate surface. The (0001)H 
plane is the lowest  energy surface in Bi. The number of islands with such orientation increases with 
increasing substrate temperature. In comparison with the spectrum of islands observed in the high vacuum 
TE-method, no variability of island shapes was observed in the films deposited by the SIAD-method. Among 
the faceted islands, islands with triangular and honeycomb shapes were the most frequently observed. 
There were twins in some islands. This points out that during the film growth by the SIAD-method, islands 
of predominantly (0001) orientations are formed even at earlier stages.  

Fig. 4 Microstructure evolution of Bi thin films deposited by TE on an amorphous (SiO2) substrate at 100°C 
(a) island structure, (b) “labyrinth” structure, (c) continuous film. 

 

In the TE-method the island interaction during crystallization on cold substrates occurs without 
coalescence. An abnormal growth of grains with (111)R≡(0001)H planes that are parallel to the substrate  
surface  occurs  during condensation on a warm substrate (100oC, Fig. 4). Annealing leads to a more perfect 
crystallographic texture and an increase in the number of grains with the (111)R orientation. The formation 
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of ordered special grain boundaries, “transparent” for moving electrons leads to an increase of the film 
electron mean free path.  

 In contrast to the TE-method, the condensation of atoms via vapour-crystal mechanism by the SIAD-
method occurs via a liquid phase because of the effect of a “thermal spike” [10] which is a result of ion 
bombardment. As a result, in the more nonequilibrium SIAD-method  (compared with TE-method) we can 
obtain films  with a more perfect film structure and  a high electron mean free path. 

 

5.  THE STRUCTURE ATOMIC MODELS OF W/Si INTERFACES AND  PROCESSES OF SELF-ORGANIZATION 
OF INTERFACE REACTION ZONE IN CVD GROWTH OF THIN TUNGSTEN FILMS ON SILICON 
SUBSTRATE  

Tungsten thin films are perspective materials for multilayered contact metallization of integrated circuits. 
Among desirable properties are a high melting point, low electrical resistivity, low activity of oxidation, high 
resistance to electromigration, high radiation hardness, etc.  The main difficulties in fabricating W thin film 
microstructures are their sufficiently low adhesion to silicon and spalling of metal layers.  

In [11] high -conducting, structurally stable thin tungsten films on silicon were obtained with specific 
resistance 8 x10-6  ohm cm close to the value of a compacted metal. These films were produced via 
hydrogen reduction of tungsten hexafluoride by chemical vapour deposition (CVD) and gas-phase 
deposition with the plasmochemical stimulation of hydrogen. The characteristic feature of high-functional  
thin film  heterostructures is formation of a W5Si3 self - limited  nanometric sublayer at the W/Si interface. 
The experimental data on a CVD of tungsten onto silicon substrates are given in Table 2. 

 

Tab 2 Experimental data of  the tungsten silicides formation during CVD and magnetron sputtering of the W 
thin film  on silicon substrate 

The presence of the W5Si3 sublayer during CVD growth leads to high adhesion, the W/Si system 
stabilization, and formation of high quality functional structures. So the goal now is to understand   these 
phenomena and find possible ways to enhance the control over and optimize the CVD-growth of high 
functional thin film tungsten nanostructures by applying the crystal interface engineering and synergy 
methods.   

The low pressure (LP), low temperature (LT)-CVD of tungsten films is a nonequilibrium process with many 
variable growth parameters. The nucleation of a new phase occurs at the interface and is determined 
either by the composition of the intermediate interfacial layer (reaction zone) and by the energy required 
to form the compound. Therefore, both thermodynamic and kinetic arguments are nesessary for the 
understanding of observed regularities. 

The selective phase growth is determined by the composition of a reaction zone, which is possibly 
regulated by reagent flows in CVD.  The resulting chemical reaction of the CVD-process can generally be 
defined as:  

( ) ( ) ( ) ( )I g I s F s F g+ → +          (3) 

№ The process 
Temperature  of  the 
W5Si3 formation 

Thickness of the  
W5Si3 sublayer 

Temperature  of  the 
WSi2 formation 

1 LP LT CVD W (WF6/H2) W5Si3 formed at  100оС ~20 nm 
WSi2  formed at 
600-700оС 

2 
LP LT НFP CVD W 
(WF6/H2) 

W5Si3  formed at 
T> 200оС 

<10nm 
WSi2  formed at 
700-800оС 

3 
LP LT PЕ CVD W 
(WF6/H2) 

W5Si3  formed at 
T> 200оС 

<10nm 
WSi2  formed at  700-
800оС 

4 Magnetron sputtering W5Si3 is absent -  
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where I(g), I (s) are the initial gaseous (g) and solid-state (s) reagents, F (s), F (g) - the solid-state and 

gaseous products of the reaction. That is, for initial gaseousreagents )(gI , the reaction leads to formation  

of structural units of a precipitate  layer F(s) and final secondary gaseous products F(g). For analyzed CVD of 
tungsten I(g) are WF6, H2; I(s) is  Si; F (s) are  WSix (W, W5Si3, WSi2, etc.); F (g) are HF, SiF4, SiH4, etc.  

Figure 5 presents a schematic picture to illustrate the kinetic model of the CVD tungsten film formation on 
the (001)Si substrate from the gas phase WF6/H2. The two interfacial layers are indicated as 1 and 2. The 
free energy of hypothetical compounds is scematically drawn in Fig. 5 as a function of composition. 
Therefore. if interface 2 has the composition (a), the compound formed should be WSi2, if the reaction zone 
composition is changed  from (a) to (b), a new phase will form as W5Si3.  

An effective heat of compound formation (ΔН *) as function of reacting components concentration in the 
reaction zone, can generally be defined as [12],  

lim

lim

*
C

H H
N

∆ = ∆      (4)  

where ΔН is the heat of the phase formation from pure components expressed in kJ/gm mol, the units 

for *H∆ , therefore, being kJ/gm atom. limС is a relative concentration of a limiting component in the 

reaction zone, and limN  is the number of atoms of the limiting component in the formed phase. 

 

 

 

Fig 5  

Schematic model to explain the compound 
formation in the CVD tungsten films on a silicon 
substrate, including thermodynamic and kinetic 
arguments. 

 

According to the Walser and Bene postulate [13] the interface between two components under equilibrium 
conditions has an initial concentration which is near  the composition of the lowest eutectic temperature  
in the silicide binary system. Table 3 shows the heats of formation for silicide phases in the W-Si binary 
system and the effective heat ΔН* for the lowest -melting eutectic concentration.  

 

Tab 3 The heats of silicide formation for W-Si system in equilibrium conditions  

Phase, structure, crystal 
parameters 

Composition ΔН kJ/gm. mol. ΔН kJ/gm. atom ΔН* kJ/gm. Atom 

Composition of the lowest eutectic of the  W-Si  system  (accessible component concentration in reaction 
zone)  W0.01Si 0.99 
W5Si3 

D8m I4/mcm 
z=4  Tetragonal 
а=9.605 с = 4.964 

W0.63Si 0.37 
-137.6 
 

-17.2 
 

-0,275 
 

WSi2 

С11 I4/mmm 
z=2  Tetragonal 
а=3.211 с= 7.868 

W0.33Si 0.67 -78,6 
-26,2 
 

-0,786 
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On the basis of the above thermodynamic  analysis and  kinetic scheme  the compositon  of the reaction 
zone (layer 2 in Fig.5)  for a preferential  formation of the W5Si3 silicide as compared to disilicide WSi2 was 
determined. It is equivalent to the condition which can be fulfiled if the limiting 

5 3 2
* *W Si WSiH H∆ ≥ ∆          (5),  

atoms for W5Si3 and WSi2 silicides (equation 4) are  of different types, i.e  they are W for W5Si3 and Si for 
WSi2. The calculations, that   tungsten should be 2.8 times larger than silicon in the reaction zone for a 
W5Si3 sublayer to form. Such compositions of the reaction zone may be spontaneously achieved by internal 
processes of the system self-organization or by purposeful manipulations by reagent flows during the CVD 
of tungsten film growth. Alongside with thermodynamic and kinetic factors the structure and energy of 
interfaces formed during CVD are very important. According to calculations of elastic strains [14,15]  and 
interface structural models (fig. 6,7), sublayer W5Si3 has structural conformity (lattice matching) both to W, 
and to Si.  Up to a certain thickness (~20nm) a more dense structure of W5Si3 (density is 14.523 g cm-3 
compared with WSi2 g cm-3)  serves as an efficient diffusion barrier for the formation of other silicides with 
a higher silicon  content, which leads to an abrupt decrease in conductivity.  

The energy of nanosystem stabilization and formation of low-energy coherent interfaces  are driving forces  
of the CVD of thin tungsten films.The matching of the CVD technique with the processes of internal 
structural self-organization allows  obtaining high-conducting, structurally stable nanostructures of W on  Si 
substrates. 

 

 

 

Fig 6 Lattice matching and  model of 
the interface W5Si3(001)/Si(001)  

Fig 7 Lattice matching and  model of the interface WSi2 
(001)/Si(001), lattice mismatch   δ= 1,5%. 

 

6. CONCLUSIONS 

 The processes of structure self-organization and formation of low energy interfaces are characteristic 
properties of nanosystems. The application of crystal interface design methods, comprehensive analysis of 
processes of structural self-organization and purposeful application of the external influence of different 
fields (composition, temperature, substrate orientation, deformation, electrical, magnetic fields, etc.) in 
nanosystems allow one to increase their controllability and to develop new high functional materals, 
technologies and devices. 
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Abstract 

H11 hot work tool steel was boronized at various processing parameters, austenitized, quenched and 
tempered to a core hardness of 47 - 48 HRC. Microstructure, phase constitution and microhardness of 
boronized layers were investigated. Effect of boronized region on the bulk properties was determined by 
the Charpy impact test. Structure of boronized regions is formed by the compound layers and diffusion 
inter-layer. They are formed with diffusion regions and compound region, which consisted of only Fe2B-
phase but in the case of longer processing time also of the FeB - phase. Microhardness of boronized layers 
exceeded considerably 2000 HV0.1. However, boronizing led to a substantial lowering of the Charpy impact 
toughness of the material. 

Keywords: hot work tool steel,boronizing, thermo-chemical treatment 

 

1.  INTRODUCTION 

Boronizing is a thermo-chemical treatment that forms thin, hard and wear resistant compound layers on 
the metallic surfaces. These layers have a much higher hardness than those formed due to the nitriding or 
carburizing. For tool steels, their hardness exceeds often a limit of 2000 HV 0.1. Due to the diffusion of 
boron into the steel substrate, boronized layers can exhibit a good adhesion on the steel surface.   

One of the most important problems of boronizing is the choice of optimal processing temperature with 
respect to subsequent quenching and tempering. Boronizing is carried out either in various powder 
mixtures in hermetically sealed containers or in salt baths. This makes it difficult to quench the material 
directly and, after processing, it must be cooled down slowly to a room temperature and heated again up 
to the austenitizing temperature which increases the risk of undesirable grain growth. In addition, many 
materials have the austenitizing temperature higher than that of boronizing, which makes strong 
limitations in formation of boronized layers on the surface of them.  

Boronizing of tool steels is an object of scientific interest over many years. The investigations are focused to 
the optimization of parameters with respect to minimize some undesirable effects like partial stripping of 
layers and embrittlement of bulk material. Thickness of boronized layers developed on tool steels is much 
lower than that of layers on plain carbon or low alloyed structural steels since the alloying elements inhibit 
the born diffusion into the material. Typically, the thickness of compound layers consisting of FeB- and/or 
Fe2B- boride reaches up to 60-100 m for various Cr and V containing tool steels [1,2]. Due to high alloying 
of tool steels, also other elements can easily form the borides in the layers, mostly Cr if the alloy contains 
chromium in sufficiently high amount [3,4]. On the other hand, carbon is insoluble in borides and it 
segregates into the material depth, forming additional portion of carbides. Phase constitution of boronized 
layers changes from the free substrate to the layer/base material interface as the boron content decreases 
in the same direction. The free surface side of boronized layer is formed mostly by the FeB-phase and its 
content decreases in favour of the increase of Fe2B amount [4]. Hardness of boronized layers can achieve 
over 2000 HV 0.1 for Cr- ledeburitic steels as well as for high speed steels [4,5]. 

Besides positive effects of thermo-chemical treatment upon important mechanical properties like hardness 
and wear resistance, also undesirable effects like embrittlement can take place in some cases. Lowering of 
the three point bending strength for various nitrided PM ledeburitic steels was found recently [6,7]. This is 
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connected with a cleavage region in surface processed material, with minimal plastic deformation, and with 
a very low fracture toughness of the core material [7]. Also for hot work steel of a H13-type, the lowering of 
absorbed Charpy impact energy was found. However, although also for the boronized layers such an effect 
can be expected, neither experiences are known nor exact determination of the effect of boronized layer 
upon the fracture toughness was published.  

 

2.  EXPERIMENTAL 

The hot work steel THYROTHERM 2343 EFS (0.37 %C, 1% Si, 5.3 %Cr, 1.3 %Mo, 0.3 %V, Fe bal) has been 
used for experiments. Round shaped plate specimens, intended for the structural investigations and 
microhardness measurements, of 20 mm in diameter and 5 mm in thickness were fine ground to a surface 
roughness of Ra = 0.8 m. Besides the specimens for microstructural evaluation, also the samples for the 
Charpy impact testing according to the NADCA 202-97 standard were made.  

Both types of specimens were cleaned, degreased and powder boronized in hermetically sealed containers 
at a temperature of 1030 oC for 30, 45, 75 and 150 min. After the boronizing, the containers were furnace 
cooled down to a room temperature, and then the specimens were removed and subjected to a vacuum 
heat treatment. The heat treatment consisted of austenitizing at 1020 oC/30 min., nitrogen gas quenching 
(pressure of 6 bar) and triple tempering at the temperatures of cycles 570, 610 and 550 oC, each for 2 
hours. After each tempering cycle, the samples were cooled down slowly to a room temperature. Resulting 
core hardness of the steel was 47-48 HRC. 

Scanning electron microscopy after a deep etching was used for the microstructural evaluation. Scanning 
electron microscopy was used also for the fractography. Microhardness of boronized layer, transient region 
and core material was measured with a Hanemann indenter placed in a Zeiss Neophot 21 light microscope, 
at a load of 100 g (HV 0.1). X-ray patterns of the boride layers were recorded using a Phillips PW 1710 
device with Fe-monochromatic radiation. Data were recorded in the range 27 - 120o of the two-theta angle. 
Charpy impact testing was carried out on an instrumented machine with the maximal impact energy of 300 
J.  

 

 

 

 

 

 

 

 

 

Fig. 1 (left) showing the microstructure of the core material. 

Fig. 2 (right) showing a detailed SEM micrograph of the core material. 

 

3.  RESULTS, DISCUSSION 

Microstructure of the core material, Fig. 1 consists of fine tempered martensite. Detail SEM micrograph 
obtained at higher magnification, Fig. 2 shows that the material contains fine martensitic needles uniformly 
distributed throughout the specimen, with neither presence of undissolved carbides nor pro-eutectoidal 
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A B C D 

phases at the grain boundaries. It indicates that the heat treatment after the boronizing was performed in 
an appropriate way. 

On the other hand, closer the boronized layer the density of undissolved carbides increases, Figs. 3 - 5. The 
reason is, as abovementioned, the diffusion of carbon from the surface to the core material due its 
insolubility in borides.  

 

 

 

 

 

 

 

 

 

Figs. 3 - 5 –  

Microstructure of the material close to boronized layer, 3 - far away 
the surface, 4 - closer the surface, 5 - below the boronized region 

 

Boronized layers formed at 1030 oC for 30, 45 and 75 min. are 
formed only of Fe2B - phase, Fig 6 a,b,c. The layer formed at the 
same temperature but for a processing time of 150 min. contains 
also the FeB - phase on the free surface, Fig. 6d. As clearly shown, 
the boronized layer is cracked at the two boron phases interface. It 
is known that if both boron phases are formed then the FeB phase 

contains tensile stresses and the Fe2B compressive stresses. This can be the principal explanation of 
cracking of FeB - layer in the last mentioned case. The monophase layers (Figs. 6a,b,c) are homogeneous 
with no presence of macrocracking.  

Fig. 6 a-d - Boronized layers on the H11-steel surface, formed at 1030 oC for a-30 min., b-45 min., c-75 min., 
d-150 min. 
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Figure 7 shows the boronized layer 
formed at the parameters 1030 oC/30 
min. The total thickness of boronized 
region is of about 60 m (7a) and it can be 
divided into two basic parts. The first one, 
close the surface, is the compound layer, 
containing a lot of pores mostly in thin 
near-surface area (7b). In between, there 
is the diffusion region. As clearly shown, 
the compound layer contains only the 
Fe2B - phase. The boundary between the 
compound layer and the diffusion region 
is typical by so-called “teething”, Fig. 7a,c. 
This phenomenon is typical for the growth 
of boronized layer on low- or medium-
alloyed tool steels. Diffusion region 
contains also some carbides (7c,d) due to 
the fact that carbon is not soluble in 
borides and during the boronizing, it 
diffused into the core material as above 
discussed.  

 

Fig. 7 a-d Boronized layer formed at 1030 oC for 30 min.. a - overview, b-free side region, c-substrate side 
region, d-detail from c.  

 

 

 

 

 

Fig 8 

showing the X-ray patterns 
from boronized layer formed 
at 1030 oC for 75 min. 

 

 

 

Fig 9  

showing the X-ray patterns 
from boronized layer formed 
at 1030 oC for 150 min. 

 

X-ray diffraction fixed the 
Fe2B-phase in all of the 
specimens, Figs. 8,9. For the 
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material boronized at 1030 oC for 150 min. also the FeB-phase was identified. This observation corresponds 
well with the microstructural observations, Fig. 6. 

 

Table 1 - Mechanical properties of boronized layers and bulk material 

Boronizing Microhardness HV 0.1 Charpy impact energy 
absorbed [J] FeB Fe2B diffusion region 

1030 oC/30 min. --- 1483 416 - 
1030 oC/45 min. --- 1473 406 - 
1030 oC/75 min. --- 2221 638 17.8 
1030 oC/150 min. 2325 1686 560 12.4 

 

Hardness measurements of boronized layers are summarized in Table 1. If only Fe2B compound is formed, 
and the processing time was short, then it had the average microhardness of 1473-1483 HV 0.1. Diffusion 
region was considerably softer - its microhardness was 638 HV 0.1. If the processing time was longer (75 
min.) then the hardness of boronized layer increased to 2221 HV 0.1. Such a high value indicates that at 
least tracks of FeB-phase could be formed - however, X-ray diffraction did not confirm this. For the 
specimens processed for 150 min. also the FeB compound was formed, and its average value of 
microhardness exceeded 2300 HV 0.1. In this case, the microhardness of Fe2B - layer reached only up to 
1700 HV 0.1.  

The material after heat treatment without boronized layer had the Charpy impact strength of more than 
300 J. The presence of boronized layer on the surface lowers the Charpy impact strength dramatically and 
the lowering is more evident as the thickness of boronized layer increases, with a simultaneous occurrence 
of the FeB-phase in the surface region. The impact strength of layers formed for short-time processing was 
not measured yet - however it can not assume any significant improvement. Various authors [8-10] have 
found that the fracture toughness of boronized layers is very poor - it ranged between 2.1 and 4.8 MPa.m1/2 
for some ledeburitic steels and other high alloyed steels. Boronized layers have thus several times worse 
resistance against propagation of brittle cracks than the steel substrate (although also the fracture 
toughness of high alloyed and heat treated tool steels is not good) and any sub-microscopical defects can 
easily act as fracture nuclei. 

 

 

 

 

 

 

 

 

 

Figs 10, 11 - Fracture surface of the specimen without boronized layer, left - overview, right detail. 

 

Figure 10 shows the fracture surface of the material without boronized layer on the surface. The surface 
exhibits clearly evident ductile morphology with some secondary cracks and deep dimples. Detail 
micrograph, Fig. 11, demonstrates that the propagation of the fracture is connected with an evident plastic 
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deformation. This is a natural explanation of high absorbed Charpy impact energy and good impact 
strength of the material 

The situation in the case of boronized material differs clearly from that non - boronized. Figure 12 shows 
the results of fractographical analysis of boronized Charpy specimens at 1030 oC for 150 min. The fracture is 

iniciated at the tensile side of the 
specimens (A), probably by 
cracking of boronized layer (B) 
and propagated downwards the 
material through diffusion inter-
layer (C). Cracking of the 
boronized layer is evidently 
supported by its morphology - i.e. 
columnar character of the 
microstructure contributes to the 
brittle character of failure. The 
inter-layer exhibits clearly 
transcrystalline cleavage 
character of the fracture, i.e. only 
minimum energy is absorbed by 
plastic deformation. Further 
propagation of the fracture, also 
in the core material, is realised 
mostly via transcrystalline 
cleavage and this is the principal 
explanation of a dramatical 
embrittlement of the bulk 
material due to the boronizing.  

 

Fig 12 showing the results of fractographical analysis of Charpy specimen boronized at 1030 oC for 150 min., 
a - overview, b - fracture of compound layer, c - diffusion region, d - core material. 

 

4.  CONCLUSIONS 

The main goal of experimental effort is to develop the optimal boronized layer with a good adhesion on the 
substrate, sufficiently high hardness, good resistance against cracking and as minimal as possible negative 
influence on the bulk properties. 

 

1)  All the developed layers have a thickness exceeding 50 m. No cracks or inhomogeneities on the 
layer/substrate interface were found, but if the layer consisted of two phases, longitudinal cracks on 
the boundary of these phases was detected. 

2)  The layer formed for 150 min. consisted of two phases, FeB and Fe2B, and had a microhardness of 
2325/1700 HV 0.1 for both sub-layers. The layers formed for 30, 45 and 75 min. consisted only of 
Fe2B-phase with a microhradness of about 1500 HV 0.1, but that developed for the processing time 
of 75 min. was siginificantly harder.  

3)  The presence of boronized layers on the surface lowered the Charpy impact energy of the bulk 
material in order of magnitude. 

15 µmB 100 

µm 

A 

10 µm C 20 µmD 
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4)  Further, and probably larger experimental investigations are necessary to find the boronizing 
parameters to form the layer with the optimal combination of properties, i.e. with a high hardness 
combined with as less significant worsening of Charpy impact strength as possible. 
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Abstract 

Oxygen and nitrogen species present in Alnico magnets produced from wastes have been studied using 
fraction gas analysis (FGA) procedure that was developed specially for the Fe-Al-Ni-Co-Ti alloys. Titanium 
sulfides, aluminum oxides with a titanium sulfide shell, silicon oxides, and disperse titanium nitrides less 
than 1 μm in size were found to be principal nonmetallic inclusions in the Alnico magnets. The effect of the 
time and temperature of the melt holding before pouring on the content and distribution of nonmetallic 
inclusions along the ingot have been studied. As the temperature and time (to 120 s) of holding increases, 
the total oxygen content was shown to decrease. However, the prolonged holding at the high temperatures 
(1750 - 1616 ºC) leads to substantial increase in the oxygen content. Variations in the content of TiN 
inclusions with increasing time and temperature of holding were determined to be ambiguous. 
Thermodynamic calculations of the dissociation of titanium nitrides under the FGA condition have been 
performed. 

Keywords: fraction gas analysis (FGA), Alnico magnets, oxygen extraction 

 

1. INTRODUCTION 

Production technology of Fe-Al-Ni-Co-Ti alloys (intended for Alnico permanent magnets) must provide 
given compositions and maximum length of dendrites (columnar crystals) that is determined by the 
minimum content of impurities, in particular, nonmetallic inclusions refining the macrostructure of 
magnets (WATANABE 1965, MAKINO 1970). It should be noted that the Fe-Al-Ni-Co-Ti alloys solidify with 
the formation of single-phase solid solutions; the process is nonequilibrium (PETROV 1947). The reaching 
required composition of columnar crystals is determined by the distribution of principal components during 
the directional solidification, i.e., segregation processes, which are related to the distribution coefficients of 
the components and cooling rate of the alloys in the temperature range of solidification (NOVIKOV 1966). 
The length of columnar crystals is also determined by optimum contents of modifying alloying elements, 
such as S, C, and Si, and minimum content of impurities (NAASTEPUD 1966, HARRISON 1966). 

At present, the existing problems, such as the resource economy and decrease in high costs of hard 
magnetic materials, determine the necessary use of wastes of production. In this work, we study magnets 
prepared from Alnico wastes rather than from pure charge materials (this allows the prime cost of the final 
product to be decreased substantially) and, thus, analyze the structure of such magnets in order to reveal 
regularities of the effect of temperature and holding time of Alnico melts before pouring on the content of 
oxide and nitride impurity inclusions in ingots. The aim of this study is to develop an analytical procedure, 
namely, fractional gas analysis (FGA) technique, which allows the effect of impurity nonmetallic elements 
on the formation of columnar structure in the Alnico alloys to be revealed. 

Earlier, we have elaborated the fractional gas analysis procedure that allows the content of oxygen (in the 
form of oxides Nd2O3 and NdxFeyOz) in Nd-Fe-B magnets (GRIGOROVICH 2007) to be determined. Existing 
procedures for the determination and identification of nitride inclusions, such as optical and electron 
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microscopy, X-ray diffraction and electron probe analyses, high-temperature hydrogen extraction, and 
methods assuming the separation of nitrogen-containing compounds from the alloys, are labor-consuming 
and do give inadequate accuracy. The fractional gas analysis shows promise for determining the content of 
nitride phases as well. 

Inclusions SiO2 are the most harmful for the Alnico alloys since the thermal expansion coefficient of the 
inclusions is higher than that of the metallic matrix. This leads to the formation of pores in finish products. 
Moreover, TiN inclusions hinder the grain growth. That is why the determination of oxygen and nitrogen 
species in hard-magnetic materials is effective for controlling and predicting the properties of permanent 
magnets. 

 

2. EXPERIMENTAL PROCEDURE 

The preparation procedure for Alnico alloys is descrided in detail in (BELYAEV 2007). The initial alloy (Alnico 
wastes) was melted under a calcic-aluminous slag using an open induction furnace. Metals, such as Ti, Co, 
Nb, and Al, were made a part of the melt that was subsequently cast in a metallic mold. Thus, we obtain a 
common categorized furnace charge (CCFC). For the investigation, samples of the alloy were prepared as 
follows. The CCFC was melted and heated to temperatures of 1650, 1700, and 1750 ºC, held at these 
temperatures for 30 s (melt 1) and 120 s (melt 3), tapped to a ladle lined with fused corundum, and poured 
in an acid lining mold heated to 1300 ºC mounted on a cooler. To prevent the crystallization of the high-
temperature γ phase, the cooling rate of the ingots after crystallization was no less than 100 K/min. 

Table 1 shows the chemical composition of Alnico samples under study. 

 

Table 1 Chemical composition of Alnico samples (Fe - balance) 

Content of components / mas. % 
Al Si Ti Co Ni Cu Nb 
6.8 0.16 4.9 34.9 13.4 2.9 0.98 

 

The segregation of alloy components was studied by electron microprobe analysis using Camebax and MS-
46 Cameca setups. The substantial segregation of titanium and niobium and slight segregation of copper at 
dendrite boundaries were found. Moreover, the dendrite boundaries were found to be depleted of 
aluminum. All other elements are characterized by uniform distribution in the alloy microstructure. The 
variations in the content of Fe, Co, Ni, Cu, Nb, Al, and Ti in the center and at boundaries of dendritic cells 
were found to be 33.8-35.7; 34.8-35.3; 13-14.4; 3.2-2.3; 7.91-0.75; 2.3-8.6; and 6.1-4.65 mas. %, 
respectively. 

Using a Carl Zeiss scanning electron microscope equipped with a LEO 430i energy dispersive X-ray 
microanalyzer, two principal types of oxide inclusions and a nitride phase were found in the samples under 
study; these are Al2O3 and SiO2 and TiN, respectively (see Figure 1). 

Along with fine precipitates of aluminum and silicon oxides and titanium nitride, slag drosses mainly 
consisting of aluminum oxides and Mg-containing calcium aluminosilicates were found in the Alnico 
samples. 

The FGA of Alnico samples was performed on a TC-600 LECO gas-analyzer. 
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Fig 1. Micrographs and typical X-ray spectra of Al2O3 and SiO2 oxide and TiN inclusions in the Alnico alloys 
under study. 

 

Fractional gas analysis is a modified reducing-melting procedure realized in a graphite crucible in a carrier-
gas flow at a fixed linear heating rate (GRIGOROVICH 2000). The analysis is based on the difference in the 
thermodynamic stability of oxides (nitrides) upon heating that are principal species of oxygen (nitrogen) 
present in a metal. Thus, we preset conditions of monotonic heating of a sample in a graphite crucible of an 
analyzer and obtain gas-evolution curves (evalograms) for oxygen and nitrogen in the form of CO and N2, 
respectively. An evalogram is a system of maxima; each peak of the curve be related to one or other kind of 
inclusions and has a characteristic temperature, which corresponds to the onset and maximum of reduction 
(dissociation) and allows the associated compound to be identified. Principles of thermodynamic 
calculations of characteristic temperatures of oxide inclusions in Fe-based melts are given in (KRASOVSKII 
2002). 

The calculation of the temperature of titanium nitride dissociation is based on the following concept. 
During the FGA of Alnico samples, TiN inclusions dissociate with the formation of TiC: 

)(2)()()( 2
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gsgrs NTiCСTiN +=+ .           (1) 

The equilibrium constant of the reaction (1) is 
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where a is the activities of corresponding substances and 
2Np  is the nitrogen partial pressure in the gas-

analyzer furnace. Since the activities of substances in the standard state are equal to unity, the equilibrium 
temperature of dissociation reaction (the temperature of the onset of dissociation during FGA) of TiN with 
the formation of TiC is determined by only the pressure 

2Np  equal to 1.85 atm: 
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where 
oH )1(∆  is the change of standard enthalpy for reaction (1), 

oS )1(∆  is the change of standard entropy 

for reaction (1); and R is the universal gas constant. 

 Using tabulated data (GRIGORYAN 1989), we have calculated the temperature of the onset of dissociation 
of titanium nitride; it is 2061 K. 

 

3. RESULTS AND DISCUSSION 

Figure 2 shows a typical curve of the oxygen extraction (obtained during FGA) in the form of CO for an 
Alnico sample. The curve is characterized by two gas-evolution peaks that indicate the presence of oxygen 
in the sample in the form of two compounds, such as SiO2 (peak 1) and Al2O3 (peak 2). 

 

 

 

 

 

 

 

 

 

 

 

 

Fig 2. Curve of oxygen (in the form of CO) extraction from Alnico alloys during FGA performed at a heating 
rate of 2.1 K/s; I(t) is the intensity (relative units) of CO extraction on TC-600 (LECO) setup. 

 

Figure 3 shows the typical curve of the nitrogen extraction during the FGA of the Alnico sample. As is seen, 
the evolution of nitrogen occurs at the high temperature; the existence of the single peak indicates the 
presence of the single kind of nitrogen-containing inclusions. 

We calculated the temperature of the onset of TiN dissociation and compared it with the experimental 
temperatures of the onset of nitrogen evolution. The average experimental magnitude is higher than the 
calculated value by ~80 K. This difference can be explained by the fact that the tabulated data were 
obtained without the allowance for the kinetics of dissociation of the nitride in this type of alloys. 

Figure 4 shows the effect of temperature and time of holding of the Fe-Al-Ni-Co-Ti melts before the pouring 
on the total oxygen content. As is seen, the total oxygen content decreases, as the temperature and time of 
holding increase. In this case, the melt becomes more homogeneous with respect to the oxygen inclusion 
content. This occurs at the expense of the removal of slag drosses from the metal and possible decrease of 
the oxygen solubility with increasing melt temperature. 
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Fig 3. Curve of nitrogen extraction from Alnico alloys during FGA; I(t) is the intensity (relative units) of N2 
extraction. 

 

 

Fig 4. Effect of the temperature and time of holding of the Alnico melt before casting on the total oxygen 
content. 

 

Using the FGA results, we determined changes in the oxygen content (in the form oxides) as functions of 
the temperature and time of holding of the Fe-Al-Ni-Co-Ti melt before pouring. These dependences are 
shown in Figure 5. As is seen, the content of SiO2 inclusions in the Alnico samples mainly depends on the 
melt temperature and is almost independent on the holding time. In this case, the content of Al2O3 
inclusions decreases with increasing both melt temperature and holding time. 

According to the FGA results, the total oxygen content in the Alnico samples obtained after 30-s holding of 
the melt at 1750 °C is 60.8 ± 26.1 ppm; the oxygen contents in the form of SiO2 and Al2O3 are 17.5 ± 13.0 
and 40.7 ± 14.1 ppm, respectively. After 120-s holding of the melt at the same temperature, the total 
oxygen content in the Alnico samples is 49.7 ± 4.8 ppm; the oxygen contents in the form of SiO2 and Al2O3 
are 17.7 ± 0.4 and 30.4 ± 5.3 ppm, respectively. Thus, the prolonged holding before the pouring allows the 
oxygen content in the alloys to be decreased at the expense of its removal from the melt in the form of 
Al2O3 inclusions. 
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Fig. 5.Effect of the temperature and time of holding of the Alnico melt before casting on the oxygen 
content in the form of oxides. 

 

The volume fractions of oxides in the samples can be calculated using data on the oxygen content and 
equation 

Ooxide

matrixoxideoxide
oxide

А

МO

y
V

ρ

ρ
= ,            (4) 

where ρoxide is the density of oxide of the given composition; ρmatrix is the density of metallic matrix (7.2 
g/cm3 for the Alnico alloys); AO is the atomic mass of oxygen; Moxide is the molar mass of oxide; y is the 
oxygen index in the oxide formula; Ooxide is the oxygen mass fraction in the form of this oxide determined by 
FGA. 

According to the literature data (MINERALOGY DATABASE), 
2SiOρ and 

32OAlρ  are 2.8 and 4.1 g/cm3, 

respectively. The calculated volume fractions of oxides in the Alnico alloys solidified after 120-s holding at 
1750 °C are 

2SiOV = 8.55 ⋅ 10-5 ± 1.93 ⋅ 10-6 and 
32OAlV  = 1.13 ⋅ 10-4 ± 1.98 ⋅ 10-5. 

The volume fraction of titanium nitrides in the alloy can be calculated using equation 

NTiN

matrixTiNTiN
TiN

А

МN

ρ

ρ
=V ,            (5) 

where ρTiN is the density of TiN; AN is the atomic mass of nitrogen; MTiN is the molar mass of TiN; NTiN is the 
nitrogen mass fraction in the form of TiN determined by FGA. The density of TiN is 5.4 g/cm3 (MINERALOGY 
DATABASE). 

Figure 6 shows the effect of the time and temperature of holding of the melt before pouring on the volume 
fraction of TiN in the Alnico samples. 
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Fig. 6. Effect of the temperature and time of holding of the Alnico melt before casting on the volume 
fraction of TiN. 

 

As the holding time increases, the volume fraction of nitrides decreases. This is reached at the expense of 
the melt mixing and removal of TiN inclusions. As the holding temperature increases, the decrease in the 
TiN content takes place only during the prolonged holding. In this case, the melt becomes more uniform 
with respect to the nitrogen content. This can be related to a decrease in the nitrogen solubility with 
increasing melt temperature. 

 

4. CONCLUSIONS 

The structure of Alnico alloys (prepared from wastes of production) and the segregation of the principal 
components in them have been studied. 

The procedure of fractional gas analysis, which is based on the difference in the thermodynamic stability of 
oxides, has been developed for Alnico alloys. Compounds SiO2 and Al2O3 were found to be principal oxide 
inclusion present in these alloys. 

As the temperature and time of holding of the Fe-Al-Ni-Co-Ti melt before the pouring increase, the total 
oxygen content decreases. In this case, the distribution of oxide inclusions becomes more uniform. 
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ABSTRACT 

The aim of this work was to describe the influence of heat treatment on structure and phase composition 
of Ni-P-Al2O3 coatings. Coatings were prepared using nickel lactate-hypophosphite bath; conventional 
AlSi10Mg0.3 cast alloy was used as a substrate. Composite coating was prepared using commercial Saffil 
fibers (Al2O3 with 4 wt. % SiO2) as reinforcement. Coated samples were heat treated at 400 – 550°C for 1 – 8 
hours, structure and phase composition were studied using light microscopy and XRD phase analysis. Ni-P 
coated samples were used as a reference. During the heat treatment at high temperatures, the nickel 
diffuse into the substrate and various intermetallic phases are formed on the boundary between the 
surface layer and the substrate. Due to the difference in the thermal expansion coefficient of these 
intermetallics and the substrate, the coating tends to scale-off during cooling to the room temperature. It 
was found that the scaling can be reduced by reinforcing the coating with Al2O3 fibers.  

Keywords: electroless Ni-P coatings, heat treatment, composite coatings 

 

1. INTRODUCTION 

Due to their excellent castability, Al-Si alloys are suitable for large series production of complex-shaped 
castings, such as cylinder blocks, cylinder head, discs etc. For some applications, it is necessary to increase 
wear resistance of cast parts e.g. by wear-resistant coating. PVD (physical vapour deposition) or galvanic 
coatings have sufficient hardness and wear resistance, however coating of complex-shaped parts is very 
problematic. These problems can be partly solved by using electroless autocatalytic coating. Electroless Ni-
P coatings are sufficiently wear and corrosion resistant [1]. Further improvement of mechanical properties 
can be achieved by preparation of hard particle (carbides, oxides etc.) reinforced Ni-P coatings or by heat 
treatment [2-5]. Generally, 400°C/1 h is considered as optimal, being given this regime yields maximal 
coating hardness [6]. This is attributed to the decomposition of formerly amorphous Ni-P phase, formation 
of crystalline Ni and precipitation of fine Ni3P phosphide particles [7]. Annealing at higher temperatures for 
longer periods leads to gradual hardness decrease caused by Ni and Ni3P grains coarsening, therefore these 
heat treatment regimes are not used. It should be noted that some Al-Si cast engine components may be 
exposed to elevated temperatures even for relatively long periods. Besides Ni grains crystallisation, 
phosphides precipitation and subsequent growth of these phases, solid state reactions on the substrate-
coating boundary may occur during heat treatment at elevated temperatures. Hardness of formed 
intermetallic phases is often higher than that of optimally (400°C/1 h) heat treated Ni-P coating. During 
cooling from the annealing temperature, the adhesion between formed intermetallic layer and substrate 
may be severely decreased due to the coefficient of thermal expansion (CTE) difference [8]. It is expected 
that adhesion of fibre-reinforced Ni-P coating will be significantly better. 

 

2. EXPERIMENT 

Commercial AlSi10Mg0.3 (wt. %) alloy was used as a substrate. The material provided by an industrial 
supplier was remelted in an electric resistance furnace and cast into metal mould. Samples of 10 mm in 
thickness were cut out from cylindrical ingots having 20 mm in diameter and length of 200 mm. Samples 
were progressively ground using P60 – P1200 SiC papers and ultrasonically degreased for 15 minutes in 
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acetone. Before being transported into the plating bath, samples were etched for 60 s in solution 
containing 5 ml HNO3, 2 ml HF and 93 ml H2O. Electroless plating conditions are summarized in Table 1. 

 

Table 1. Conditions used for electroless deposition 

bath composition 
nickel lactate– 30 g/l 
nickel hypophosphite– 20 g/l 
lactic acid– 10 ml/l 

pH adjustment 
3 x 5 ml 1 M NaOH solution 
(at the start and subseq. after 40 minutes of plating) 

bath temperature 90±2°C 
bath volume 250 ml 
fibre content  2,5 g/l (composite coating) 
coating time 120 minutes 

 

Commercial Saffil fibres (Al2O3 with 4 wt. % SiO2) were used as reinforcement. To enhance their wettability, 
fibres were stirred for approx. 12 h in small amount of demineralised water using magnetic stirrer (400 
rpm) before being added into the bath. Coated samples were subsequently heat treated in an electric 
resistance furnace under argon atmosphere (flow rate of 0.5 l/min) using different annealing regimes. 
Cooling down to the room temperature was performed in air. Structure and phase composition was studied 
using light microscopy (Olympus PME3) and x-ray diffraction analysis (XRD X’Pert Pro + High Score Plus). 

 

3. RESULTS 

3.1 Microstructure 

Fig 1. and Fig. 2 present LM images of cross-sectioned Ni-P-Al2O3 coatings both after deposition and after 
heat treatment. The coating thickness is approx. 10 m, coating is homogeneous and shows a relatively 
good adherence to the substrate. Fibres are incorporated predominantly parallel to the surface. After 
annealing at 400°C/1 h (Fig. 1a) there is seemingly no change from the as-deposited state. However, during 
this treatment regime significant changes in the internal structure of coating occur. Formerly amorphous 
nickel phase crystallises and very fine phosphide particles precipitate. These changes are not observable by 
means of light microscopy and will be indicated by XRD patterns (Fig. 4). During heat treatment at 450°C/8 
h at least one intermetallic layer occurs on the substrate-coating boundary (Fig. 1b). Phase is formed mainly 
due to the nickel diffusion into the substrate, not due to the aluminium diffusion into the layer. This is 
demonstrated by the fact that there are no fibres in the emerging intermetallic layer. At 550°C, annealing 
for 1 h is enough to induce intermetallics formation; two sub-layers are formed on the boundary (Fig. 2a). 
During annealing at the same temperature for 8 h, no further changes of microstructure are observed 
except for layers growth (Fig. 2b). Despite the intermetallics layer thickness no scaling was observed after 
annealing at 550°C/8 h. Visible pores on the substrate-coating boundary are formed during sample 
preparation as a result of silicon particle chipping. 
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a) 

 
b) 

Fig. 1. Structure of Ni-P-Al2O3 coating (cross-section, light microscope): a) 400°C/1 h, b) 450°C/8 h 

 

 
a)  

 
b ) 

Fig. 2. Structure of Ni-P-Al2O3 coating (cross-section, light microscope): a) 550°C/1 h, b) 550°C/8 h 

 

Fig. 3 shows LM micrograph of cross-sectioned Ni-P coating after annealing at 550°C. It is evident that 
coating and intermetallic layers delamination is more significant than in case of Ni-P-Al2O3 coatings. After 1 
h, local delamination of surface layer occurred (Fig. 3a), after 8 h, massive cracks are formed on the 
substrate-coating boundary (Fig. 3b). 

 

 
a) 

 
b) 

Fig. 3. Structure of Ni-P coating (cross section. light microscope): a) 550°C/1 h, b) 550°C/8 h 
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3.2 Phase composition 

Development of phase composition during heat treatment (Fig 4) was observed using Ni-P coated samples. 
After deposition, only broad peak of amorphous Ni-P phase and sharp diffraction lines of Al-Si substrate are 
visible. During annealing at 400°C Ni3P phase precipitates as a result of nickel and phosphorus diffusion. 
However, diffusion rate of nickel is not sufficient to induce intermetallic sub-layers formation. At 450°C 
Al3Ni intermetallic phase is formed by solid state reaction on the substrate-coating boundary. Preferential 
formation of aluminium-rich phase proves that the phase formation is controlled mainly by the nickel 
inward diffusion and not by the diffusion of aluminium towards the surface. With increasing temperature 
and time of heat treatment, phase with higher nickel content Al3Ni2 is formed and phosphides composition 
is gradually changed from Ni3P to Ni12P5 and subsequently to Ni2P. 

 

Fig. 4. XRD analysis – influence of heat treatment regime on coating phase composition (measured on 
Ni-P coating) 

 

4. CONCLUSIONS 

Due to the heat treatment at high temperatures, various phase transformations and chemical reactions 
take place on the substrate-coating boundary of the Ni-P coated sample. This sequence can be written as 
follows: 

1. Ni-P (amorphous) → Ni (crystalline) + Ni3P (crystalline) 

2. Ni + Al → Al3Ni 

3. Al3Ni + Ni → Al3Ni2 

4. Ni3P → Ni12P5 + Ni 

5. Ni12P5 → Ni2P + Ni 

Being given the fact that Al2O3 fibres are not contained in the formed intermetallic sub-layers, it can be said 
that intermetallics on the substrate-coating boundary are formed mainly due to the inward diffusion of 
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nickel. This is further proved by the preferential formation of aluminium-rich phase (Al3Ni) and delayed 
formation of phase with higher nickel content (Al3Ni2). 

Intermetallic layers thickness increase with increasing temperature and time. In case of Ni-P coatings, this 
leads to the severe decrease of substrate-coating adhesion and finally to the coating delamination. Using 
fibre-reinforced coating, the delamination can be significantly reduced. 
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ABSTRACT 

Alloys formed by Ti-Al intermediary phases have low density and very good high-temperature oxidation 
resistance. Further improvement of high-temperature behaviour can be achieved by a suitable addition of 
silicon. In this work, Ti-Al-Si alloys containing 10 - 20 wt. % of both silicon and aluminium produced by a 
reactive sintering technology were tested. Oxidation tests were carried out at 800 - 1000°C  
in air. The oxidation rate was determined from weight gains caused by oxide formation. Microstructure and 
phase composition of the oxide layers were studied. Microstructure and hardness changes after various 
annealing durations were described. 

Keywords: titanium aluminide, titanium silicide, reactive sintering, powder metallurgy, oxidation 
resistance, thermal stability 

 

1. INTRODUCTION 

Nickel alloys and heat-resistant steels are currently the most widely used metallic high-temperature 
materials. Their main advantage is relatively simple production, while their main disadvantage is a high 
density. Where low weight of the part is required, as for example in the aerospace industry, constructors 
tend to replace these materials by lighter ones. Very promising materials with low density are intermediary 
phases of titanium with aluminium. In addition, these materials have also very good thermal stability and 
oxidation resistance at the temperatures of 600 – 800°C [1]. The main disadvantage complicating the 
utilization of these materials is their problematic melt-metallurgy production due to high melting points of 
intermetallics and a high reactivity of the melts with the most of the crucible materials [2]. Powder 
metallurgy using reactive sintering seems to be a very promising production route. In this process, powders 
of pure metals or other suitable precursors are blended and pressed. Formation of intermediary phases 
proceeds during sintering via thermally-activated chemical reactions. It has been found that the reactive 
sintering progress and product structure are positively influenced by the appropriate silicon addition 
[3,4,5]. Titanium and silicon form stable Ti5Si3 silicide, which is used also in the surface treatment of 
titanium alloys against high-temperature oxidation [6,7]. In this work, the oxidation resistance and thermal 
stability of Ti-Al-Si alloys with various contents of aluminium and silicon produced by reactive sintering 
were studied.  

 

2. EXPERIMENTAL 

In this work, Ti-Al-Si alloys produced by reactive sintering of titanium, aluminium, silicon and AlSi30 
powders were studied. Powders of titanium, aluminium and AlSi30 with the particle size 200 – 1000 µm 
were prepared by mechanical machining. Silicon powder with the particle size up to 50 µm was obtained by 
mechanical milling. Green bodies of Ti-Al-Si ternary alloys containing 10 - 20 wt. % of both aluminium and 
silicon  were produced by blending of the above mentioned powders and uniaxial pressing  at the 
laboratory temperature by a pressure of 260 MPa using Heckert FPZ100/1 universal loading machine. 
Reactive sintering was carried out at the temperature of 900°C for 30 min in the electric resistance furnace 
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in evacuated silica ampoules. Microstructure of the prepared materials was observed by Olympus PME3 
light microscope and Hitachi S-450 scanning electron microscope equipped with EDS analyser. Phase 
composition was determined by x-ray diffraction (XRD) using a Philips X’Pert Pro x-ray diffractometer. 
Hardness of the prepared materials was tested by the Vickers method with the load of 10 kg (HV 10). 

 Oxidation tests were carried out at 800 - 1000°C in air. Oxidation rate was determined from the weight 
gains caused by the oxide formation on the surface of thermally-exposed samples. Microstructure of the 
oxide layers was documented by the light microscope, chemical and phase composition were determined 
by XRD and EDS. Thermal stability was studied by the hardness measurement (HV 10) and  by the 
microstructure observation after a long-term annealing at the temperatures given above.    

 

3. RESULTS AND DISCUSSION 

Fig.1 shows the microstructure of the studied materials prepared by reactive sintering. Materials were 
prepared according to our previous experiments [3] to achieve the lowest possible porosity and the 
absence of unreacted components. All alloys are formed by Ti5Si3 particles surrounded by titanium 
aluminide. TiAl20Si20 contains TiAl3 phase (Fig.1c), the other materials contain TiAl aluminide. The average 
size of silicide particles reaches 6 - 7 µm in TiAl20Si10 and TiAl20Si15 alloys and approx. 11 µm in the alloys 
with 20 wt. % of silicon. 

  

  

Fig.1. Microstructure of materials prepared by reactive sintering at 900°C for 30 min: 

          a) TiAl20Si10, b) TiAl20Si15, c) TiAl20Si20, d) TiAl10Si20. 

During annealing of the investigated alloys at 800 – 1000°C, gradual hardness decrease can be observed. 
This hardness reduction grows with the annealing temperature, as shown in Fig.2. The hardness decrease is 
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the most significant during first 200 h of annealing. After that hardness remains almost constant at 800 - 
900 °C,  at 1000°C it slightly decreases. 

 

Fig.2. Hardness of TiAl15Si15 alloy vs. annealing time (annealed at 800 – 1000°C). 

 

The softening during annealing strongly depends on the alloy composition (Fig.3). The smallest hardness 
changes with the annealing time were detected in alloys containing 15 - 20  wt.% of silicon and 20 wt. % of 
aluminium.   

 

Fig.3. Hardness of investigated alloys vs. annealing time at 1000°C. 

 

As it is evident when comparing the alloys microstructure before and after annealing, the hardness 
decrease is probably caused by the coarsening of Ti5Si3 particles. In the case of TiAl20Si15 alloy shown in  
Fig. 4, annealing at 1000°C for 300 h caused an increase of the average silicide particle size  from approx. 6 
µm to nearly 12  µm. 

The oxidation tests at 800 and 1000°C showed, that the oxidation rate depends on both  silicon and 
aluminium contents. The lowest weight gain by oxidation was detected in the alloys containing 20 wt. % of 
aluminium and 15 – 20 wt. % of silicon (Fig.5). TiAl20Si20 and TiAl10Si20 alloys did not exhibit any 
delamination of the oxide layers, while all alloys containing up to 15 wt. % of silicon showed the spallation 
of 250 – 800 g/m2 of oxides.  
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Fig.4. Microstructure of TiAl20Si15 alloy: a) before annealing, b) after 300 h annealing at 1000°C. 

 

Fig.5. Oxidation kinetics of Ti-Al-Si alloys at 1000°C. 

  

Fig.6. Microstructure of oxide layers on: a) TiAl20Si10, b) TiAl20Si20 alloys after oxidation at 1000°C   
for 125 h in air. 

XRD revealed the presence of corundum (Al2O3) and rutile (TiO2) in the oxidized layer. EDS analysis also 
detected silicon-rich regions in the oxide layer, probably silicon oxide.  Since this phase was not detected by 
XRD, its structure is probably amorphous. 
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Microstructure of layers formed by oxidation at 1000°C in air consists of one or two sub-layers. On the 
surface, layer (I.) formed by the mixture of TiO2, SiO2 and Al2O3 can be recognized, as confirmed also by 
chemical and phase analysis.  Alloys with 10 – 15 wt. % of silicon contain also second sub-layer (II.) under 
the above mentioned one,   containg all oxides as the layer I. and also a TiN nitride. In these alloys, oxide 
layers are extremely porous and their adhesion to the basic material is very poor (Fig.6a). On the other 
hand, alloys containing 20 wt. % of silicon form only one oxide layer consisting of TiO2, SiO2 and Al2O3 with 
good adhesion to the substrate. That is the reason for exceptional oxidation resistance of TiAl20Si20 alloy. 

 

4. CONCLUSION 

In this work, the oxidation resistance and thermal stability of Ti-Al-Si alloys produced by reactive sintering 
were studied.  Structure of the investigated materials is formed by Ti5Si3 and TiAl or TiAl3. During annealing, 
hardness of these alloys decreases due to a coarsening of silicides. The lowest hardness decrease was 
determined in the alloys containing 15 - 20 wt. % of silicon and 20 wt. % of aluminium. These materials also 
exhibit exceptional high-temperature oxidation resistance.  The lowest oxidation rate without delamination 
of the oxide layers was achieved in TiAl20Si20 alloy. To ensure the advantageous high-temperature 
behaviour, sufficient contents of both silicon and aluminium are necessary.  
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ABSTRACT 

Changes in structure and chemical composition of Ni-coated ferritic steel ČSN 411523 are studied in the 
present paper. The Ni-coated material is perspective for applications in molten salts technologies. The 
samples were subjected to corrosion in molten mixture 60 mol. % LiF + 40 mol. % NaF at temperature 953 
K, the duration of the exposition was 100, 300 and 1000 h. Experiments were carried out in a quasidynamic 
regime simulating the flow of the cooling media (the mixture of molten salts) in the pipeline system. The 
change of chemical composition in the vicinity of interface between the Ni layer and steel substrate was 
measured by SEM. Model for the estimation of chemical composition was proposed. It was based on 
metallographic observation that revealed distinct areas by the original interface. Each of these areas was 
described by its own diffusion coefficient. The model enables to simulate evolution of Fe and Ni 
concentration as a function of the distance from the original interface and time. Coefficients of chemical 
diffusion obtained in γ-Ni-Fe were much greater than values known from literature, which was explained by 
the influence of fast short-circuit diffusion along dislocation. The Ni coating was found as a sufficiently 
resistant against the corrosion, but sporadic perforation of Ni layer and subsequent local damage of the 
substrate was observed. 

Keywords: molten salts, corrosion, Ni-layers, ferritic steels 

 

1.  INTRODUCTION 

Fluoride salts are promising coolant in the Very High Temperature Reactors (VHTR) of the Generation IV, 
which operate typically as combined cycle plants for electricity/heat production [1]. The use of molten salts 
as a coolant in VHTR supports the concept of passive safety of the system with negligible increased risk due 
to their neutron activation. The cooling of VHTRs with molten salts, however, brings new problems 
connected with high-temperature corrosion, which is not fully understood up to now and, hence, which 
should require more research. 

Behavior of construction materials for heat transmission in VHTR, characteristics of coolants and interaction 
between the coolant and the component material is in the focus of interest of both researchers and 
engineers in last years: Protective coatings for VHTR applications were studied, e.g., in [2]. Interaction 
between coolant (mostly: molten fluorides, chlorides, sulphides and carbonates) and Fe-based materials 
can be found in papers [3-5], interaction of salts with Fe-based materials (stainless steels) is studied for 
example in [6-11].  

Although much effort has been devoted to the study of corrosion of pipeline material in molten salts, there 
are still a lot of open questions left for further research. The present work continues our previous study 
[12] devoted mainly to the analysis of LiF+NaF+RbF salt bath after the contact with material of the pipeline 
at high temperature. This paper deals with the composition and structure changes of the Ni-coated 
material samples themselves after their exposition to molten mixture LiF + NaF (60 : 40 molar %) at 
temperature 953 K and for exposure times up to 1000 hrs. 
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2.  EXPERIMENTAL 

2.1  Experimental material 

Low-alloyed steel ČSN 411523 (equivalent to Euro-norm EN 10025-90 or EN 1002593) was used in as-
received state as a substrate for Ni deposition. The mean grain size of the substrate was 20 - 50 μm. The Ni 
layer, which thickness was 100-150 μm was deposited electrochemically.   

 

2.2  Corrosion experiments 

Each sample (2 × 5 × 7 mm) of the investigated material was sealed into an ampoule made from the same 
material as the respective sample together with the mixture of solid batch of salts LiF+NaF (60 : 40 by mol. 
%). The inner diameter of the ampoule was about 1.6 cm, the volume of the salt batch was about 18,4 cm3. 
The ampoule was evacuated, filled with Ar and then heated to 953 K. The temperature of samples was 
registered with thermocouple Pt/Pt10Rh, which was put in thermal contact from outside to the ampoule. 
After the salt mixture had melted, the sample was plunged into the bath with a manipulator and moved 
periodically up and down in the melt to simulate the flux of the coolant in the pipeline (quasi-dynamic 
regime of sample exposition). The mean velocity of the movement was 0.03 m/s. After the isothermal 
exposition (100, 300 and 1000 hrs), the samples were drawn up from the bath and cooled inside the 
ampoule to the room temperature. 

 

2.3  SEM observations 

The samples were pressed into Mounting Resin 4 (Diallyl green - Struers) and one of their front sides (2 × 5 
mm) was ground and metallographically polished with diamond paste (last grain 3 μm). For the structure 
observation, the polished surface was etched in HCl (100) - H2SO4 (5) - CuSO4 (20) at room temperature for 
10 s; for X-ray microanalysis, the samples were only polished. For the SEM study, the surfaces were sputter 
coated by carbon to ensure the electric surface conductivity of the resin holder. The observations were 
done with SEM JEOL 6460 equipped with EDAX/WDAX analyzers OXFORD INSTRUMENTS.  

 

3.  RESULTS AND DISCUSSION 

3.1  Structure 

Micrograph of Ni-coated steel before the corrosion experiment is presented in Fig. 1. Needle-like Ni grains 
perpendicular to the original surface transformed during the corrosion experiments to polygonized, 
equiaxed grains with mean size of about 30 µm. Close to the original interface between the Ni layer and the 
substrate, the fine-grained interlayer (with thicknes in tens of microns) appeared (Fig. 2). The mean grain 
size of the steel (the substrate) shows no significant changes during the corrosion exposition.  

 

3.2  Diffusion across the interface Ni layer/substrate 

During the corrosion tests the samples behaved as a binary diffusion couple Ni-Fe since presence of C, Mn, 
Si in the steel does not affect the diffusion of Fe and Ni through the interface considerably.  
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Fig. 1 Micrograph of the sample  before the 
exposition in molten salts.  Upper 
part - substrate, lower part - Ni layer,  
bottom - free surface. 

Fig. 2 Micrograph of sample  after the corrosion 
test 953 K / 1000h. Lower part - Ni layer, 
upper part - steel ČSN 411523.  

Curves shown in Fig. 3 describe the redistribution of the both independently measured elements (i.e., X = 
XFe and X = 1 - XNi; X - molar fractions) in dependence on distance x-ξ from the original interface (O. I.). It 
was found that the measured curves could be analyzed into four distinct segments ascribed to 
metallographically well distinguishable areas (Fig. 4): Near-surface area I. with large polygonized 
approximately equiaxed Ni grains, area II. with γNi-Fe grains, which longer axes are parallel  with O.I. 
(difference between I. and II. can be seen also in Fig. 2), area III. with very fine γNi-Fe grains, area IV. with 
small columnar γNi-Fe grains oriented perpendicular to O. I. and area V. with ferritic steel. The marked 
uneven etched front between IV. and V. is a boundary between α and γ structure respectively. 

  

 

Fig. 3 Measured concentration XFe and (1-XNi)  
measured by SEM after corrosion tests. 

Fig. 4 Micrograph of the sample after corrosion 
test 953 K / 1000h. I. - V.: 
metallogtaphically distinguishable areas 
(see text); D1 - D4  diffusion coefficients 
describing the redistribution (see text); 
O.I.: original interface; superimposed 
lines: measured concentration of Ni and 
Fe. 

The observed microstructure corresponds to segments found on measured redistribution curves: very slow 
diffusion in I. (concentration changes are below the detection limit), the first segment of the curves is in II., 
the second one is in area III. and reaches up to O.I., the third one starts at O. I. and reaches into IV. The last 
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segment can be ascribed to diffusion in ferritic steel. Due to small grain size in areas III. and  IV., the 
influence of grain boundary diffusion can be expected. Therefore, the break point between the third 
segment (significant contribution of grain boundary diffusion) and fourth one (volume diffusion in grains 
dominates) cannot be identified with any interface in the micrograph. 

 

3.3  Diffusion model  

Diffusion model was proposed for the evolution of chemical composition in the vicinity of the Ni protective 
surface layer. It comes from  

(i)  experimental fact that redistribution curves can be described by four chemical diffusion coefficients 
D1 through D4 (Fig. 4),  

(ii)  from the thickness ξ1/2, ξ3/4 of areas dominated by D2 and D3 respectively (Fig. 4), measured  
independently and 

(iii)  from the existence of concentration discontinuity due to two-phase region α+γ [13-15]. 

Evolution of concentration XFe and 1 - XNi (X - molar fractions dependent on the distance from the O. I. and 
on time) was obtained by numerical simulation of diffusion problem 
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where indices k/k+1 stand for interface between areas dominated by diffusion coefficients Dk and Dk+1 
respectively. Original position of interface between Ni and the steel, ξ, and constants ω were measured 
independently on metallographic micrographs.  
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was used at all interfaces as boundary conditions. In eq.(4), indices by the bars identify the derivative from 
the respective side. Further, at interfaces 1/2 and 2/3, continuity of X was kept, whereas at interface 3/4, 
values (XFe)3 = [1 - (XNi)3] = 0.87 and (XFe)4 = [1 - (XNi)4] = 0.95 [13] were fixed.  

 

3.4  Results obtained using the model 

The results of the simulation carried out using our own code are shown as full lines in Fig. 3.  

The results of the simulation carried out using our own code are shown as full lines in Fig. 3. Optimal fit 
between the simulated solution and all measured data was achieved for values ω1/2 = 3 × 10-9 m/s, ω3/4 = 
1.5 × 10-8

 m/s, D1 = 1 × 10-17 m2 /s, D2 = 3 × 10-18 m2 /s, D3 = 5.6 × 10-18 m2 /s and D4 = 1 × 10-16 m2 /s. It can 
be seen that the simulated profiles fit the data reasonably. 
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Fig. 5  

One of redistribution curve measured 
after corrosion test  953 K / 1000 h 
(points).  Dash-and-dot line: numeric 
simulation; full line: smoothing with 
[17]. Bold segments were used for 
calculation of diffusion coefficients. 

Fig. 6  

Diffusion coefficients D1 - D4 (dash-and-
dot) obtained by optimization of 
numerical model of mutual diffusion; 
concentration dependence of mutual 
diffusion coefficient obtained by 
Boltzmann-Matano analysis (full straight 
lines); mutual diffusion in γ-Fe-Ni: 1-[20], 
2-[21], 3-[22], in austenitic steels: 4-[23-
27], in α-Fe-Ni: 5-[22], in ferritic steels: 6-
[28], 7-[29], tracer diffusion in Ni: 8-[30-
32], in γ-Fe: [33], in α-Fe: [34-36]. 11- 
effective diffusion coefficient in matrix 
with dislocations - see text. 

The model offers a possibility to estimate concentration distribution of both Fe and Ni in the sample with 
reasonable accuracy.  

 

3.5  Boltzmann-Matano analysis  

As mentioned above, numerical solution does not account 
for influence of short-circuit paths. Therefore, the 
redistribution curves were evaluated also by Boltzmann-
Matano analysis [16], which offers concentration-
dependent chemical diffusion coefficient. The latter is 
inherently effective, which means that it accounts for 
contribution of high-diffusivity paths at given place x and in 
specific diffusion time t. 

The redistribution curves were smoothed with the 
superposition of three Weibull-cumulative distributions 
[17]. The fit quality is much better than in case of numerical 
simulation that did not account for the effect of short-
circuit diffusion paths (Fig. 5). Diffusion coefficient D(XFe) at 
place with composition XFe was obtained from equation 
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where the derivative and the integral were evaluated 
numerically. Co-ordinate x is related to Matano interface. 

However, it is also clear that the simulated profile does not 
describe properly the data in regions I., II. and IV. - compare 
the measured points with calculated lines in Figs. 3, 5. It is 
caused, most likely, by the influence of short-circuit 
diffusion (dislocations in  II. and grain boundries in III.,IV.). 
Moreover, obtained values of D1 through D3 are much 
higher than literature data reported for similar 
measurements in Ni and in γNi-Fe. For comparison see in 
Fig. 6, where present results are plotted together with 
literature data. On the other hand, present results obtained 
in ferrite agree reasonably with scattered literature data on 
mutual and tracer diffusion in αNi-Fe and in αFe. 

Similarly as values of D from numeric simulation, also values 
of  D(XFe) are much greater than literature data reported for 
diffusion measurements in Ni, γNi-Fe alloys and in austenitic 
steels - see in Fig. 6.  

To estimate the influence of diffusion along dislocations 
upon the values of D and D(XFe) (which may be expected 
since the test temperature 953 K is below the ½ of the 
melting temperature), one can use diffusion coefficients in 
dislocation core reported in [18], radius of dislocation core 
a = 5 Å [19] and typical dislocation  density in Ni about ρ = 
1013 m-2.. Then effective diffusion coefficient from Hart’s 
equation [19] can be estimated. It is obvious in Fig. 6 that 
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estimated values (shaded area 11) overlap the present values of D(XFe). The uncertainty of the effective 
diffusion coefficient is given before all by probable uncertainty in ρ. 

Obtained values of D(XFe) in α phase agree reasonably both with coefficient D obtained by numerical 
simulation and literature data. Relatively strong concentration dependence of D(XFe) observed in the 
present work in α structure may explain considerable scatter of literature data. 

 

3.6  Failure of protective effect of the Ni surface layer 

It is illustrated in Figs. 2, 4 that no damage of Ni layer was caused by 
the salt bath during the corrosion tests. Nevertheless, sporadic failures 
of catastrophic character were observed at places where the Ni layer 
was not perfect already before the corrosion test. It seems that these 
are the places where the layer is too thin or where it is cracked or 
perforated. Such a place is a starting point for progressive severe 
hemisphere-like failure see Fig. 7. It can be seen that integrity of 

protecting Ni layer is frequently violated in the vicinity of edges, but 
that the catastrophic failure can occur also at flat surface as it is 
illustrated on the right-hand-side in Fig. 7. 

 

4.  SUMMARY 

Corrosion behavior of Ni-coated steel CSN 411523 for molten salts technologies was studied in the present 
paper. The corrosion tests were done at temperature 953 K by dipping the samples into melted salt mixture 
LiF + NaF (60 : 40 mol. %). They were carried out in a quasidynamic regime simulating the flow of cooling 
media in the real pipeline system for three times 100, 300 and 1000 hs.  

It was found that the Ni surface layer protects successfully the steel CSN 411523. Rapid attack of the steel 
was observed at those places only, where the Ni layer was cracked or too thin.  

Coefficients of mutual diffusion between the steel and Ni layer were evaluated. It was found that the 
mutual diffusion in γ-Ni-Fe (i.e., in concentration range XFe = 0 - 0.87) occurs much faster than it could be 
expected on the base of literature data known for diffusion in austenitic steels and for FCC Ni-Fe alloys. It 
was concluded that the most likely cause might be the short-cut diffusion along dislocations. 

Obtained diffusion coefficients in α-Ni-Fe (i.e., in concentration range XFe = 0.95 - 1) agree reasonably with 
literature data reported by other authors for ferritic steels and with tracer diffusion in α-Fe.  

Simple model describing the diffusion of elements through the interface between the Ni layer and the steel 
was proposed. It was based on metallographic observation of the interface revealing four distinct layers 
that were described by four diffusion coefficients. The model can be used for approximate calculation of 
chemical composition in surface layer.    
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ABSTRACT 

This work is devoted to study of changes of structure and chemical composition in the surface layer of 
chosen candidate alloy Ni - 6 W - 9 Mo - 1,7 Ti - 7 Cr (in wt. %) for application in molten salt technology. The 
material was studied before and after its exposure to molten mixture 60 mol. % LiF + 40 mol. % NaF at 
temperature 953 K. Exposure times were 100, 300 and 1000 hrs. The structure of the alloy was studied by 
SEM and its phase composition was checked by XRD. The measurement was carried out in a quasidynamic 
regime to simulate the flux of the coolant (i.e., the mixture of salts) in the pipeline. Severe corrosion 
damage was observed in the surface layer, which thickness was about 100 µm. In this layer two types of 
pores were generated: Closed pores filled with chromium oxides and open porosity filled with salt bath. 
The both types of pores were nucleated in places with slight depletion on W and, at the same time, with 
slight enrichment on Ti and Mo. The chemical inhomogenities are residuals of cast structure, which 
persisted after the thermal treatment of the alloy. The loci susceptible to corrosion lay in the former inter-
dendrite matrix. 

Keywords: molten salts, corrosion, Ni-alloys 

 

1.  INTRODUCTION 

Fluoride salts are promising coolant in the Very High Temperature Reactor (VHTR) of the Generation IV, 
which operate typically as combined cycle plants for electricity/heat production [1]. Often they are 
designed, more specifically, for electricity/hydrogen production, which is generated by thermo-chemical 
water splitting method (IS process) [2].  

Up to date, the most frequently used coolant in VHTR is He, which offers several advantages: Before all, it 
does not transform to radioactive nuclides in the core and, as an inert gas, it does not degrade chemically 
the component material. A mixture of molten fluoride salts (LiF + NaF, e.g.) avoids the high-pressure gas 
media in the cooling system. In case an accident occurs, melted salts also offer better retention of fission 
products. In this way, the use of molten salts as a coolant in nuclear high temperature applications supports 
the concept of passive safety of the system with negligible increased risk due to their neutron activation.  

The cooling of nuclear systems with molten salts, however, brings new problems connected with high-
temperature corrosion, which is not fully understood up to now and, hence, which should require more 
research. It is interesting to note that the molten fluoride salts may be also useful as a liquid first wall in 
fusion-energy reactor [3] where the corrosion processes are of primary importance as well. 

Behavior of construction materials for heat transmission from nuclear systems, characteristics of coolants 
and interaction between the coolant and the component material is in the focus of interest of both 
researchers and engineers in last years: Microstructure and mechanical properties of special Ni-based 
alloys for power generation was previously studied, e.g., in [4-7]. Interaction between coolant (mostly: 
molten fluorides, chlorides, sulphides and carbonates) and Fe-based materials can be found in papers [8-
10].  

Although much effort has been devoted to the study of corrosion of structural material in molten salts, 
there are still a lot of open questions left for further research. The present work continues our previous 
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study [11] devoted mainly to the analysis of LiF+NaF+RbF salt bath after the contact with component 
material at high temperature. This paper deals with the composition and structure changes of the samples 
material itself after its exposition to molten mixture LiF + NaF (60 : 40 molar %) at temperature 953 K and 
for exposure times up to 1000 hrs. 

 

2.  EXPERIMENTAL 

2.1  Experimental material 

Chemical composition of the candidate material that 
was tested is Ni - 6 W - 9 Mo - 1,7 Ti - 7 Cr (in wt. %). It 
was prepared from pure components (technical purity - 
3N warranted) by induction melting in Ar protective 
atmosphere and casting into a hot copper mould. The 
weight of the charge was 350 g. The ingot was machined 
down to a cylinder ∅ 20 × 90 mm and annealed in Ar at 
1273 K for 24 hrs. The structure after the treatment 
consisted of irregular grains, which size was in the order 
of 102 - 103 μm - see Fig. 1. 

It was proved that the grain boundaries were well stable 
during the following annealing that simulated the 
corrosion tests. Interior of the grains was formed by 
residuals of cast structure. It is obvious in Fig. 1 that 
typical distance between the dendrite axes was 50 μm. It 
was found that the dendrites were slightly enriched on 
tungsten (cW

dendr/cW
interdendr ~ 1.5; in wt. %) and depleted 

on Ti and Mo (cTi
dendr/cTi

interdendr ~ 0.8; cMo
dendr/cMo

interdendr ~ 
0.9; in wt. %). Cr and Ni were distributed almost 
uniformly both in dendrites and in inter-dendrite matrix. 
Such a character of segregation was not changed during 
further annealing. 

 

2.2  Corrosion experiments 

Each sample (2 × 5 × 7 mm) of the investigated material was sealed into an ampoule made from the same 
material as the respective sample together with the mixture of solid batch of salts LiF+NaF (60 : 40 by mol. 
%). The inner diameter of the ampoule was about 1.6 cm, the volume of the salt batch was about 18,4 cm3. 
The ampoule was evacuated, filled with Ar and then heated to 953 K. The temperature of samples was 
registered with thermocouple Pt/Pt10Rh, which was put in thermal contact from outside to the ampoule. 
After the salt mixture had melted, the sample was plunged into the bath with a manipulator and moved 
periodically up and down in the melt to simulate the flux of the coolant in the pipeline (quasi-dynamic 
regime of sample exposition). The mean velocity of the movement was 0.03 m/s. After the isothermal 
exposition (100, 300 and 1000 hrs), the samples were drawn up from the bath and cooled inside the 
ampoule to the room temperature. 

 

2.3  SEM observations 

The samples were pressed into Mounting Resin 4 (Diallyl green - Struers) and one of their front sides (2 × 5 
mm) was ground and metallographically polished with diamond paste (last grain 3 μm). For the structure 
observation, the polished surface was etched in HCl (100) - H2SO4 (5) - CuSO4 (20) at room temperature for 

 

Fig. 1  

SEM micrograph of the structure after 
thermal treatment. Residuals of the cast 
structure in the grains can be seen (Light - 
dendrites, dark - interdendritic matrix). 
Etched in HCl (100) - H2SO4 (5) - CuSO4 (20), 
room temperature, 10s. 
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10s; for X-ray microanalysis, the samples were not etched. For the SEM study, the surfaces were finally 
sputter coated by carbon to ensure the electric surface conductivity of the resin holder. The observations 
were done with  SEM JEOL 6460 equipped with EDAX/WDAX analyzers by OXFORD INSTRUMENTS.  

 

2.4  XRD measurements 

The phase composition of exposed samples was obtained by RTG diffraction method (XRD) by X'Pert Pro 
MPD device (PANanalytical B.V., Almelo, the Netherlands) using CoKα radiation and interpreted by the 
HighScore Plus software with commercial databases [12-14].  

 

3.  RESULTS AND DISCUSSION 

3.1  Structure 

After the exposition, a porous layer was observed by the surface. The thickness of the layer did not depend 
significantly on the duration of the exposition (for exposition times between 110 and 1000 h) and was 
about 100 µm - see Figs. 2, 3.  

 

 

 

 

 

 

Fig. 2  SEM micrograph after the corrosion test   Fig. 3 Structure of porous surface layer after. 
953 K/100 h showing the damaged surface             the corrosion test 953 K/100 h 
layer with open porosity. 

 

3.2 2D-mapping of chemical composition 

Combined EDAX/WEDAX analysis led to a conclusion that the pores are nucleated preferentially in inter-
dendrite matrix, which is slightly depleted on W and enriched on Ti and Mo. Detrimental effect of Mo was 
reported also in [15], where the authors investigated the corrosion behavior of Ni-based alloys in molten 

LiF+NaF salts and concluded that Mo tends to formation of 
precipitates and corrosion channels. Significant concentration of 
fluorine (Fig. 4) and traces of sodium were also detected in the 
pores. 

    

Fig. 4  

Concentration  map of the degraded surface layer after the 
corrosion test 953 K/100 h. Red - fluorine, blue - sodium. 
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A more detailed analysis revealed that the attacked surface layer consists of two types of pores. Close to 
the surface, large pores can be observed with dominant fluorine content and traces of sodium inside, 
whereas in greater depth, narrow pores appeared with relative high content of Cr, O - Figs. 5, 6.  It is 
obvious in Fig. 6 that the occurrence of chromium coincides with occurrence of oxygen. Hence, it can be 
supposed that the pores generation occurs in two stages and 
that the oxygen present in the salt bath plays a role in the early 
stages of pore generation: In the first stage, oxygen from the 
salt bath diffuses into the matrix and reacts with the chromium 
forming the chromium oxide. The oxide particles serve as 
nuclei of great open pores, which are - in the following step - 
filled with the melt of salts from the bath.   

It is also clear in Fig. 6 that the attacked surface layer is 
depleted on W and Mo.  

 

3.3   X-ray phase analysis 

XRD study was done to estimate the phase composition of the 
attacked layer. The measurement of XRD profiles was carried 
out after the corrosion experiment (953 K / 300 h) at the free 
surface and at three inner planes obtained by grinding-off the plan-parallel surface layers of total thickness 
30, 60 and 90 µm (Fig. 7). Results are shown in Figs. 8, 9. It was found that there is considerable amount of 
LiF and NaF in great open pores. This conclusion was supported also by X-ray microanalysis and by mapping 
of chemical composition (see Figs. 4, 6) that revealed very high concentration of  fluorine in the pores. 
Intensity of peaks related to LiF and NaF decreased with increasing thickness of removed surface layer, 
which can be rationalized by decreasing porosity with increasing depth - see Fig. 7.  As can be seen in Fig. 9, 
presence of chromium oxides was also detected  by XRD, which was also supported by X-ray microanalysis 
and by mapping of chemical composition (see Fig. 6) 

An attempt was done with the help of SW package [12-15] to identify not too expressive peaks that could 
not be assigned definitely to any phase. The results led to a conclusion that -  in the large pores -  following 
fluorides might be present in a trace quantity: NiF2, NiF3, WF6, Na2NiF6, NaNiF3, NaMoF6 and NaWF6.  

 

4.  SUMMARY 

Corrosion behavior of chosen candidate alloy Ni - 6 W - 9 Mo - 1,7 Ti - 7 Cr for components used in molten 
salt technologies is studied in the present paper. The corrosion tests were done at temperature 953 K by 
dipping the samples into melted salt mixture LiF + NaF (60 : 40 mol. %). They were carried out in a 
quasidynamic regime simulating the flow of cooling media in the real pipeline system for three times: 100, 
300 and 1000 hs.  

Corrosion damage was observed in a surface layer of thickness about 100 µm. Oxygen present in the salts 
bath as an impurity caused that closed pores were generated in surface layer filled with chromium oxides. 
The major type of corrosion damage was, however, open porosity filled with melted salt mixture. 
Nucleation of the both types of pores occurred preferentially in former inter-dendrite matrix, which was 
slightly depleted on W and enriched on Ti and Mo. 

 

 

 

 

Fig.5  

Two types of pores - the pores in 
deeper layer show enhanced 
content of Cr and O. 
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Fig. 6 Concentration map measured (in the red frame) after corrosion test 953 /1000 h.  Light  points - 
enhanced concentration of respective element. 
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Fig. 7 XRD pattern taken at the surface and after 
the removal of 30, 60 and 90 µm. 1-LiF, 2-NaF, 3-
Na, 4-Ni, 5-CrO2, 6-Cr3O4. 

(a) 

Fig 8 Detail of XRD pattern with CrxOy peaks 
measured before the grinding (marked as 
surface) and after removal of 30, 60 and 90 µm. 

(c) 

(b) 

Fig. 9 Metallographic micrographs documenting the corrosion porosity of tested sample after 
removal of 30 (a), 60 (b) and 90 (c) µm. 
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Abstract 

The present work is devoted to the investigation of the chemical interactions at the W/Si interface taking 
place at the growth of tungsten thin films on silicon substrate. Thin tungsten films were prepared by 
different methods: 1) chemical vapor deposition (CVD) by hydrogen  reduction of tungsten hexafluoride; 2) 
the same CVD-process with plasmachemical and RF stimulation of hydrogen; 3) magnetron sputtering of 
tungsten layers. The study of interactions between silicon and tungsten as well as structure characteristics 
were performed by the method of thin-film X-ray diffractometry. It has been shown that a self-limited 
nanometer W5Si3 silicide layer is formed. at the W/Si  interface only at chemical vapor deposition as a result 
of chemical interaction between tungsten hexafluoride and silicon. The silicide W5Si3 structurally 
corresponds both to tungsten and silicon and improves the adhesion of tungsten film with silicon. The 
optimal conditions of CVD-process were determined and high conductivity tungsten thin films with specific 
resistance 8 x10-6  ohm cm close to value of compacted metal have been obtained. 

Keywords: chemical interaction, tungsten thin films, tungsten layer, investigation 

 

1. INTRODUCTION 

The employment of tungsten as a current-carrying material for metallization of ICs is of growing interest 
owing to its unique properties; as electronic devices become smaller, this material continues to withstand 
progressively greater current densities. Despite the fact that a tungsten layer has higher electrical 
resistance than an aluminum layer, in the production of semiconductor IC’s the former offers a number of 
advantages to the process of metallization [1]. Tungsten films are to a smaller degree prone to 
electromigration, and they differ but little in their thermal-expansion coefficient from silicon and silica, 
which are most often used in technology.  

Knowledge of the basic laws that govern film-substrate interface interactions in the specific structures and 
feasibility of control over these processes with the use of various growth methods and different film growth 
conditions serve as a physical foundation in the manufacture of electronic devices. The main difficulty in 
fabricating of tungsten thin film microstructures lies in spalling of metal layers. The film formed should have 
a good adhesion to Si and chemical changes on the W/Si interface should be minimal during a long time. 

The aim of this paper is to investigate the chemical interactions occurring at the W/Si interface in the 
process of tungsten thin-film deposition onto a silicon substrate with the use of various techniques and to 
optimize the chemical vapor deposition (CVD) technique by matching it with the processes of internal 
structural selforganization of the system. This allow to obtain high -conducting, structurally stable 
nanostructures of refractive metals on Si substrates. 

 

2. EXPERIMENTAL 

Tungsten films on silicon were obtained via the CVD technique by the hydrogen reduction of tungsten 
hexafluoride and gas-phase deposition with the plasmochemical stimulation of hydrogen [2].The specimens 
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produced with magnetron sputtering  were taken for comparison. High-resistance (001)-oriented silicon 
wafers were taken as substrates. These wafers were prepared by the conventional procedure [3].  

The isothermal annealing of all the specimens was performed in hydrogen in the range from room 
temperature to 900°C in 50°C steps in the course of 30 min in the interior of an SUOL tube-furnace 
equipped with a precision temperature regulator. Hydrogen was cleaned by filtering with the use of a 
Palladii 0.5 installation equipped with palladium filters. The film thickness was measured with a Talystep 
profilometer. The steps were formed both by masking a substrate in the process of metal film deposition 
and also by partially stripping the film out of the substrate surface. The electrical resistance of the films was 
measured according to the four-point probe method. 

The chemical interaction of silicon substrate surface layers and a tungsten film was investigated with 
Rutherford backscattering spectrometry (RBS) and thin-film x-ray diffractometry (TFXRD) [4]. The special 
features of the TFXRD technique are the specimen position with a low-angle primary x-ray beam and the 
detection of diffracted radiation as an x-ray detector rotates. 

 

3. RESULTS AND DISCUSSION 

The tungsten layer deposition begins with interaction in accordance with the reaction [5] 

2WF6 + 3Si = 2W + 3SiF4      (1) 

Then, the tungsten layer growth occurs owing to hydrogen reduction according to the reaction 

WF6 + 3H2 = W + 6HF.      (2) 

It is thought that no silicide layer can occur under conventional temperatures of 250 to 400°C. However, 
the Auger and RBS spectra for the tungsten layers obtained under the interaction between WF6 and 
hydrogen show that these layers are not uncombined tungsten [9, 10]. The well-discernible tails of the 
silicon distribution are almost universally present in the spectra of these layers in the vicinity of the 
interface. This confirms that silicon penetrates to a large measure into a tungsten layer. In [5], the details 
on characteristics of the observed tails were omitted. 

The diffraction patterns show that, inside the tungsten films, a WF6 layer localized at the film-substrate 
interface is formed; this holds for the tungsten films obtained by gas-phase deposition from a WF6-H2 
mixture both in the case of true thermal deposition and also for the plasmochemical technique (Fig. 1). 
There is no silicide layer in the films produced with magnetron sputtering at temperatures between 100 
and 300°C (Fig. 1b) or with gas-phase deposition of tungsten onto silica substrates; all this provides the 
basis to assume that silicide arises by the interaction between tungsten hexafluoride and silicon according 
to the reaction 

10WF6 + 21Si = 2W5Si3 + 15SiF4.      (3) 

The XRF analysis of annealed specimens does not show a change in their composition up to 700°C. 
Irrespective of the film growth technique, strong peaks of tungsten disilicide WSi2 of tetragonal 
modification show up in the specimens annealed at 800°C. 

Comparing the diffraction patterns produced with the different techniques, we found that, in the case of 
plasmochemically deposited films, the silicide layer thickness (<10 nm) was much less than the ones 
obtained by conventional thermal gas-phase deposition (~20 nm). Conceivably, this might be due to 
activated hydrogen in the reduction reaction of tungsten hexafluoride. Being favorable to the course of 
reaction (2), activated hydrogen makes silicide formation difficult, because tungsten hexafluoride WF6 is 
divided among reactions (2) and (3). The part played by active hydrogen was mentioned in [5] as well. 
Conceivably, the activation of a gaseous mixture with the use of an rf discharge results in weakening the 
interaction between WF6 and silicon. 
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Fig. 1.  

Diffraction patterns of ungsten films obtained on 
silicon with the use of (a) plasmochemical 
deposition of tungsten and (b) magnetron 
sputtering of tungsten at 100-200°C. 

 

In CVD films and in films obtained with the CVD 
technique supplemented with rf activation of 
hydrogen, the effect of annealing on the film 
composition and electrical resistance was 
investigated. As a rule, the films produced at 
350-400°C and deposited with no stimulation 
show a lower electrical resistance as compared 
with films obtained at a temperature of about 
~100°C under plasma-stimulated deposition. 
Upon the thermal treatment of films in 
hydrogen, the surface resistance shows a certain 
decrease with increasing temperature; then, at a 
temperature above 700°C, a jump in the 
electrical resistance occurs. 

The electrical resistance versus annealing 
temperature is presented in Fig. 2 for various 
specimens. The specimens obtained under 
plasmochemical stimulation of hydrogen show a 

growth in the electrical resistance at a higher temperature (800°C). One can suppose that the shift into a 
higher temperature range is caused by the kinetics of formation of silicides and related to a lower thickness 
of the self-restricted film obtained under plasmochemical deposition.  

 

Fig. 2.  

Relative electrical resistance of tungsten layers vs.annealing 
temperature; the films were produced using (1) CVD 
technique and (2) CVD technique supplemented with 
activation of hydrogen. 

 

This layer with the active film-substrate interaction is thought 
to be the major contributor of nucleation centers of silicide 
growth under annealing.  

The rise in annealing temperature up to 700°C results in a 
slight reduction of the electrical resistance; this phenomenon 
may be due to a decrease in the number of defects in the film. 
Using the results of the x-ray investigations, we can ascribe a 
drastic increase in the electrical resistance to the appearance 
tungsten disilicide WSi2 of the tetragonal phase. The phase 

enrichment by silicon leads to to lower film density (density of W5Si3 is 14.523 g/cm3, and WSi2  is 9,25 
g/cm3). 



Symposium D  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

256 

The performed investigations made it possible to optimize the growth processes and to produce thin 
tungsten films with a resistivity of 8 x 10 -6 ohm cm, which is close to the resistivity of the bulk metal. Such 
"optimal" by electric properties film heterostructure always contained the W5Si3 self- formed sublayer of 
nanometric thickness (10-20nm) between silicon substrate and tungsten film. The presence of this sublayer 
leads to the system stabilization and formation of high quality functional structure. The observed 
regularities are related to process of structure self - organization [6] and are determined by the 
composition and ratio of WF6 - Si - H in the reaction zone and formation of low energy interfaces in the 
W/W5Si3/Si thin film heterostructure.  

According to thermodynamic calculations [7,8] it was concluded that   tungsten should be in 2.8 times more 
than silicon in the  reaction zone  for the W5Si3  sublayer formation. These conditions may be achieved by 

kinetic control of gas flows in non-equilibrium CVD-
method. Moreover, the W5Si3 silicide structurally 
corresponds both to tungsten and silicon and acts as an 
adhesion promoter and efficient diffusion barrier [7]. The 
structure model of coherent interface between the W5Si3 
silicide and the (001) silicon substrate is shown in Fig.3 

 

Fig.3.  

Structure model of the interface W5Si3 (001)/ Si (001), 
lattice mismatch  ε =1.07%.      

The energy nanosystem stabilization and formation of low- energy coherent interfaces are driving forces of 
the CVD- process. To predict and achieve desired characteristics or to control the nanosystem properties at 
the CVD growth of tungsten thin films on silicon substrate so that a high functional state is reached, the 
processes of internal structural selforganization of the system must be in resonance with processes of 
external influence of different fields of the CVD -method (plasma activation, kinetics of gas flows, 
composition of the reaction zone etc.)   

 

4. CONCLUSIONS 

Tungsten films were obtained on a silicon substrate with the use of various techniques: CVD technique by 
the hydrogen reduction of tungsten hexafluoride, CVD with the plasmochemical stimulation of hydrogen 
and magnetron sputtering. 

It was discovered that only in the CVD-process the W5Si3 self - limited nanometric sublayer tungsten silicide 
formed at the interface W/Si.   

It was found that the thickness of the W5Si3 sublayer self- formed during CVD -process did not exceed 20 
nm irrespective to the upper tungsten film thickness. 

It was discovered that the presence of the W5Si3 sublayer leads to the system stabilization and the 
formation of high quality functional thin film nanostructures. 

It was shown that self - limited W5Si3 sublayer structurally correlates both with W and Si and acts as an 
adhesion promoter and efficient diffusion barrier  

The observed regularities are related to the process of structure self - organization and are determined by 
the composition and ratio of WF6 - Si - H in the reaction zone and formation of low energy interfaces in the 
W/W5Si3/Si thin film heterostructure.  

By matching chemical vapor deposition (CVD) technique with the processes of internal structural 
selforganization of the system the optimal conditions of CVD-process were determined.  This allow to 
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 obtain high -conducting, structurally stable tungsten thin films with specific resistance 8 x10-6  ohm cm 
close to value of compacted metal have been obtained 
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ABSTRACT 

Engine components have been designed to withstand the properties of the diesel and petrol engines. The 
use of non-conventional fuels and lubricants raised the need for adapting the characteristics of the 
materials/coatings of the main components. The paper is focused on the investigation of the methodology 
of measurement by ASTM G-99 and on influence of lubricant on the friction properties, wear rate and 
mechanism of HVOF sprayed coatings.  

Keywords: thermally sprayed coatings, friction, lubricant, pin-on-disc 

 

1. INTRODUCTION 

The main objective of the Equimotor Plus Project is to adapt engines components and to find the best 
coatings (PEO, PVD, HVOF, Plasma sprayed, surface texturing etc.) for these components, which would 
reduce corrosion, friction, wear and weight of engines working with alternative fuels and lubricants 
(biofuels, fuels with high sulfur content and low viscosity lubricants). One part of the project is also focused 
on development of advanced characterization (simulation of wear, corrosion, fretting, residual stress, 
vibration, noise in the laboratory) and tests in engines and compressors for validation of new solutions. 

Among the Equimotor Plus Project participants there are the organizations that are supposed to identify 
the demands for the components of engines working with non-conventional fuels and lubricants, re-design 
them and test them with respect to the behavior, noise, vibration, life-time and emission rate of the 
modified engine. The other members of the international team are focused on the development and 
evaluation of engine components materials. In terms of the project ŠKODA VÝZKUM s.r.o. will study the 
coatings thermally sprayed using the technology of the high pressure/high velocity oxygen fuel (HVOF) with 
respect to their sliding friction and wear behavior. 

The technology of thermal spraying enables to create the surface coating approximately 50 μm thick, 
providing the functional surface protection of the coated parts. The HVOF technology offers the possibility 
of creating the coatings of materials based on the principle of hardmetals (cermets) with high wear 
resistance and favorable sliding properties. Such a combination predestinate the HVOF sprayed coatings for 
sliding applications, such as pistons of combustion engines, pumps and other hydraulic devices. In this 
application area they are used on a regular basis. In practice the producers and users of thermally sprayed 
coatings face the problem of the interaction of the coatings and their counterparts with presence of other 
media, fuels, or in the case of sliding wear more often, the lubricants. In the Czech Republic, the suitability 
of the particular type of a lubricant for the particular sliding couple -thermally sprayed coating-counterpart 
- has not been systematically studied yet. That is why the problem of the influence of lubricants on 
tribological properties of thermally sprayed coatings can be considered a new topic. In the framework of 
the project,   ŠKODA VÝZKUM s.r.o will evaluate the influence of conventional and non-conventional 
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lubricants on the tribological characteristic, namely on the friction coefficient, wear rate and mechanism. 
The coatings that enable to substitute the uncoated parts or parts coated with ecologically problematical 
hard chrome will be chosen for testing and evaluating. 

The results of the first experiment, aimed at the determination of the proper measurement methodology 
according to ASTM G-99 (pin-on-disc test) on thermally sprayed coating with the presence of lubricants, are 
presented in this paper.         

 

2. EXPERIMENTAL  

2.1 Materials  

The tests were performed on the Cr2C3-25%NiCr coating, sprayed by the HP/HVOF JP-5000® (TAFA) device 
in ŠKODA VÝZKUM s.r.o. The technology of HP/HVOF (High Pressure/High Velocity Oxy-Fuel) is the most 
suitable for spraying materials based on the principle of hardmetals thanks to the high velocities and 
relatively low temperatures of impacting particles. High impact energy of the molten particles leads to the 
reduction of tensile stress in the coating, even enables to create the coatings with compressive stress, while 
the low temperature prevents the overheating of the coating material and lowers the amount of 
undesirable structure phase changes [1,2,3,4]. 

The coating was sprayed using the standard preparation procedure on the grit blasted substrate of carbon 
steel (ČSN 11 523) and the previously optimized spraying parameters [5]. The deposition parameters are 
presented in Table 1. 

 

Table 1 . Deposition parameters 

 

The microstructure of the HVOF sprayed Cr2C3-25%NiCr coating (Fig. 1) is slightly heterogenous, with less 
than 1 % of porosity. A characteristic feature of the Cr3C2-NiCr coatings is the presence of numerous carbide 
grains rather weakly bonded to the metallic matrix [2, 6]. Besides the Cr3C2 carbides and the NiCr matrix the 
coating also contains Cr2O3 oxide, originated during spraying as a result of the oxidation process, and 
probably also the Cr7C3 and the Cr23C6 carbides of the hardness lower than the primary Cr3C2, originated in 
the process of de-carbonization during spraying similarly to the WC-Co coating [7]. The dissolution of 
carbides in the matrix leads to increase of C and Cr concentration in the matrix compared to the powder 
composition. It enables the molten particles to solidify as the semi-amorphous or nanocrystalic C and Cr 
rich structure. The rapid solidification also contribute to the creation of other metal nanocrystalic phases 
with the grains size of cca 10 nm composed of 50% Ni and 50% Cr [8].     

 

2.2 Testing parameters  

The sliding wear of thermally sprayed coatings was tested on the CSM High Temperature Tribometer 
according to ASTM G-99, based on the principle of “pin-on-disc“ test (Fig. 2). The measurement was carried 
on in the Materials and Technologies Department of the New Technologies Research Centre in the 
University of West Bohemia in Plzeň. The test parameters are summarized in Table 2. 

Coating Powder Eqv. ratio Carrier gass Barell  Spray distance 

Cr3C2-NiCr 1375VM 0,8 Argon, 345 kPa, 8 sl/h 150 mm 360 mm 
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The measurements were performed on the Cr3C2-NiCr without and with lubricants. The lubricants were the 
commercially available MOGUL 15W-40 mineral engine oil, the semi-synthetic MOGUL 10W-40 engine oil 
and the synthetic MOGUL 5W-40 engine oil. For each type of measurement three samples were measured, 
on each sample three measurements were performed with a different diameter of the wear track. During 
the measurement the dependence of immediate CoF on a sliding distance (or on the number of cycles) was 
recorded. The mean value is indicated as a value of the CoF. The wear mechanism was evaluated by SEM.   

 

 

 

 

 

 

 

 

 

 

 

 

Fig.2. Pin-on-disc test 

 

Table 2. Pin-on-disc test parametres 

 

 

 

3. RESULTS  

a. CoF measurement  

The results of the CoF measurement are summarized in Table 3 and in the graphs in Figure 3. 

The CoF mean value of coatings under dry condition is more than 5-times higher compared to the 
lubricated sliding. Based on the measured values it can be said that the wear track diameter does not have 
any significant influence on the CoF value, although due to the wear of the counterpart (6 mm radius ball) 
the area of the mutual contact is increasing during the test. The different wear rate of the counterpart 
caused by the different sliding distance is insignificant in this case. 

The character of CoF development can be seen in Figure 4 in dependence on sliding distance and in Figure 5 
in dependence on the number of cycles. The difference between the lubricated and the unlubricated 
friction is obvious. The unlubricated CoF curves increase gradually to the stable value, the increase is 
connected with high scatter of the CoF values. Even though from the graph in Fig. 4 the illusion of different 
sliding distance necessary for reaching the stable value  can be made, from the graph in Figure 5. it is clear 
that in fact the same number of cycles (between 15 – 20 thousand) is needed. More information about the 
friction under dry condition, similar to those mentioned in this paper, can be found in the previous work 
[9]. 

Counterpart Speed Number of cycles Load Wear track radius 

Al2O3 ball, ∅ 6 mm 0.1 m/s 50 000 10 N  2, 3,5 a 5 mm 

 

Fig. 1. Microstructure of the Cr3C2-NiCr coating 
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The character of the lubricated friction is completely different. Besides the significant decrease in the CoF 
mean value the scatter also decreases, the curves are smooth and the measurements in the wear tracks 
with the different wear track radius are almost similar. The area of the CoF increasing due to the creation of 
the wear track is not present; on the contrary, the stable value is lower than the initial and is reached 
during first 1000 cycles. The area is probably connected with the creation of a stable film of the lubricant 
[10].  

The differences of values and character of CoF originated in consequence of using different lubricants are 
very small, in terms of ASTM G-99 almost imperceptible. The lowest CoF was measured for MOGUL 15W-
40, followed by MOGUL 5W-40 and MOGUL 10W-40. 

To ensure the stability of the oil during the test, the infra-red spectrometry test was done to compare the 
new and the used oil. No degradation caused by the changes in the composition or aging of the used oil 
was found after the ASTM G-99 test. 

 

 Table 3. CoF mean values 

 

 

 

 

 

 

 

 

 

 

 

Fig.3.  

CoF mean values  

 

 

a. Wear mechanism  

The mechanism of wear was studied by OM and SEM. In Figure 6a and 6b there is the wear track bottom 
after the dry sliding wear test, in Figure 6c, d, and e the wear track bottom after the MOGUL 5W-40 
lubricated sliding wear test in the tracks of 2, 3,5 and 5 mm radius. 

The major wear mechanism of the HVOF hardmetal coating is connected with the gradual primary loss of 
the metal matrix from the areas between coatings’ hard particles, followed by the weakening of their 
attachment and pulling them out of the coating surface. In case of the Cr3C2-NiCr coating the mechanism of 
pulling out the bigger coatings fragments on the splat boundary was also observed due to the higher level 
of porosity, but it occurred just occasionally and cannot be considered significant for wear. 

Wear track diameter 2 mm 3 mm 5 mm 

Dry friction 0,658 ± 0,085 0,680 ± 0,093 0,677 ± 0,087 
MOGUL 5W-40 0,119 ± 0,003 0,123 ± 0,002 0,123 ± 0,003 
MOGUL 10W-40 0,120 ± 0,003 0,126 ± 0,003 0,126 ± 0,003 
MOGUL 15W-40 0,115 ± 0,006 0,121 ± 0,003 0,121 ± 0,003 
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Fig.4. The dependance of CoF on the wear distance 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 5. The dependance of CoF on the number of cycles 

 

 

 

 



Symposium D  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

263 

 

 

 

 

 

 

 

 

 

a)              b)                                                           

 

 

 

 

 

 

 

 

 

c)           d) 

 

 

 

 

a) OM dry sliding 

b) SEM dry sliding 

c) SEM lubricated sliding, r = 2 mm 

d) SEM lubricated sliding r = 3,5 mm 

e) SEM lubricated sliding r = 5 mm 

e) 

Fig. 6. The wear mechanism of the Cr3C2-NiCr  coating 

 

In case of the dry sliding wear test, due to the design of the SCM Tribometer, the wear particles are trapped 
in the wear track and serve as an abrasive medium. The mechanism of wear then changed from sliding to 
abrasive wear [10,11]. In Figure 6a the area of a considerable damage of the wear track bottom, the 
weakened carbides and the deformed matrix can be seen. In [12] the cermet coatings wear mechanism is 
described as the contact between the pin and coatings’ carbides, which are slightly protruding from the 
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matrix due to grinding. Such a condition leads only to a very slight wear. In case of the Cr3C2-NiCr coating 
the formation of the tribofilm of the oxidized, plastically deformed matrix was recognized.  

The wear track bottom of the coating lubricated with MOGUL 5W-40 shows significantly lower wear 
damage, without signs of the carbides loss. Only random cracks in the carbides and on the boundaries 
between the carbides and the matrix appeared. Comparing the SEM micrographs it can be said that the 
lubrication decreases the wear of the coated surface and it can be presumed that the wear rate, expressed 
by material volume loss, will be lower in case of lubricated sliding, too. The development of the wear rate 
determination of very hard and wear resistant coatings as well as the evaluation of the influence of 
different lubricants on the wear mechanism and the rate will be studied in detail in the following work. 

 

4. CONCLUSION  

The study of the methodology for testing the thermally sprayed hardmetal coatings tribological behavior by 
the pin-on-disc method using the CSM High Temperature Tribometer resulted in the following conclusions:  

• The influence of the counterpart wear on the CoF middle value or the scatter is insignificant  

• The wear track radius does not influence the CoF mean value or the scatter 

• To compare the CoF development curves it is more suitable to use the dependence of CoF on the 
number of cycles than on the sliding distance 

• The same oil can be used for measurement of all tree wear track.  

The presence of the lubricant decreases the CoF mean value more than 5 times, the CoF value scatter and 
the wear of the Cr3C2-NiCr HVOF sprayed coating. The methodology of the coatings volume loss 
measurement will be the subject of the following research. 
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ABSTRACT 

Mottled cast iron are widely used for mill rolls due to its content of both ledeburite and graphite in the 
microstructure. However, improper microstructure morphology of the cast iron may foster cracking or 
faulty fretting of mill rolls that had been made of such material. The purpose of this paper was to 
determine the influence of heat treatment induced changes in microstructure of mottled chromium-nickel 
cast iron on its properties. Heat treatment was conducted in order to obtain various morphology of 
ledeburite and graphite precipitates in bainitic matrix. Heat treatment consisted of under-annealing 
normalizing. The differences in morphology of transformed ledeburite and graphite were obtained by 
change of cooling rate within the range of austenite existence. Increase of cooling rate within this range 
resulted in the increase of transformed ledeburite content and decrease of graphite content in 
microstructure of cast iron. Bainitic matrix was obtained on the way of suitable cooling rate within the 
range of phase transformations existence. This cooling rate was matched on the basis of CCT diagram for 
this cast iron. Morphology of above mentioned precipitates were described using stereological parameters. 
Changes in microstructure affected hardness, impact strength, tensile and bending strength as well as 
stress intensity factor KIc. Increase of transformed ledeburite content along with decrease of graphite 
content in microstructure of investigated cast iron resulted in increase of hardness with decrease of impact 
strength, stress intensity factor KIc, tensile and bending strength as well as yield point. Thus, it was 
determined, to what extent is the pursuit of higher hardness (in order to lower tribological wear) creating a 
risk of roll fracture. Test results obtained in this paper shall allow to design an optimal microstructure of 
mill rolls. 

Keywords: mottled cast iron, microstructure, heat treatment, mechanical strength 

 

1. INTRODUCTION 

Mill rolls are among the most expensive tools used in plastic working processes and must meet a number of 
criteria that will allow them to be admitted to work in the industry. Material from which the most 
frequently a roll for hot rolling is made of is cast iron, which is characterized by good operating properties. 
Cast iron rolls due to its fracture toughness and tribological properties are most often used in last rolling 
stands, where the least dynamic loads are present and the most important is surface quality of rolled 
product. The most important role in the microstructure of cast irons used for mill rolls is played by carbides. 
Most frequently it is ledeburitic cementite. Improper morphology of ledeburitic cementite may lead to 
adverse mechanisms of rolls wear (KRAWCZYK 2007, KRAWCZYK 2008a, KRAWCZYK KARAWAT SZCZYGIEŁ 
LATAŁA 2006, KRAWCZYK NOWAK ŻABA KAWECKI 2007, PACYNA KOKOSZA KRAWCZYK 2001, KRAWCZYK 
PACYNA 2006, KRAWCZYK PACYNA FRONCZEK JUSZCZAK 2007, KRAWCZYK PACYNA SZCZYGIEŁ LATAŁA 
2006, PACYNA KRAWCZYK 2005) e.g. roll collar break off, roll neck wrench off, etc. (KRAWCZYK 2008b, 
KRAWCZYK PACYNA 2007, KRAWCZYK PACYNA GRABOWSKI SIKORA 2008, KRAWCZYK PACYNA KĄC 
JUSZCZAK LIWOCH GRABOWSKI 2007, KRAWCZYK PACYNA LIWOCH GRABOWSKI JUSZCZAK 2007, 
KRAWCZYK TERCZYŃSKI SIKORA 2008). Similar problems may be a result of presence of phosphide eutectic 
or hypereutectoid cementite precipitated in form of net along grain boundaries of former austenite. By the 
heat treatment the microstructure of matrix and the morphology of carbide precipitates may be modified 
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(KRAWCZYK PACYNA ZAJĄC 2001, PACYNA KRAWCZYK 2001, PACYNA KRAWCZYK ZAJĄC 2002), and thus 
affect cast iron properties (KRAWCZYK PACYNA KOKOSZA 2004, PACYNA KRAWCZYK ZAJĄC 2002, ZAJĄC 
2001). However, such a research should be previously carried out in laboratory renge. 

The objective of this work was to determine the influence of microstructure changes on GJS-HV300 
(SiNiCr2-3) cast iron properties. Obtained results shall be used for design of heat treatment of mill rolls in 
order to receive an optimal microstructure for operating parameters of that type of tools. 

 

2. TEST MATERIAL 

Test material was a chromium-nickel mottled nodular cast iron GJS-HV300(SiNiCr2-3). Chemical 
composition of investigated cast iron is presented in Table 1. The microstructure in as-delivered condition is 
presented in Figure 1.  

a) b) 

  

c) d) 

  

Fig. 1. Microstructure of investigated cast iron (as-delivered condition). Etched with 2% nital 

 

One may see that, it is mottled cast iron with pearlite-bainitic matrix (with upper bainite). It is characterized 
by high content of ledeburitic cementite (with adjoined hypereutectoid cementite), which creates a 
continuous net. 

Test material was sampled from cast roll delivered by the manufacturer. The samples were collected in a 
way that allowed collecting them from the places where the conditions of crystallization would be possibly 
the same. In case of notched impact strength test samples the notch was made along the plane 
perpendicular to roll’s axis. While in case of KIC samples the notch was made parallel to roll’s axis, along its 
radius. 
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Table 1. Chemical composition (weight %) of the investigated GJS-HV300(SiNiCr2-3) cast iron  

C Mn Si P S Cr Ni Mo 
3.2 0.52 2.24 0.07 0.012 0.53 3.49 0.56 
Mg Cu AL Ti V As Nb Fe 
0.047 0.20 0.008 0.014 0.020 0.002 0.024 bal. 

 

3. HEAT TREATMENT 

Modification of investigated cast iron microstructure was carried out by heat treatment. Two variants of 
heat treatment were performed diversified by cooling rate within the range of austenite presence. 
Austenitizing temperature was 950°C. The temperature was matched on the basis of research presented in 
studies (ZAJĄC 2001, WASYLEWICZ 2002, WAŻNY 2005), as well as so to comply with technological potential 
of the manufacturers of mill rolls and to ensure the highest possible solubility of ledeburitic cementite (with 
adjoined hypereutectoid cementite) in austenitic matrix. 

First variant of heat treatment was characterized by low cooling rate (12°C/h) within the range of austenite 
presence (to the temperature of 700°C). Further cooling was carried so to ensure bainitic matrix (216°C/h).  

Second variant of heat treatment was characterized by high cooling rate (45°C/h) within the range of 
austenite presence (to the temperature of 700°C). Further cooling was carried so to ensure bainitic matrix 
(216°C/h).  

The applied heat treatments resulted in distinct changes of investigated cast iron microstructure. The 
microstructures after corresponding variants of heat treatment are presented in Figure 2. 

The heat treatment, irrespective of the variant applied, caused a clearly visible fragmentation of ledeburitic 
cementite precipitations and distinct reduction of its content in the volume of the cast iron. One may also 
notice the increase of graphite precipitations size and increase of its content in the volume of the cast iron. 
It indicates that during heat treatment of cast irons containing graphite a part of carbon would always 
diffuse towards these precipitates in result of which the matrix shall be carbon impoverished and the 
amount of ledeburitic cementite shall be reduced.  

Selection of cooling rate during heat treatment within the range of eutectoid transformation on the basis of 
CCT diagram allowed to receive a desired (expected) bainitic structure in the matrix of investigated cast 
iron. It can be noticed that fraction of lower bainite increases (from 15 to 18%), while of upper bainite 
decreases (from 63 to 53%) with the increase of cooling rate within austenitic range. The differences of 
cooling rates within austenitic range have also a significant influence on the amount of ledeburitic 
cementite (with adjoined hypereutectoid cementite). One may observe that increase of cooling rate results 
in increase of amount of ledeburitic cementite (with adjoined hypereutectoid cementite) in microstructure 
of investigated cast iron. While, in as-delivered state there was about 39% of this carbide phase present in 
the microstructure of cast iron, after heat treatment its amount decreased to about 16% in case of variant I 
and about 25% in case of variant II. Explanation of the above differences between the two amounts of 
ledeburitic cementite requires the analysis of changes in graphite content. It was found that decrease of 
cooling rate within austenite range leads to the increase of graphite amount in matrix of investigated cast 
iron. While, in as-delivered state there was about 3% of graphite present in the microstructure of cast iron, 
after heat treatment its amount increased to about 6% in case of variant I and about 4% in case of variant 
II. 

 

4. RESEARCH RESULTS OF MECHANICAL PROPERTIES AND ITS DISCUSSION 

In spite of obtaining of bainitic structure only in the matrix of cast iron, the heat treatment results in 
decrease of its hardness in relation to as-delivered state (from 524 HV30 to 400 HV30 in case of heat 
treatment in variant I and to 440 HV30 in case of heat treatment in variant II). It is a result of lower content 
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of ledeburitic cementite (with adjoined hypereutectoid cementite) in the microstructure of samples after 
heat treatment in relation to as-delivered state. However, in each case of heat treatment applied the 
hardness is above 300 HV, so it is high enough to use this material for mill rolls production. One may also 
notice that raising the cooling rate within austenite range for a given matrix results in increase of hardness. 
It is caused by the differences in microstructure (especially in volumetric balance between ledeburitic 
cementite and graphite).  

a) b) 

  

c) d) 

  

Fig. 2. Microstructure of investigated cast iron after heat treatment: a,b) variant I, c,d) variant II. Etched 
with 2% nital  

Heat treatment also affected the impact resistance of investigated cast iron. The samples were broken 
using Charpy vintage impact test machine with initial potential energy of 300 J. Test was performed at 
room temperature. The same impact resistance characterized cast iron in as-delivered state and after 
second variant of heat treatment (impact energy KV=3.3 J). While, in case of cast iron after variant I of heat 
treatment impact energy KV increased to 4 J. It indicates a beneficial influence of ledeburitic cementite 
content decrease and increase of its fragmentation degree on impact strength (in case of bainitic matrix). 

Whereas, heat treatment significantly increased stress intensity factor KIC (from ca. 24 MPa*m1/2 in case of 
as-delivered state to ca. 30 MPa*m1/2 in case of variant I of heat treatment and to ca. 28 MPa*m1/2 in case 
of variant II of heat treatment). The samples used had dimensions of 15x30x150 mm with a notch roof 2 
mm wide and 13 mm deep at flank surface and with V dihedral angle 120°. Notch bottom was V-shaped 
with angle of 90°. Notch bottom radius was 0.25 mm. The samples contained an about 2 mm long fatigue 
pre-crack. So prepared samples were subjected to three-point bending test. In each sample there was a 
plane strain scheme maintained, and this is why determined KQ equals KIC. It can be observed that higher 
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resistance to crack propagation characterizes cast iron that was cooled at lower rate within austenite 
range. One should connect it with the fraction of ledeburitic cementite - the more of such cementite the 
lower is the resistance to crack propagation. Analogically one may state that increase of graphite amount 
results in increase of resistance to crack propagation. However, it should be noted that in case of present 
research the decrease of ledeburite fraction in microstructure was connected with increase of graphite 
amount. 

Similarly as in case of impact strength and KIC testing the bending strength Rg of investigated cast iron in 
case of applied heat treatment was greater than in as-delivered state (there is an increase of Rg from about 
698 MPa in case of as-delivered state to 1003 MPa in case of variant I of heat treatment and to 891 MPa in 
case of variant II of heat treatment). A static bending test was conducted with three point load (the sample 
was subjected to load with force imposed in the middle point of length). Cylindrical samples for static 
bending test were 110 mm long and had diameter d0=10 mm. Working length was (support spacing) l=100 
mm. It is easy to find that decrease of ledeburitic cementite amount and increase of fragmentation degree 
of its precipitates leads to increase bending strength. 

Due to roll geometry, which the samples were cut out from for mechanical testing, it was not possible to 
comply with the rule of their collection each time from the places characterized by the same crystallization 
conditions. Due to above, it was decided to collect the sample for tensile test in as-delivered condition from 
the place located between outer and inner area along roll’s radius (Rm=327 MPa). Test was performed on 
samples with following dimensions: diameter d0=10 mm, length L0=50 mm and cross section of S0=78,5 
mm2. In case of each of analysed heat treatment variants one sample was collected from the vicinity of the 
surface, while the second from the part of the roll the closest to its axis. This is the reason why only in case 
of as-delivered state it was possible to determine the distribution of test results. Whereas in case of 
samples after heat treatment a single result for inner (in case of variant I of heat treatment - 453 MPa, in 
case of variant II of heat treatment - 351 MPa) and outer part of the roll (in case of variant I of heat 
treatment - 594 MPa, in case of variant II of heat treatment - 571 MPa) was obtained. Because the samples 
for the as-delivered state were breaking within elastic strain range it was not possible to determine offset 
yield strength Rp0.2. However, it was possible to determine the Rp0.2 for samples after heat treatment 
collected from the outer part of the roll (in case of variant I of heat treatment - 570 MPa, in case of variant 
II of heat treatment - 520 MPa). This is the reason why only for these samples the Rm parameter was 
determined in accordance with guidelines from the standard (samples breakage occurred within the range 
of plastic strain). 

After analysis of obtained results of mechanical strength one may state that the area from which the 
sample was collected has significant influence on this parameter. Samples collected from the vicinity of 
roll’s surface are characterized by higher mechanical strength than the ones collected from the area closest 
to the axis of the roll. One may observe that determined tensile strength after heat treatment was higher 
than Rm determined for as-delivered state. The best mechanical properties characterized investigated cast 
iron after variant I of heat treatment i.e. a variant of heat treatment that was most beneficial from impact 
resistance KIC and Rg point of view. Also the offset yield strength is the highest in case of variant I of heat 
treatment i.e. cooling at low rate within austenite range (12°C/h). Therefore it is allowed to state that, 
irrespectively to area of sample collection, decreased amount and refinement of ledeburitic cementite 
results in increase of tensile strength in case of bainitic matrix. 

 

5. CONCLUSIONS 

Research carried out in present study allowed to formulate the following conclusions: 

� Heat treatment allows to change the microstructure and properties of investigated cast iron within 
wide range. 
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� Decrease of hardness occurs as a result of heat treatment even if the matrix is 100% bainitic. 
However, hardness obtained in result of heat treatment is sufficient for the investigated cast iron to 
be used for mill rolls. 

� In case of bainitic matrix the lowering of ledeburite cementite fraction and its fragmentation results 
in increase of impact strength of investigated cast iron. 

� Decrease of ledeburitic cementite fraction in connection with increased amount of graphite results in 
increased fracture toughness. 

� In result of applied heat treatment an increase of bending strength of investigated cast iron is 
obtained. 

� Decrease of ledeburitic cementite amount, increase of both its fragmentation degree and the 
fraction of graphite is accompanied by the increase of flexural strength. 

� Changes in crystallization conditions (outer and inner part of the roll) affect cast iron mechanical 
properties. 

� Heat treatments applied in this study increase mechanical strength of investigated cast iron.  

� In case of bainitic matrix, a decrease of ledeburitic cementite fraction and especially refinement of its 
precipitates, irrespectively to increase of graphite fraction, results in the increase of mechanical 
properties of investigated cast iron. 
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Abstract 

The purpose of the work is investigation on plastic deformations of surface layer of titan alloys at 
ultrasonic surface treatment. To investigate ultrasonic treatment affects on the process of nano-
structuring of titan alloys a preliminary mechanical treatment was carried out for obtaining different 
morphology of surfaces. Express-test of effect of ultrasonic surface treatment was made with micro-
hardness measurements. That allowed defining optimum parameters of surface roughness before 
ultrasonic treatment; those form a full-grown nano-crystalline structure in the surface layer. 

Keywords: plastic deformation, treatment 

 

Titan alloys are widely employed in aero-, ship-, engineering- and instrumental industries, in medical 
instrument production. It depends on specific properties of titan and its alloys such as relatively low 
modulus of elasticity and high specific strength. To add some functional properties to such alloys new 
methods of surface treatment should be developed for obtaining oxide layers or smoothing of microrelief 
with further protective coating. 

Recently submicro- and nano-material technologies are being developed as such materials top their 
coarse-grain analogues in running abilities. Investigations of submicro- and nano- materials have shown 
that cyclic strength increases both in high-cycle fatigue and low-cycle fatigue in comparison with coarse-
grained materials, micro-hardness is higher 2-7 times, though it does not depend on methods of 
production pf materials; wear resistance of  nano-materials is significantly more than that of coarse-
grained alloys (SIEGEL 1995). 

One of prospective scientific fields in new material technologies is production of unique materials with 
improved tribotechical properties. Special methods of making of ultra-fine-grained (UFG) with sub-micro-
crystalline (SMC) structure and nano-crystalline (NC) structures are being developed. For forming SMC and 
NC structures different methods of crystallization from melt metal are used as well as gas condensation 
with further compacting, ball grinding with following consolidation, electro-deposition, and intensive 
plastic deformation (IPD) (VALIEV 2004). 

In this work intensive plastic deformation via ultrasonic surface deformation is used. 

A number of scientific investigations in Russia and abroad are devoted to the problems of investigations of 
ultrasonic surface treatment effect on structure, mechanical and tribotechnical properties of constructive 
materials (KLIMENOV 2002). But the dependence of forming of ultra-soundly treated surface layer and its 
dispersibility on initial roughness has not been investigated ever since. 

The work is aimed at filling the blanc, and is devoted to study of action of surface preliminary morphology 
on hardness and dispersibility of modified layer of titan alloy. 

The scheme of ultrasonic superficial treatment is shown on fig. 1. 
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Indenter under effect of static and dynamic power, produced by a vibrating system, deforms plastically a 
surface layer of an element preliminary treated by cutting. The treatment of surface is performed by a 
hard-alloy indenter vibrating with ultrasonic frequency. In the zone of indenter local contact with treated 
surface a plastic deformation zone appears, that moves together with the indenter. After ultrasonic 

Fig. 1. Scheme of ultrasonic superficial treatment: P - dynamic power; Pst - static power, A - 

motion indenter amplitude, r  - indenter sphere radius, S  - longitudal feeding, Sv  - relative 

feeding per a period of indicator rippling, Ss - longitudal feeding per a turn, V - revolving velocity, 

V1  - rippling velocity of the indenter, D  - diameter of the detail. 

Fig. 2. Scheme of turning processing: 1 - lathe chuck, 2 - work piece, 3 - back center of the machine 

tool, 4 - turning cutter. 
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treatment a surface with roughness of 3,5- 5,5 Rz is formed. Smoothing effect of the indenter in thin 
surface layer causes high clearness of the surface especially on the roughness tops. 

Commercially pure titan of VТ1-0 grade (with lamella α - phase,% composition: 99,58 Ti; 0,12 О; 0,18 Fe; 
0,07 С; 0,04 N; 0,01Н) was chosen for investigations. Cylinder blanks of 40 mm diameter were preliminary 
processed on a lathe machine with high speed steel bits of Р6М5 grade (fig. 2). 

Variable parameters were 1) line saddle S feed setting intervals between separate tops of microrelief of 
the surface and 2) cut depth t setting of top levels. The edge angle of bit was varied to vary the angle of 
incline of top side faces. The result of such processing was a regular microrelief of the surface shown in fig. 
4. 

The next stage of the experiment was ultrasonic surface treatment of the samples with different micro-
relief. For this purpose the lathe machine tool-holder was equipped with ultrasonic striker (fig. 3). 

Power supply 220W, wattage 0,25 kWt, magnetostriction ultrasonic converter, work frequency 22 kHz, 
converter air cooling, cooling air consumption 30 m 3 at  0.3 MPa pressure, 20 stage control of generator 
power. 

For investigations of roughness and morphology of the titan alloy surface after lathe processing a 
profilometric tool «MICRO MEASURE 3D station». Roughness is measures non-contact with a scanning 
laser beam. Line-rate scanning gives a precise picture (morphology) of the surface set by a discrete beam 
travel through the surface. Roughness of the sampler was measured accordingly with State Standard 
(GOST 2789-73) on the basic length 2,5 mm. 

Surface hardening was evaluated due to the rate of micro-hardening values with a micro-durometer, the 
forcing was 0,5Н. 

Investigation of dispersing level of the modified surface was performed by electronic microscopy with JEM-
2000FX. 

The results of measurement of cut processed samples having regular micro-profile are shown in fig 4. 
Regular profiles impact greatly on forming of hardened surfaces as it provides immutability of properties 
of the processes surface in all contact zones. 

Fig. 3. Scheme of installation: 1 - work piece, 2 - ball from a firm alloy, 3 - magnetostriction 

the converter, 4 ultrasonic generator. 
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Measurement of surface micro-hardness of samples after ultra-sonic treatment has shown a great 
dispersion of its average values in the interval from 3200 МPа to 4000 МPа, depending on form and 
dimension of a roughness top. An average value of surface micro-roughness was 2400 МPа before 
ultrasonic treatment (Table 1). 

 

Table1 

 Number of the sample 
Initial 1 2 3 4 5 6 

Micro-hardness, 
MPa 

2400±120 3300±100 3500±200 3800±250 3200±200 3800±250 4000±200 

 

Growth of values of micro-roughness in ultrasonically treated layers proves both disintegration of grains 
and forming of compression stress in surface layers.  

Fig. 4. Micro-profile surfaces of samples. 
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Electronic microscopy displays growth of dispersity of grain structure as micro-hardness is growing. 

 

Mean dimension of elements of sub-grain structure of a sample with surface hardening of 3200 МPа, is 
200 nm; and mean dimension of elements of sub-grain structure of a sample with surface hardening of 
4000 МPа is 100 nm. Grain edges are not perfect as most of them don’t have stripped contrast. Micro-
diffraction shows a number of reflexes set in concentric circles. Azimuthal fuzziness of reflexes indicates 
great inner stresses. 

The investigation has shown that ultrasonic treatment of titan modifies its surface layer and forms sub-
microcrystalline structure as well as growth of surface hardness to 4000 МPа. Dispersity of the structure 
and surface hardness growth depend on parameters of roughness obtained by preliminary process. 
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ABSTRACT 

The aim of this work was to describe evolution of tribological properties of electroless Ni-P based coatings 
during heat treatment. Coatings were prepared using nickel lactate- hypophosphite bath, conventional 
AlSi10Mg0.3 cast alloy was used as a substrate. Coated samples were heat treated at 400 – 550°C for 1 – 8 
hours. Adherence of coatings to the substrate was estimated from the scratch test. To determine wear 
resistance, chosen samples were subjected to “pin-on-disc” test. It was found that intermetallic phases 
formed during heat treatment due to the diffusion of nickel into the substrate severely decrease wear 
resistance of coatings.  

Keywords: electroless Ni-P coatings, tribology, heat treatment 

 

1. INTRODUCTION 

Due to their good mechanical, electric, corrosion and tribological properties, electroless Ni-P coatings are 
frequently used in engineering and chemical industry or in electronics. Various materials can be used as a 
substrate and it is possible to coat complex-shape components. In contrast to the galvanic coating, Ni-P 
coating is formed on the substrate as a result of an autocatalytic reaction without use of electric current. 
Electroless nickeling bath usually contains aqueous solution of metal ions, complexing agents, reducing 
agents and pH stabilisers. Rate of deposition is influenced by various factors such as metal ions 
concentration, type and concentration of complexing agent, temperature, pH etc. Structure and properties 
of prepared coatings depend significantly on phosphorus content [1-3] and on subsequent heat treatment 
regime [4-7]. Generally acknowledged optimal heat treatment regime is 400°C/1 h [6, 8], when fine 
phosphide particles precipitate. Higher annealing temperatures and longer times are not used since they 
result in coating hardness decrease due to the coarsening of nickel grains and of phosphide particles. It 
should be noted that some engine components made of aluminium alloys may be exposed to elevated 
temperatures even for longer periods. For this reason, it is necessary to describe evolution of Ni-P coatings 
during heat treatment using other regimes than the above said optimum. 

 

2. EXPERIMENT 

Commercial AlSi10Mg0.3 (wt. %) alloy was used as a substrate. The material provided by an industrial 
supplier was remelted in an electric resistance furnace and cast into metal mould. Samples of 10 mm in 
thickness were cut out from cylindrical ingots having 20 mm in diameter and length of 200 mm. Samples 
were progressively ground using P60 – P1200 SiC papers and ultrasonically degreased for 15 minutes in 
acetone. Before being transported into the plating bath, samples were etched for 60 s in solution 
containing 5 ml HNO3, 2 ml HF and 93 ml H2O. Electroless plating conditions are summarized in Table 1. 

Prepared samples were subsequently heat treated in an electric resistance furnace under protective 
atmosphere (Ar, flow rate 0.5 l/min) at temperatures ranging 400 – 550°C for 1 – 8 hours. Cooling down to 
the room temperature was performed in air.  
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Table 1. Conditions used for electroless deposition 

bath composition 
nickel lactate– 30 g/l 
nickel hypophosphite– 20 g/l 
lactic acid– 10 ml/l 

pH adjustment 
3 x 5 ml 1 M NaOH solution 
(at the start and subseq. after 40 minutes of plating) 

bath temperature 90±2°C 
bath volume 250 ml 
coating time 120 minutes 

 

Prior to tribological tests, coating adherence was proved by means of the scratch test. Coatings that 
showed very low critical loads (Lc < 20N) were immediately eliminated due to their tribological instability 
risks. Tribological properties of Ni-P based coatings were studied using a high temperature pin-on-disc CSM 
Tribometer. The tests were carried out under conditions specified in Table 2. 

 

Table 2. Conditions of tribological tests 
normal load 5.0 N 
linear sliding velocity 0.05 m.s-1 

number of cycles 5000 
temperature room temperature (approx. 298 K) 
testing counterpart 440C steel ball (d = 6.0 mm) 
track radius 5.0 mm 
lubricant unlubricated, dry ambient environment (RH 

approx. 40±5 %) 

 

Coating wear volumes were evaluated by means of the multiple cross-section area surface profilometry. 
Diamond stylus profilometer Alpha-Step with maximum scan length 5 mm was used. The width of wear 
tracks usually did not exceed 1 mm. The maximum surface roughness (hills-valleys distance) range was 0.5 
µm with a detection accuracy of 2 nm. Using the wear volumes, the wear rates of coatings K were 
calculated by a following formula: 

sW

V
K

⋅
=

 [m3.N-1.m-1] ,       (1) 

where V is the wear volume (m3) of coating, W is the normal load (N), and s is the total sliding distance (m). 

 

3. RESULTS 

3.1  Coating adhesion 

Coating adhesion to the substrate was estimated from the scratch test with initial load of 8.80 N. The load 
was gradually increased five times by 8.80 N. Fig. 1 shows samples after scratch-test with the initial load. As 
it was expected, the best results were obtained in case of as-coated sample (Fig. 1a). The scratch is even 
and no cracks were observed in its vicinity. Slight decrease of adhesion was observed in case of sample 
annealed at 400°C/1 h. Small areas where partial delamination of coating occurred were identified in the 
vicinity of the scratch (Fig. 1b). Nevertheless, the coating adhesion is still satisfactory. Fig. 1c and Fig. 1d 
show results of scratch test on samples annealed at 450°C/8 h and at 550°C/1 h. In the vicinity of the 
scratch there are small areas where partial delamination of coating and formation of cracks occurred. 
Nevertheless, coating is still compact. During annealing at 550°C/8 h, the adhesion of coating decreases 
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critically and the coating is totally destructed during scratch test with the initial load of 8.80 N (Fig. 2). For 
this reason the coating annealed at 550°C/8 h was not subjected to the pin-on-disc test. The character of 
the scratch showed no visible evolution with increasing load; even the maximal load of 44.0 N did not result 
in total destruction of the coating. 

 

a  

 

b  

 

c 

 

d 

Fig.1. Tracks after scratch tests with load of 8.80 N (light micrograph): a) as-deposited, b) heat 
treated at 400°C/1 h, c) heat treated at 450°C/8 h, d) heat treated at 550°C/1 h,  

 

 

 

 

 

Fig. 2.  

Tracks after scratch tests with load of 8.80 N 
(light micrograph) heat treated at 550°C/8 h 
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3.2   Wear resistance 

Fig. 3 shows the evolution of friction coefficients during the pin-on-disc test. Value of the friction coefficient 
(the ratio of tangential friction force to normal force) varies slightly, mainly due to the inhomogeneities 
caused by the coating preparation and by the heat treatment. Curves can be characterised by run-in period 
which duration increase with increasing temperature and time of annealing. In case of as-coated sample, 
the run-in period length is about 500 cycles. In case of annealed samples, its length is about 1500 cycles. If 
we consider only the values of friction coefficient during the steady-state period, the average value is 
ranging from 0.47 (as-coated sample) to 0.72 (550°C/1 h). Lower values of the friction coefficient may be 
attributed to the homogeneous structure of the unannealed coating, on the contrary, the structure 
inhomogeneities (precipitated phosphides, formed intermetallic phases) cause the increase of the friction 
coefficient. 

 

Fig. 3. Typical friction curves of Ni-P coatings against 440C steel balls 

 

Results of the wear tests are presented in the Fig. 4. Measured values of wear rate are in accordance with 
results of other authors [9]. Although the friction coefficient of the as-coated sample showed the lowest 
value (see Fig. 3), the wear rate of this sample was the highest. According to the expectations, the wear 
rate of the optimally heat treated coating (i.e. 400°C/1 h) was the lowest. Annealing at higher temperature 
for longer periods leads to the progressive decrease of the wear resistance. This is caused by the coarsening 
of the nickel grains and of the phosphide precipitates. Negative influence of the coarsening is partially 
compensated by the formation of hard intermetallic phases on the substrate-coating interface. This effect 
is most significant in case of the coating annealed at 450°C/8 h. It was found that hardness of the formed 
Al3Ni phase is higher than that of the optimally heat treated sample (400°C/1 h) [10]. In case of this sample, 
the wear rate increase is slightly lower than it was expected. Significant increase of wear rate can be 
observed in case of the sample annealed at 550°C/1 h. Adhesion of the coating to the substrate decreases 
with increasing thickness of the formed intermetallic phases. Nevertheless, the wear rate of the sample 
annealed at 550°C/1 h is more than 40 times lower than that of the Al-Si substrate. 
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Fig. 4. Coating wear rates for different heat treatments procedures 

 

4. CONCLUSIONS 

Various intermetallic phases are formed on the substrate-coating boundary during annealing at higher 
temperatures. During annealing at 400°C/1 h, formerly amorphous nickel crystallises and Ni3P phosphides 
precipitate. This leads to significant increase of the coating wear resistance. If coating is heat treated at 
higher temperatures, coarsening of these phases results in increase of the wear rate. This is partly 
compensated by presence of hard intermetallic phases formed due to the nickel diffusion into the 
substrate. Thickness of the intermetallic phases formed during annealing at 550°C is too high; due to the 
coefficient of thermal expansion (CTE) difference, the adhesion and subsequently the wear resistance of 
the coating is severely decreased. From the technological point of view, the important fact is that even 
longer heat treatment at 400-450°C does not necessarily result in severe wear rate increase. 
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Abstract 

The contribution deals with an analysis of available information on usage of nano-sized elements and their 
influence on the features of protective coatings, mainly the organic ones based on coating compositions 
and vitreous enamel coatings. Development heads for finding of thin adhesion interlayers based on silane 
and phosphate, in which nano-sized elements will be embedded and which will temporarily provide 
corrosive protection when coatings have been damaged. For coatings, development is focused on usage of 
nano-sized pigmentations of iron, zircon and calcium, so that the shape and arrangement of pigmentations 
provide minimal penetration of the corrosive environment into the substrate. The contribution shows the 
result of action of the adhesion interlayer applied under the alkyd paint, while, thanks to this adhesion 
interlayer, the paint showed the best adhesion, compared to classical phosphate adhesion interlayers. 
Further, the influence of the sizes of clay elements in nano-dimension on an increase in the hardness of 
vitreous enamel coatings is mentioned. These conclusions can be applied in the further development of 
protective coatings. Scientific work in the study of the adhesion layer structure on metal surfaces is being 
developed intensively. On its basis, new progressive ecological cleaning of the surface and its preparation 
for coating application is being worked out. 

Keywords: Surface treatment, nano-sized elements, coatings, corrosive protection 

 

1.   SURFACE CHARACTERISTICS AND THEIR INFLUENCING BY MEANS OF NANO-LAYERS 

Development of nanotechnologies has explained to people some phenomena which had been 
inconceivable before. One of these elements consists in admirable features of the surfaces of some plants 
and animals. For instance, every water drop that falls onto a lotus leaf runs down it without wetting its 
surface and moreover it cleans it. It was only due to closer research that a human has understood the fact 
that the surfaces have a certain structure which prevents water penetration and moreover it uses the 
water for self-cleaning. The findings gained in laboratories are now being transferred into everyday life and 
for every one of us their utilization may be much wider and more useful than we have ever been able to 
imagine. The surfaces gained by means of nanotechnologies may change common surfaces into surfaces 
with the following features in a few moments: 

� Simplicity of cleaning and self-cleaning ability 

� Resistance to abrasion and scratching 

� Impregnation – water and oil repellence 

� Corrosion protection 

� Finger-print protection 

� Resistance to bacteria and moulds 

� Material wearing protection 

� Fog protection 
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2.  THE SURFACE AND ITS DEFINITION 

The surface is assessed as an envelope of a macroscopic object that forms a boundary between basic 
material and its surroundings. The surface of the object determines the object’s appearance and forms an 
interface between two phases. For big objects with a small surface-to-volume ratio, physical and chemical 
characteristics are determined mainly by properties of the basic material. As for small objects with a high 
ratio, their properties are significantly influenced by the surface. Functional properties of the surface are 
dependent not only on the inner layer, which forms the interface, but also on the area directed under the 
surface. Utilization of surface characteristics in the direction to the depth of material is a certain degree of 
surface classification which corresponds even to division of the surface area (see Table 1). 

 

Table 1.  Areas of surface [1] 

Area Size Functional influence 

Upper nano-layer 0,1nm Adsorption, chemical reactivity 

Thin oxidation film 0,1 – 100 nm 
Reflectance, friction, corrosion, thermal, 
conductivity 

Outer surface layer 0,1 – 10 µm Structure deformation 

Whole layer > 100 µm Adhesion, paints 

 

2.1  Technological Surfaces 

Among technological surfaces, there are substrate surfaces gained, for instance, after machining, chemical 
treatments and after application of protective coatings. The development heads for coating of substrate 
with thin layers with the thickness of several units and tens of nanometers. The thin layers are utilized in a 
range of microelectromechanical systems, where problems of friction and change of mechanical properties 
are dealt with. Thin surface layers applied on substrate copies the topography of the substrate and in some 
cases, they can emphasize their irregularities. If properties of a surface layer are observed, then it is very 
difficult to avoid taking the substrate structure into consideration. Preparation of the surface is one of the 
fundamental factors which considerably influence the quality and lifetime of subsequent surface 
treatment. 

 

2.2  Wetting Ability 

An important feature of the provision of good coating adhesion to the substrate is substrate wetting ability 
which provides surface cleaning of equal quality and equal covering of the surface with a coating 
composition. A good wettability of the undercoat is a prerequisite for a satisfying cleaning process. A clean 
surface without any grease and impurities can be easily wetted with water. On the other hand, a polluted 

surface is considerably hydrophobic (i.e. water 
repellent) due to an oily layer and it significantly 
increases a contact angle. When a water-grease 
bounding surface is replaced by a different surface 
which is hydrophobic in one direction, for instance 
with an adsorption layer of surface-active substance, 
water molecules can get closer to grease elements and 
they can wet them. 

 

Fig. 1.  Arrangement of water molecules at wetting of the polluted hydrophobic surface [2] 
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Figure Nr. 1 shows that water molecules are not oriented in a polar way to the hydrophobic surface, but 
that they are oriented on the bounding surface arbitrarily due to cohesion powers, in the distance of about 
0.3 to 0.4 nm. 

 

Fig. 2.  

Depiction of the hydrophobic surface [2] 

 

Figure Nr. 2 shows the same hydrophobic surface 
which becomes wet due to the influence of adsorption 
of the surface-active substance. The distance of a 
water molecule is, in this case, 0.1 – 0.15 nm. The 
function of surface-active or intersurface-active 

substances consists in the decrease in interfacial tension of the detergent-impurity phase. Achieving of this 
state (to some extent with the help of wetting agents) favorably influences releasing of impurities out of 
the surface. The wetting agents are very important aids with degreasing and cleaning of various stiff 
surfaces. 

 

2.3  Provision of Coating Adhesion with a Silane-Based Layer  

To provide better adhesion of a paint system to the substrate, application technologies of thin silane-based 
adhesion nano-layers which will provide this adhesion are being verified. It is one of the ways of surface 
treatments before application of the paint system. These nano-layers are expected to replace layers on the 

basis of classical phosphate. 

 

Fig. 3.  

Chart of silane condensation with hydroxyl 
groups on the glass or metal surfaces [3] 

 

Figure Nr. 3 schematically shows the result of 
surface treatment with origination of SiOMe 
bonds.  

 

 

3.  NANO-PAINTS WITH NEW FUNCTIONS  

A conventional paint consists of organic molecules with long carbon chains. The nano-paint, however, 
contains inorganic silicon elements which are bonded by organic polymers. Inorganic elements can be 
densely interconnected due to their sizes, which results in increased hardness and resistance to scratching. 
In addition to the offered protection against potentially harmful mechanical processes, silicon-organic 
nano-paints can help with the fight against corrosion. This can provide a barrier protecting against water 
steam and chemical substances. This barrier can be, moreover, constructed in such a way that it meets any 
requirements. Nano-paints may even fulfill a wide range of new functions besides common protection. 
Usage of superhydrophilic and superhydrophobic surfaces opens the door to making easily-cleaned 
products. Nano-elements Fe, Fe2O3, Fe3O4 and FeO bring qualitative progress into many areas for their 
electrical, magnetic and optical properties which are different from classical microelements. Their catalytic 
properties are also important, mainly for their ability to cover a relatively large surface from one gram and 
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for chemical stability of oxides (as contrasted to nano-
elements of pure metals). Fe nano-elements have a 
great reduction effect, which is used in 
decontamination and detoxification processes. 
Therefore they are utilized as pigmentations of 
varnishes, paints and coating compositions; further in 
cosmetics, in medicine, as UV filters, catalysts, 
absorbers, sensors, ferrites, as abrasion agent etc. 

 

Fig. 4.  Iron oxide [2] 

 

 

4.  NEW PERSPECTIVES   

Within the scope of the hitherto performed experimental tests, it has been verified that the filling of nano-
paints with elements whose dimensions do not exceed 100 nm, seems to be effective for both an increase 
in resultant hardness and for improvement of barrier properties. Using nano-elements in the volume of 
individual weight per cents, resultant properties can be influenced up to tens of per cents. The prerequisite 
for the correct function of the paint is a careful choice (shape, size, surface treatment) of elements and 
their perfect breaking in the binding agent.  

Nano-powders of metals, SiO2, TiO2, barium sulfate, aluminum oxides and zircon oxides help to improve 
nano-powders. Organic powders can also be used. Carbon-based nano-materials – the type of fullerenes 
and nanotubes - are of high interest. Work on production of paint ecologically resistant to overgrowing of 
microorganisms is being carried out. Nanotechnologies of surface cleaning of undercoat before coating 
application are worked out. By means of collective modifiers, nanotechnological reconstruction of oil 
molecules together with embedding into surface structure with the fragments of Si-OH and Fe-OH happens. 
See Figure Nr. 3. 

Further, water-borne priming varnishes with deep effectiveness based on nano-latex (type Lakroten) are 
worked out. For instance Lakroten E-21 with the size of elements 20 nm, which can be applied at the 
temperature from 5 °C. Currently scientific work on the studying of adhesion layer structure on metal 
surfaces which consists of nano-inhibitory corrosive processes is being developed intensively in co-
operation with NII LKP Choťkovo – the Russian Federation. On its basis, new progressive ecological cleaning 
of surfaces and their preparation for coating application is being worked out. Work on formation of 
inhibitors on both organic and inorganic basis which are to be used in pigmented paints is being carried out. 
Further, development of paints resistant to the aggressive environment is under discussion. It is the 
development of new varnishes and paints, coating resistant to overgrowing, modern methods of surface 
preparation before application of coatings and modern methods of coating quality assessment. 

Figure 8a shows the assessment of adhesion of the alkyd paint system applied onto the surface substrate 
which is provided with a thin nanometric adhesion layer on the silane basis. In the figures 8b and 8c, one 
can see assessment of adhesion of the alkyd paint system applied onto the standard adhesion layer on the 
phosphate basis. Within the scope of testing of the influence of the element size on coating properties, 
vitreous enamel coatings with a clay compound with the size below 5 µm with one D-dimension of 400 nm, 
which had been added into enamel suspension – slurry for application of priming (basic) and top enamel 
coatings, have been experimentally tested. One kind of clay is from a Czech producer, whereas the other 
one is from abroad. In the table Nr. 2, there is “Czech clay” and “Abroad” of a normal size in µm and sizes 
with 1D-dimension 400 nm marked as “normal clay” and “nano-clay” (fine clay). The nanometric size of clay 
has increased hardness of both the types of vitreous enamel coatings. See Table Nr. 2. 
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Fig. 8. Cross section, coated and assessed by NII LKP Chotkovo   

 

Table 2. Microhardness of vitreous enamel coating 

základní smalt 
(bassic vitreous enamel) 

HV0,1  
[MPa] 

krycí smalt 
(top vitreous enamel)  

HV0,1  

[MPa] 

normální jíl  
(normal clay)  

5493,0 
normální jíl  
(normal clay) 

5336,0 

jemný jíl - český 
(nano clay – CZ) 

6278,1 
jemný jíl - český 
(nano clay – CZ) 

6245,3 

jemný jíl - zahraniční 
(nano clay – abroad)  

5955,9 
jemný jíl – zahraniční 
(nano clay – abroad) 

6913,1 

 

The contribution has been elaborated with the support of MŠMT KONTAKT ME 08083, KAN400100653 
(AV5168011), IGS 2009, VŠB-TUO, HGF-516. 
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ABSTRACT 

The paper introduces the laboratory apparatus used in ŠKODA VÝZKUM Ltd. that is utilized for the 
evaluation of abrasive wear resistance of materials. The paper further describes the method for the 
evaluation of the materials adhesive resistance in accordance with CSN EN 582 (Thermal Spraying-
Determination of the Tension Adhesion). The method of the abrasive wear test, called “Dry Sand/Rubber 
Wheel Test” (DSRW), is standardized in the ASTM-G65 Standard. DSRW test is characterized by low-stress 
abrasive conditions and the basic principle of the test corresponds to the injecting of the abrasive sand 
between the rotating wheel provided with a rubber rim and the tested sample, which is pressed against the 
wheel simultaneously. Further the Dry Sand/Steel Wheel Test (DSSW) was introduced. The DSSW test 
method simulates “high-stress” conditions of the measurement and it is described in the ASTM-B611 
Standard. The paper attention is oriented to the changes in the test parameters and to the evaluation of 
the tested materials and the abrasive sands. Mainly the relationship between the type of the rotating 
wheel and the wear rate of the tested materials was evaluated. It stands to reason, that the wheel with the 
rubber rim reduces the abrasive effects. When using a steel wheel the wear of the tested materials 
increases and also the wear of the steel wheel and the abrasive sands occurs. The shown dependencies 
were further compared with the used load. For the wear test the following abrasive sands were chosen: 
Al2O3 of 212-250 µm grain size and SiO2, 200-300 µm in grain size. During the wear test volume losses of the 
tested materials were measured and the wear track of the tested materials and the abrasive sands 
morphologies were evaluated using the scanning electron microscopy. The WC-Co and the Cr3C2-NiCr 
thermally sprayed coatings were tested. In case of the thermally sprayed coatings the adhesive and 
cohesive strength between the structural particles and the basic material is the significant factor for the 
abrasive resistance because of the lamellar structure of the coatings. Therefore the adhesive-cohesive 
strength of the thermally sprayed coating was performed.  

Keywords: wear, adhesive strength, thermal spraying, WC-Co, Cr3C2-NiCr 

 

1. INTRODUCTION 

The laboratory tests for the wear determination are classified according to the type of the used test 
apparatus, the main terms that determine the wear levels and the geometric setting of the whole 
measuring systems [1]. The whole abrasive wear process has typically been divided into two regimes: high-
stress or low-stress. If the load causes the damage of the abrasive particles the high-stress abrasive wear is 
concerned and if the damage of the abrasive particles is not distinct the low-stress abrasive wear is 
concerned. But the difference between the high and the low stress abrasive wear is not strictly specified.  
The authors in [2] compared the high stress process to the three- or two-body abrasion, where the abrasive 
particles are fractured and broken apart during the wear process. The three-body abrasion is formed if the 
small abrasive particles are caught between the two other surfaces and are able to abrade either one or 
both of the mating surfaces. The abrasive particles are often harder than the two abraded surfaces. The 
three-body and the low-stress abrasive conditions occur for example in earth moving, mining and minerals 
industries in a wide variety of items, such as blades, rock drill bits, crushers, ball mills, slurry pumps, etc. 
The machinery parts are suffering from the progressive wear of their surfaces due to the action of friction 
and rolling effects of the abrasive fragments that are cleaving between the surfaces of the individual parts 
[2,5]. The abrasive laboratory tests conditions correlate fast and objectively with the practice. The Dry 
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Sand/Rubber Wheel (DSRW) test standardized in ASTM G65 [3] facilitates to simulate the low-stress/three-
body environment. The other laboratory test simulating the high-stress process is called Dry Sand/Steel 
Wheel (DSSW) test and it is standardized in ASTM B611 [4]. This wear test was developed specially for the 
WC based hardmetals.  

In case of the thermally sprayed coatings the abrasive resistance is strongly dependent on the cohesive and 
the adhesive strength of coatings. Thermally sprayed coatings are widely used for protection of machine 
function parts against undesirable environment conditions, for example different types of wear, oxidation, 
high temperature, etc. Thermally sprayed coatings are characterized with their typical properties, which are 
changing with the used spray technology and deposition parameters. It is mainly the unique microstructure 
(oxides content, phase composition, cohesion between splats, pores and crack), surface hardness, 
microhardness, surface roughness, wear resistance and adhesive strength of the coatings. The coatings are 
bonded with the substrate with the mechanical interlocking above all and partly also with the van der 
Waals forces and diffusion of the elementary particles on the splats interface. The mechanical interlocking 
is dependent on the form of the melted particles distribution on the substrate, on the temperature degree 
of particles melting and on the surface roughness of the substrate. Further, ideal particles location is 
significantly dependent on the substrate surface topography [6]. It was mentioned in [7,8] that the 
preheating of the substrate increases the adhesive strength very significantly. It was found that with 
sufficient substrate preheating the desirable adhesive strength is achieved relatively with low surface 
roughness. Adhesive strength of thermally sprayed coatings is the important factor, which influences not 
only the coating properties such as the impact resistance, fatigue life but also its lifetime, applicability and 
maintenance cost. Therefore, it is necessary to ensure the accurate adhesion strength of a coating system. 
There are many techniques to evaluate the adhesion strength of coatings [9], such as indentation, shear 
[12,13] and tensile testing. This paper deals with the tensile adhesion test standardized in CSN EN 582 [10] 
and in ASTM C633 [11].  

 

2. EXPERIMENT 

2.1  Experimental material 

For the experiment the thermally sprayed coatings were chosen, cermet WC-Co and Cr3C2-NiCr. These 
materials are characterized by a precise wear resistance. The WC-Co coating is stable  up to the 
temperature around 500°C and the Cr3C2-NiCr coating is stable up to the temperature around 850°C. Up to 
these temperatures the coatings assure the wear resistance. The coatings were sprayed on the steel 
substrates (ČSN 11373) by means of the JP-5000 gun using the HVOF technology and the optimized spray 
parameters. The substrates were cleaned and roughened by grit-blasting with 600 µm brown alumina. The 
surface roughness of the substrate was 9,3±1,1 Ra.  

 

2.2 Evaluation of the abrasive wear resistance 

Abrasive wear resistance was evaluated using the Dry Sand/Rubber Wheel and the Dry Sand Steel/Wheel 
methods. Using these methods the three-body abrasive conditions are simulated. The result of this test is 

the materials volume loss in cubic millimetres. At materials of the 
higher abrasive wear resistance the volume loss is lower. The test 
principle is schematically depicted in Fig. 1. A brief test description is 
as follows: the abrasive medium is supplied between the rotating 
steel/rubber wheel and the tested sample, which is abraded with it. 
The tested sample is pressed to the wheel by the required load. The 
materials mass loss is the first test result and it is then converted to 
the volume loss. Thanks to the values of volume loss it is possible to 
compare different materials with different densities. The samples 
were weighted on digital scales with the accuracy of 0,0001g.   

 

Fig. 1. The test method in the 

accordance with ASTM 

G65 and ASTM B611 
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Fig. 2. Evaluation of the 

adhesive strength 

 

Fig. 4. Wear of the Cr3C2-NiCr coating 

For the wear tests two different abrasive sands were chosen, the alumina Al2O3 in 212-250 µm grain size 
and the silica SiO2 in 200-300 µm grain size. The wear tracks in the coatings were evaluated using SEM and 
EDAX analysis.  

 

2.3  Evaluation of the adhesive strength 

The adhesive strength was evaluated using the method that is standardized in EN 582 and ASTM C633 
Standards. This test method is used for the evaluation of the dependence 
of the substrate material on the adhesive strength of the coating 
material, determination of the sample surface treatment before the 
coating spraying, which influences the adhesion and cohesion, and the 
evaluation of the coatings adhesive strength.  This method is also used for 
the spraying control [9]. The basic principle is shown in Fig. 2. The tested 
sample covered on one front side by the coating is joined with the loading 
and bolstering element using the suitable adhesive. The joining has to be 
symmetrical and the glued joint has to be loaded by the required force. 
After the thermal curing of the glued joint the tension test is performed 
in accordance with EN 10002-2. The tensile strength RH is calculated as 
the quotient of the maximal load Fm and of the sample cross section in 
the breaking area. 

The joining was performed using the HTK Ultrabond 100 special glue, 
which ensures the tensile strength of the glued joint of about 80 MPa. The glue was cured at 180°C per 4 
hours in the electric furnace and the failure measurement of the samples was performed on the tensile 
machine at the load velocity of 2mm/min. After the rupture it is evaluated if the glue, the coating or the 
interface failure appeared. If the glue failure appears it means that the coating adhesive strength is higher 
than the strength of the adhesive, if the coating failure appears it means the cohesive failure and if the 
failure in the coating and substrate interface appears it means the adhesive failure. It can happen that the 
failure is the combination of the last two mentioned cases. In such a case it is the adhesive-cohesive coating 
failure and the adhesive and the cohesive failure is determined from the fracture area [14].  

 

3. RESULTS AND DISCUSSION  

3.1  Wear resistance and adhesive strength of coatings 

 
 
 
 
 
 
 
 
 
 
 
 
 

The results of the DSSW test for the WC-Co and the Cr3C2-NiCr coating are recorded in Figs 3 and 4. For the 
WC-Co coating the following facts were found during the DSSW test: using 56N load and the alumina sand 
already in the third test cycle the substrate was uncovered in spite of the sufficient coating thickness (~350 
µm). Using the same load and the silica sand the test was performed for all the test cycles. The coatings 

 

Fig. 3. Wear of the WC-Co coating 
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wear was only slightly higher than the wear caused by the load of 22N and the alumina sand. Generally, the 
coatings wear rate can be given in mm3/m and the friction coefficient is then converted to mm3/Nm. It is 
obvious that using 56N load and the alumina sand the wear rate is higher by an order than in other 
measurements. By comparing the friction coefficients it was found that the coefficient of friction was 
independent of the load and the dependence was ascertained only in the relationship of coating-sand. The 
value of the friction coefficient varies in the range of 0,001-0,002 for the couple WC-Co/alumina sand and 
for the couple WC-Co/silica it is lower by an order and equals to 0,0005.  
For the Cr3C2-NiCr coating the following facts were found: when using 56N load and the alumina sand 
already in the second test cycle the substrate was uncovered in spite of the sufficient coating thickness 
(~350 µm). When using 22N load and the alumina sand the substrate was uncovered in the third test cycle. 
It was found that the silica sand has higher abrasive efficiency on the load of 56N than the alumina on the 
load of 22 N. The coefficient of friction is independent of the load and dependent on the used abrasive 
sand. For both materials it can also be stated that the coatings have the higher coefficient of friction with 
the alumina sand. The authors in [15] found that the coefficient of friction for alumina is even multiple in 
comparison with the silica sand.   

In Fig. 5 both coatings are compared in dependence on 
the used test method, DSRW vs. DSSW. The results 
correspond to these measurements conditions: 212-250 
um the alumina sand, 22N load, 718 m of the abrasive 
length. The results show that using the steel wheel causes 
the multiple wear of the coating material. The steel wheel 
has a crushing effect mainly on the Cr3C2-NiCr coating. The 
wear rate of this coating was nearly identical with the 
wear of the low carbon steel. The wear rate of the WC-Co 
coatings increased by about 90% and of the Cr3C2-NiCr 
coating by 84%. During the DSSW test many times higher 
stress of abrasive particles on the material is indicated. 
The negative influence of the hard alumina particles is 

decreased due to the rubber wheel plasticity at the DSRW test, whereas the steel wheel causes full stress of 
abrasive particles on the tested material. In the coatings the high stress rises and it focuses on the splats 
boundaries where low content of pores and hard and brittle oxides occurs. Because of the incidence of high 
stress together with the action of abrasive particles the splats cohesion decreases and the splats bonding is 
then defective and the individual splats or their blocks pull out from the coating. Unfortunately this theory 
cannot be supported by the results of the adhesive-cohesive behaviour of coatings because during the 
adhesive strength testing only the glued joint failure occurred [14, 16]. In all cases the joint failure was 
recorded around 80MPa, which is the nominal value of the glue tensile strength. These results only 
predicate that the cermet coatings sprayed using the HVOF-technology are characterized by the high 
adhesive strength, which is higher than 80MPa.  

  

3.2  Wear mechanisms 

Wear mechanism of the Cr3C2-NiCr coating is documented in Figs 6 and 7. In Fig. 6 the wear track surface is 
recorded in the low-stress abrasion condition (DSRW test) with the interaction of the alumina particles of 
212-250 µm grain size. The wear track is shiny and in the SEM micrographs the abrasive wear similar to the 
grinding process can be seen and in the coating the fine grooves appear. These grooves are caused by two 
main aspects: by the load and by the contact of abrasive particles. The surface is uniformly grooved in 
sliding direction and uniform abrading of both majority phases - the Cr3C2 carbide and the NiCr matrix - 
occurs. There is not any visible appearance of the matrix displacement or of some matrix greasing. However 
the local releasing and the pulling-out of carbides occur consequently (B). Further local process is the 
carbides cracking in the direction perpendicular to the direction of abrasion (C). The surface of the wear 
track during the high-stress abrasive process (DSSW) is recorded in the micrographs in Fig. 7. The wear 

 

Fig. 5. Wear of the cermet coatings in the 

comparison of DSSW and DSRW 

tests, Al2O3 sand, load 22 N 
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track is matt and it is considerably distorted after using both sands (alumina, silica) and both loads (56N, 
22N). From the visual evaluation of the wear tracks relief the significant influence of the load on the surface 
morphology was not found. It was detected that the track morphology rather changes with the used 
abrasive sand. The coatings are distinctively grooved and plastically deformed in all directions and the wear 
track surface is considerably roughened, see Fig. 7a. Higher roughening was caused by using the alumina 
sand, which was confirmed by the measurement of the wear tracks profiles. Regarding the article limited 
extent the results of the profile measurements are not listed. Besides the considerable plastic deformation 
there are also surface areas, in which the pulling out of the whole material block (D), Fig. 7b occurred. The 
pulled-out material was then carried by the flow of abrasive particles and it contributed, together with the 
abrasive particles, on further grooving of the coating. Unlike the DSRW tests, the abrasive sands debris 
were entrapped and firmly anchored in the wear tracks (E), Fig. 7b during the DSSW tests. Using the SEM 
microscopy and the mode of back scattered electrons the anchored abrasive particles can be recognized in 
the micrographs according to their specific shade of grey. Both types of abrasive sands were detected in the 
worn surface. During the test the anchored particles could harden the coating surface and act in the coating 
as “hard carbide particles” and thus reduced already high wear of the coating. The EDAX analysis confirms 
the presence of the abrasive particles in the wear tracks. In the SEM documentation the dependence 
between the load and the amount of the attached sand particles was not found and therefore only the 
samples loaded by 22 N were put through the EDAX analysis. 23,76% of aluminium and 16,14% of oxygen 
was analysed during the grinding by the Al2O3 sand. During the grinding by SiO2 particles only 9,08 % of 
silicon and 10,78% of oxygen was detected. It indicated that harder and sharper particles of alumina had 
higher tendency to cleave in the ground surface than the particles of silica. 

a)                                                                              b) 

      

Fig. 6. The wear scar in the Cr3C2-NiCr coating: Al2O3 sand, low-stress abrasion, load of 22 N, the wear 
direction is from up to down, a) scan of secondary electrons, b) scan of back scattered electrons 

a)                                                                         b) 

      

Fig. 7. The wear scar in the Cr3C2-NiCr coating: Al2O3 sand, high-stress abrasion, load of 22 N, the wear 
direction is from left to right, a) scan of secondary electrons, b) scan of back scattered electrons 
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Wear mechanism of the WC-Co coating is documented in Fig. 8, where the wear track surface is recorded 
under the low-stress abrasion condition (DSRW test) in interaction with the alumina particles of 212-250 
µm grain size. The wear track is shiny as in the Cr3C2-NiCr coating and the abrasive wear is also comparable 
with the grinding process. The coating is finely grooved (A) and the main wear process is following: removal 
of a binder phase from the surface layer (C) (this loss of the binder phase weakens the mechanical strength 
and structure of the surface layers leading to the increased stressing of the WC grains); plastic deformation 
and grooving of the binder phase; accumulation of plastic strain in the WC grains; fracture and 
fragmentation of the individual WC grains (D), cracking between the WC grains and pulling-out of the 
protruding carbide grains (B). Wear mechanism of the WC-Co during the “high-stress” abrasive conditions 
was similar to the wear mechanism of the Cr3C2-NiCr coating. Large surface damage was caused by the 
alumina particles and the considerable plastic deformation was detected. The wear mechanism caused by 
the silica particles was similar rather to the “low-stress” abrasive conditions. Using the EDAX analysis in the 
wear track it was found that only the alumina abrasive particles cleaved in the surface. 20% of Al was 
detected in the coatings abraded by the alumina sand and no appearance of Si was detected in the coatings 
abraded by the silica sand.  

a)                                                                        b) 

      

Fig. 8. The wear scar in the WC-Co coating: Al2O3 sand, low-stress abrasion, load of 22 N, the wear direction 
is from up to down, a) scan of secondary electrons, b) scan of back scattered electrons 

 

4. CONCLUSION 

The main aim of this work was to evaluate objectively the behaviour of the WC-Co and the Cr3C2-NiCr 
cermet coatings during the “Dry Sand/Rubber(Steel) Wheel” tribological tests especially in the relation to 
their unique microstructure. It was found that these cermet materials, which are known as highly resistant 
materials under the abrasive wear conditions, drastically change their properties under the high-stress 
abrasive conditions. The considerable plastic deformation and the detaching of the whole materials block 
from the surface were found during grinding using the alumina and the silica sand even under the low load 
of the tested sample. The wear resistance of the Cr3C2-NiCr cermet almost reached the wear resistance of 
the low carbon steel. The Cr3C2-NiCr coating behaved towards both abrasive sands in a similar way whereas 
the WC-Co coating behaved differently in relation to the used abrasive sand. During grinding by silica sand 
the WC-Co coating was not so plastically deformed and the deformation was similar to the low-stress 
deformation under the abrasive conditions. The abrasive wear resistance of coatings is closely related with 
the cohesive strength between individual structural particles but the measurements did not confirm this 
theory because during the measurements only the glue joint failure occurred at 80 MPa load. The 
methodology of the evaluation of the coatings in the coating-substrate interface and the strength 
characteristics between the structure particles (splats) has not been finished yet and it requires a deeper 
study in the following project stages.  
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Abstract 

Various original methods of tungsten and molybdenum purification developed earlier are compared. These 
are sorption and extraction, oxide sublimation, rectification and distillation of halides and oxihalides [4-13]. 
Advantages and shortcomings of each method are discussed. The developed technological procedures 
allowed the preparation of high-purity tungsten and molybdenum single crystals with basic impurities 
below level detectable by mass-spectral analysis,≤ 0.01ppm. 

On the basis of our studies, a relatively simple technology of high-purity tungsten and molybdenum 
preparation has been developed which satisfied microelectronics requirements. 

Direct methods have been developed for the preparation of thin films of these metals by CVD using volatile 
halide compounds. Structurally stable W thin films with the specific resistance 8 10-6 Ohm cm have been 
obtained. 

Keywords: integrated circuits (IC), HCl medium, high-purity tungsten 

 

1. INTRODUCTION 

The basic tendencies in the development of semiconductor integrated circuits (IC) are to increase the 
reliability, functional complexity, extent of integration with a simulations increase in the speed of operation 
and to reduce the element size. The reduction of IC element sizes makes it urgent to radically decrease 
electromigration of materials used as contacts and interconnects and to ensure higher reliability of 
operation. The main disadvantage of aluminum earlier widely used for metallization is that silicon dissolves 
in it with electromigration to follow. Moreover, aluminum is not stable to high-temperature processes. That 
is why refractory metals such as molybdenum and tungsten have lately attracted attention [1-3]. Most of 
their properties as materials for interconnects are as good as those of aluminum and some of them are 
even superior (Table 1). These elements form good contacts with low-ohmic silicon of the a n and a p types, 
have fairly high adhesion to silicon and many dielectrics and are stable to high-temperature treatment. The 
elements are not subject to electromigration and radiation induced disintegration. However, 
electrophysical properties of the structures formed largely depend on the purity of the materials used. 
Promising technologies for obtaining Mo and W of high purity should be based on the improvement of the 
purity with respect to particular impurities.  

  

2. EXPERIMENTS AND RESULTS  

One of the strictest requirements to the materials in microelectronics is the concentration of alkali metals 
in them. Alkali metals easily migrating in films deteriorate their characteristics, and high electromobility of 
sodium and potassium can even bring about @ p-n junction short-out and IC failure. Heavy metal 
impurities are a serious problem. These impurities, especially iron and chromium, are the cause of the 
instability of interphase boundaries and local point corrosion. Corrosion resistance of metals can be 
enhanced by increasing the purity of metals used for metallization. The content of uranium and thorium 
evolving @d particles should also be under strict control since radiation is the source of interference in the 
operation of large IC causing storage faults. The total level of impurities should be low because impurities 
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can lead to uncontrollable processes on the boundaries of complex structures and become a cause of 
instability of interphase boundaries, interlayer interactions, local overheating, and point corrosion. All this 
can result in the degradation of surface structures. It goes without saying that all these factors play even a 
more important role at the nanolevel. 

  

Table 1 Parameters of materials used for arrangement of electric wires 

 

To obtain metals of high purity, a complex of methods should be used comprising chemical, physico-
chemical and physical techniques of purification. On the first step of purification we used sorbtion and 
extraction [3], oxide sublimation [4,5], and rectification and distillation of halides and oxyhalides [6-11]. 
The comparison of the results led us to choose, as perspective, chemical reactions to transform the basic 
substance and impurities into compounds easy to separate. These compounds are volatile oxides, halides, 
and oxyhalides of Mo and W. The advantages of halide compounds as starting materials for obtaining pure 
molybdenum were described in [6,7]. Rectification of molybdenum dioxydichloride provides deep 
purification from heavy metals, tungsten included. The disadvantages of the technique are a fairly low 
productivity and hazards of handling chlorine and volatile halides. The best result in separation was 
achieved when oxyhalides were used, because the individuality of elements is most distinct in complex 
compounds, especially with mixed ligands. 

Liquid extraction with tributylphosphate in the HCl medium use is made of the same dioxydichloride only 
in the liquid phase [3]. The purification is due to the difference of impurity solubility in immiscible phases. 
We found that the purification effect is enhanced by suppressing the extraction of microelements with a 
macroelement. Liquid extraction provides deep purification from a number of impurities, including 
tungsten which is hard to remove. The method is highly productive and can be used on a commercial 
scale. However, tributylphosphate can contaminate molybdenum trioxide with carbon and phosphorus 
and removal of the extragent traces make the technique more complicated because of an additional 
sorbtion procedure.  

The technological schemes of preparation of high-purity molybdenum developed in this laboratory are 
given in Table 2. Molybdenum and tungsten obtained by the above procedures are superior to the home 
analogs in purity and are at the level of the best world samples.. Our investigations led us to develop a 
relatively simple technology for obtaining high-purity molybdenum and tungsten, which provides a 
required number of targets for microelectronics. 
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Table 2    Technological schemes of high-purity Mo preparation 

I. Zone sublimation of oxide compounds  (Patent RU, no. 735035) 

 

        zone                hydrogen           powder           vacuum zone  

MoO3          →            MoO3        →        Mo       →         Mo        →         Mo  single crystal 
        Sublimation         reduction            pressing                melting  
 
II. Extraction technology 

 
       HCl strong                     TBF              NH4OH                         Activated C resin U-29  
MoO3      →        MoO2Cl2 2H2O   →     MoO2Cl22TBF      →   MoO2Cl22TBF                  →           

                  solution       extraction                  reextraction              removal of organic  traces

 

evaporation  hydrogen 

          →            MoO3    →          Mo powder 
 annealing          reduction 
 
III. Application of volatile halide compounds 

(a) Iodide technology (Patent RU, no. 854045) 

                   
                          synthesis        hydrogen                   powder     vacuum zone 
Mo     →      MoI2      →      Mo powder    →     Mo     →      Mo single crystal 
                                 I2              reduction                   pressing      melting 
 
(b)  Oxy iodide technology (Patent RU, no.1047209) 

                      
                            synthesis          hydrogen       powder    vacuum zone 
Mo     →      MoO2I2      →      Mo     →     Mo     →      Mo single crystal 
                                MoO3 + I2          reduction      pressing      melting 
 
(c)  Oxy chloride technology  (Patent RU, no. 11751568; (Patent RU, no. 1487463 ) 
(1) 
                                synthesis              sublimation                hydrogen          
MoCl5       →       MoO2Cl2      →   MoO2Cl2             →        Mo  powder 
                                   MoO3 + Cl2                                                reduction      
     
(2) 
                    synthesis               filtration              condensation                hydrogen          
MoO2      →    MoO2Cl2    →   MoO2Cl2(vapor)   → MoO2Cl2(solid)   →   Mo  powder 
                             Cl2                     MoO3                                                      reduction          
 

         

Fractional recrystallization of ammonium paramolybdate was used to purity Mo and W from alkaline and 
some heavy metals. The procedure of molybdenum trioxide purification is described in [5]. The original 
procedure of step-by-step reduction of molybdenum and tungsten oxides with hydrogen in the presence 
of iodine allowed consecutive removal of impurity oxides, oxihalides and halides by distillation to obtain 
high-purity powders of tungsten and molybdenum. In the metal obtained after electron-beam melting of 
the powders, the major impurities were below the sensitivity of mass-spectral analysis (Table 3). 
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Table 3. Results of mass-spectral analysis of high-purity molybdenum sample.  

Impurity Content, at. %  Impurity Content, at. % 

Na <1.10-4 Sn <3.10-6 

K 1.10-5 Sb <1.10-5 
Cu <3.10-6 I <3.10-5 
Ca 2.10-5 Zr <1.10-5 
Mg 1.10-5 Ge 3.10-5 

Zn <3.10-6 Pd <3.10-5 
Al 2.10-5 Ta <1.10-5 
Si 3.10-5 Re <1.10-4 
Ti <3.10-5 Hg <3.10-5 
P <2.10-5 Bi <1.10-5 
As <1.10-5 Ag <1.10-5 
V <1.10-5 Rh <1.10-5 
S 2.10-4 Au <3.10-6 
Mn 3.10-5 Hf <1.10-6 
Fe 3.10-5 Ir <3.10-6 
C ≤3.10-2 Pb <3.10-6 
H ≤1.10-2 Li <1.10-6 
N ≤1.10-2 Pt <1.10-5 
O ≤5.10-3 Sr <1.10-6 
Cl <3.10-5 Ru <1.10-6 
Cr 3.10-5   
W 7.10-5   
Nb 1.10-5   
Co <1.10-6   
Ni <1.10-5   
Ga <1.10-6   
Cd <1.10-5   

 

 A technique consisting in consecutive procedures of annealing of tungsten trioxide in the oxygen medium, 
step-by-step reduction of the trioxide with hydrogen in the presence of iodine, and zone recrystallization 
of the metal in vacuum was proposed in [12, 13] to obtain high-purity tungsten. The purification effect is 
determined by the formation and removal of highly volatile oxides, oxyiodides, and iodides on all the steps 
of the process. The conditions of tungsten oxide annealing in the oxygen and the behavior of impurities 
during the process are detailed in [12]. After the annealing, tungsten trioxide was reduced with purified 
hydrogen in the iodine atmosphere, with the temperature gradually rising to 850oC. Under these 
conditions, reduction with hydrogen produces finely-dispersion tungsten powder. Pressing and zone 
recrystallization of the metal gives single crystals of tungsten where most impurities are below the limits 
of mass-spectral detection (Table 4). The crystals obtained are a perfect material for targets. 

The application of high-purity molybdenum and tungsten for the formation of theSchottky barrier on 
gallium arsenide increased the thermostability of barriers by 25% to give the ideality coefficient 1.06. The 
barriers were tested in the scientific-production company Integral, Minsk, Beloruss. 

Together with the technology for high-purity molybdenum and tungsten, we developed techniques for the 
preparation of thin films of these metals by chemical deposition from the gas phase, using volatile halide 
compounds. The method is compatable with the technology of modern IC formation. Thin films of 
molybdenum were fabricated by Mo deposition from the gas phase by the reduction of molybdenum 
pentachloride in a lower-pressure reactor [14]. Films of good quality with a low specific resistance were 



Symposium D  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

301 

obtained/ Thin films of tungsten were prepared by chemical deposition from the gas phase and the 
reduction of tungsten hexafluoride with a HF-activated hydrogen [15,16]. HF-activation decreased the 
deposition temperature. Thin films of tungsten were obtained, their specific resistance of 8.10-6 ohm.cm 
was close to that of a compacted material. 

 

Table 4.  Results of mass-spectral analysis of the high-purity tungsten . 

Impurity Content, at. % Impurity Content, at. % 

Na <2.10-6 Cr 7.10-6 

K <1.10-6 Mo <3.10-6 
Cu <6.10-7 F <3.10-6 
Ca 4.10-6 Co <3.10-7 
Mg <2.10-7 Ni <4.10-7 

Zn 3.10-6 Sr <2.10-7 
B 7.10-7 Y <2.10-7 
Al 6.10-6 Zr <1.10-5 
Si <7.10-6 Ru <9.10-7 
As <4.10-6 Cd <1.10-6 
Mn <2.10-7 Sb <9.10-7 
Fe 2.10-6 La <3.10-7 
C ≤3.10-2 Ce <3.10-7 
N ≤1.10-4 Te <4.10-6 
O ≤4.10-4 Pb <1.10-6 
Cl 6.10-6 Bi <5.10-7 
H -- Li <1.10-6 
Ti 6.10-7 Ag <7.10-7 
V <2.10-7 Sn <2.10-6 
Ga <6.10-6 Sm <1.10-6 
Ge <1.10-5 Eu <6.10-7 

Tl <9.10-6 Tb <3.10-7 

Sc <1.10-7 Ho <3.10-7 

Se <2.10-6 Er <1.10-6 

Br <1.10-6 Tm <4.10-7 

Rb <2.10-7 Yb <1.10-6 

Rh <3.10-7 Lu <4.10-7 

Pb <2.10-6 Hf <1.10-6 

Cs <2.10-7 Os <2.10-6 

Ba <3.10-7 Ir <1.10-6 
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MICROSTRUCTURE DEGRADATION OF NICKEL BASE SINGLE CRYSTAL SUPERALLOY CMSX-4 
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ABSTRACT 

The aim of the present work is to study the effect of microstructure degradation on mechanical properties 
of single crystal nickel base superalloy CMSX-4. Three types of microstructure degradation were observed 

in the studied alloy: (i) growth of cuboidal γ’ precipitates during isothermal ageing; (ii) spontaneous rafting 
formed preferentially within the dendrites during long-term ageing at high temperatures and (iii) rafting 
during creep exposure. It is shown that the microstructure degradation resulting from the growth and 
morphological changes of the γ’ precipitates affects mechanical properties of the alloy and represents 
a significant contribution to all degradation processes affecting performance and service life of critical gas 
turbine components. 

Keywords: superalloy CMSX-4, nickel, degration, optical microscopy (OM), scanning electron microscopy 
(SEM) and transmission electron microscopy (TEM). 

 

1. INTRODUCTION 

Single crystal nickel base superalloys are widely used in first-stage turbine blades because of their unusual 
ability to retain excellent combination of mechanical properties and corrosion resistance at high 
temperatures. A typical microstructure of single crystal superalloys usually contains L12-ordered γ’ 
(Ni3(Al,Ti)) precipitates coherently embedded in γ (Ni-based solid solution) matrix with face-centered cubic 
crystal structure [1-6]. The mechanical properties of these materials depend on the volume fraction, 
distribution, size and morphology of the γ’ precipitates. During service the initial microstructure of single 
crystal blades is subjected to degradation processes due to combined effect of temperature, mechanical 
stresses and environmental conditions. Three types of microstructure degradation can be observed in a 
single crystal superalloy: (i) growth of cuboidal γ’ precipitates during ageing [4]; (ii) spontaneous rafting 
formed preferentially within the dendrites during long-term ageing at high temperatures [7] and (iii) rafting 
during creep exposure [1-3]. The microstructure degradation resulting from the growth and morphological 
changes of the γ’ precipitates represents a significant contribution to all degradation processes affecting 
performance and service life of critical gas turbine components such as first-stage turbine blades. Hence, it 
is important to study the effect of microstructure degradation on mechanical properties of single crystal 
superalloys at temperatures and stresses corresponding to those of turbine components.  

The aim of the present work is to study microstructure degradation of nickel base single crystal superalloy 
CMSX-4 during ageing and creep exposure. In additions, the effect of microstructure degradation on 
mechanical properties is evaluated and discussed. The studied nickel base superalloy CMSX-4 is mainly used 
in manufacturing single crystal first-stage turbine blades for aircraft engines and stationary gas turbines for 
power engineering and such microstructure degradation processes affect significantly their service life. 

 

2. EXPERIMENTAL PROCEDURE 

Single crystal samples of CMSX-4 alloy with the chemical composition Ni-7.0Cr-9.0Co-0.6Mo-6.0W-7.0Ta-
3.0Re-5.6Al-1.0Ti-0.1Hf (wt.%) were prepared by seeding using seeds with [001] crystallographic 
orientation. Both the seed and cylindrical rod were put into a high-purity (99.95%) alumina mould with a 
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diameter of 11/15 mm (inside/outside diameter) and directionally solidified (DS) in a modified Bridgman 
type apparatus described elsewhere [8]. All samples were directionally solidified at a constant growth rate 
of V = 2.78x10-5 ms-1 and constant temperature gradient in liquid at the solid-liquid interface of GL = 8x103 
Km-1 under argon atmosphere.  After directional solidification the single crystal samples were subjected to 
heat treatments consisting of solution annealing at 1315 °C for 6 or 120 h, fast gas cooling to room 
temperature and precipitation ageing. Two types of precipitation ageing were used: (i) two steps ageing at 
1140 °C for 6 h followed by the second ageing at 870 °C for 20 h and (ii) single step ageing at 950 °C for 
various time ranging from 100 to 2000 h to prepare the samples with various size of cuboidal γ’ 
precipitates. Microstructure stability of the samples was studied by long-term ageing at temperatures 
ranging from 850 to 1000 °C and various time ranging from 100 to 5000 h. The microstructure degradation 
during creep was studied at a temperature of 950 °C, applied stresses of 60, 90, 120 and 150 MPa for 
various time up to 2000 h using cylindrical creep specimens with multiple gauge sections. In addition, creep 
degradation tests were performed at 950 °C, applied stress of 230 MPa for 300 h to study the effect of 
microstructure degradation on mechanical properties. The creep deformation was measured by high-
temperature extensometers attached to the ridges of creep specimens. The tensile axis of creep specimens 
was parallel or nearly parallel (maximal deviation of 3°) to [001] crystallographic direction. Vickers hardness 
measurements were performed at an applied load of 298 N on cylindrical specimens with a diameter of 11 
mm and a length of 5 mm. Cylindrical tensile specimens with a gauge diameter of 5 mm and a gauge length 
of 25 mm were prepared by lathe-machining and grinding. The longitudinal axis of the tensile specimens 
was parallel to [001] crystallographic direction. Tensile tests were conducted at temperatures ranging from 
room temperature (RT) to 950 °C at an initial strain rate of 1x10-4 s-1. The offset tensile yield strength was 
measured at 0.2% plastic strain and ductility was evaluated from the total plastic elongation to fracture. 
Crystallographic orientation of each single crystal was determined by a Laue diffraction method. 
Microstructural analysis was performed by light optical microscopy (OM), scanning electron microscopy 
(SEM) and transmission electron microscopy (TEM). OM and SEM samples were prepared using standard 
metallographic techniques and etched in a reagent of 12.5 ml alcohol, 12.5 ml HNO3 and 13.5 ml HCl. TEM 
samples (thin carbon replicas) were prepared by deposition of thin carbon layer on etched surface, which 
was then removed from the surface by electrolytic etching in a solution of 9.4 ml H3PO4, 37.5 ml H2SO4 and 
35.6 ml HNO3 at a voltage of 7 V. Quantitative metallography was performed on digitalized micrographs 
using a computerized image analyser. Five basic microstructural parameters were evaluated in the 
specimens: (i) size of cuboidal γ’ precipitates, (ii) volume fraction of γ’ precipitates, (iii) width of γ channels, 
(iv) width of γ’ rafts and (v) length of γ’ rafts on longitudinal sections of creep specimens. All measured 
values were evaluated statistically using appropriate distribution functions. 

 

3. RESULTS AND DISCUSSION 

3.1.  Coarsening of cuboidal γ’ precipitates  

Fig. 1 shows an initial microstructure of the alloy which was subjected to solution annealing for 6 h and two 
steps precipitation hardening  before ageing. Nearly square sections of the γ’ precipitates on (001) 
crystallographic plane as well as similar nearly square sections on (010) and (100) crystallographic planes 
confirmed their cuboidal morphology. Volume fraction Vp of the γ’ precipitates was measured to be 
(69 ± 1) vol.% and remained constant within the experimental error of measurements during ageing. 
Statistical analysis of measured size of cuboidal γ’ precipitates defined as their edge length showed log-
normal distribution. Mean size of the γ’ precipitates in the samples before ageing was measured to be a0 = 
314 nm. Fig. 2 shows dependence of mean size of the γ’ precipitates on ageing time. The mean size 
increases with increasing ageing time and temperature. Detail analysis of the growth of cuboidal γ’ 
precipitates reported recently by Lapin et al. [4] showed that their coarsening kinetics follows a cube rate 
law and is controlled by volume diffusion of alloying elements in the γ matrix with activation energy for 
coarsening of 272.4 kJ/mol. Fig. 3 shows dependence of normalized mean size of cuboidal γ’ precipitates a 
on ageing time. In this figure, region of stability of cuboidal γ’ precipitates and region of formation of 
spontaneously rafted microstructure are marked by a bold line. Fig. 4 shows dependence of Vickers 
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hardness HV on normalized volume fraction Vp and mean size a of the cuboidal γ’ precipitates in the 
samples which were solution annealed for 6 h and precipitation aged at 950 °C. Vickers hardness increases 
with increasing volume fraction from 0.62 to 0.71 and decreasing mean size from 523 to 147 nm of the γ’ 
precipitates according to relationship in the form 

p43.38 4.3 10
V

HV x
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−= +          (1) 
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Fig. 1. SEM showing the typical cuboidal     
morphology of γ’ precipitates 
embedded in the γ matrix before 
ageing.  

Fig. 2. Dependence of mean size of cuboidal γ’ 
precipitates on ageing time at five ageing 
temperatures.  

Ageing time (h)

0 1000 2000 3000 4000 5000 6000

a3  -
 a

o3  (
20

-2
0  m

3 )

0

5

10

15

20

25
850 °C

1000 °C

900 °C

950 °C
925 °C

Cuboidal precipitates

Spontaneous rafts

   
(Vp/a)0.5 (m-0.5)

900 1200 1500 1800 2100 2400

V
ic

ke
rs

 h
ar

dn
es

s 
(G

P
a)

3.8

3.9

4.0

4.1

4.2

4.3

4.4

 

Fig. 3. Dependence of normalized size of 
cuboidal γ’ precipitates on ageing time. 
Ageing temperatures are indicated in 
the figure. 

Fig. 4. Dependence of Vickers hardness on 
normalized volume fraction and size of 
cuboidal γ’ precipitates. 

The correlation coefficient of this fit is r2 = 0.99. Fig. 5 shows dependence of 0.2% offset yield strength (YS), 
ultimate tensile strength (UTS) and plastic elongation to fracture on normalized volume fraction and size of 
the cuboidal γ’ precipitates. YS increases with increasing volume fraction and decreasing size of the γ’ 
precipitates. On the other hand, no clear dependence of UTS and elongation on normalized volume fraction 
and size of the γ’ precipitates can be defined. The reason of selecting normalized volume fraction and size 
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in the form shown in Eq. (1) results from the fact that the studied CMSX-4 superalloy behaves as the typical 
overaged material strengthened by ordered precipitates. As showed by Ardell [9] the overaged alloys are 
characterized by a continuous decrease of the YS with increasing size and decreasing volume fraction of the 
γ’ precipitates. Fig. 6 shows a linear dependence of 0.2% offset tensile yield strength YS measured at 950 °C 
on room temperature Vickers hardness HV. Using linear regression analysis yields an equation in the form  

YS 607.4 346.7HV= − +          (2) 
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Fig. 5. Dependence of yield strength (YS), 
ultimate tensile strength (UTS) and 
elongation on normalized volume 
fraction and size of γ’ precipitates at 
950 °C. 

Fig. 6. Dependence of tensile yield strength 
measured at 950 °C on room 
temperature Vickers hardness. 

        

Fig. 7. Development of spontaneously rafted microstructure during ageing at 1000 °C for 2000 h of a 
sample subjected to solution annealing for 6 h: (a) OM micrograph showing spontaneous rafts 
within the dendrites; (b) SEM micrograph showing details of spontaneous rafts.  

The correlation coefficient of this fit is r2 = 0.97. Eq. (2) can be considered as a simple tool to estimate high 
temperature yield strength from simple RT measurements of Vickers hardness. 

 

3.2.  Spontaneous rafting of γ’ precipitates 

Fig. 3 indicates morphological instabilities of cuboidal γ’ precipitates during long-term ageing experiments 
leading to formation of spontaneously rafted microstructure. Fig. 7 shows development of spontaneously 
rafted microstructure during ageing at 1000 °C of the samples subjected to 6 h solution annealing. Such 
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spontaneously rafted microstructure develops in all <001> crystallographic directions. As shown by Gebura 
and Lapin [7] the spontaneous rafts are formed preferentially within the dendrites while cuboidal γ’ 
precipitates are preserved in the interdendritic region for relatively long time. The development of 
spontaneous rafts can be attributed to local chemical heterogeneity between the dendrites and the 
interdendritic region resulting from microsegregation of alloying elements during directional solidification 
nd to internal stresses present in the material. In order to minimize the effect of chemical heterogeneity 
affecting the lattice misfit between γ’ precipitates and γ matrix within the samples, the solution annealing 
time was increased to 120 h. Fig. 8 shows that longer solution annealing at 1315 °C for 120 h leads to 
development of homogenously distributed spontaneous rafts within the material. Hence, it is clear that 
such heat treatments cannot avoid problems with morphological instabilities of cuboidal γ’ precipitates 
leading to spontaneous rafting. Fig. 9 shows temperature dependence of 0.2% offset yield strength (YS), 
ultimate tensile strength (UTS) and plastic elongation to fracture for both types of tensile specimens 
solution annealed at 1315 °C for 6 and 120 h and finally aged at 1000 °C for 2000 h. The specimens 
annealed for 6 h show improved YS and UTS when compared to those of specimens solution annealed for 
120 h at all studied temperatures.  
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Fig. 8. OM micrograph showing homoge-nous 
distribution of spontaneously rafted 
microstructure after ageing at 1000 °C 
for 2000 h in a sample subjected to 
solution annealing for 120 h. 

Fig. 9. Temperature dependence of yield 
strength (YS), ultimate tensile strength 
(UTS) and elongation to fracture of the 
specimens with spontaneously rafted 
microstructure. 

3.3.  Creep rafting of γ’ precipitates 

During creep at 950 °C and applied stresses ranging from 60 to 150 MPa directional coarsening (rafting) of 
cuboidal γ’ precipitates was observed. The well developed γ’ rafts separated by γ channels are oriented 
nearly perpendicularly to the loading direction which was parallel to [001] crystallographic direction of the 
creep specimens, as seen in Fig. 10. Nabarro et al. [10] showed that the driving force for development and 
orientation of γ’ rafts is the lattice misfit, elastic mismatch between the γ’ precipitates and γ matrix and 
applied external stresses. Three microstructural parameters were measured for the rafted microstructure: 
(i) width of γ’ rafts, (ii) length of γ’ rafts and (iii) width of γ channels. Fig. 11 shows dependence of width of 
γ’ rafts on creep time at four applied stresses. It should be noted that measured values of the width of the 
γ’ rafts in specimens tested at 60 and 90 MPa for 100 h are affected by a transient type of microstructure 
between cuboidal and rafted one. For the degraded microstructure with well developed rafts, the width of 
γ’ rafts decrease and their length increase with increasing applied stress. Fig. 12 shows dependence of 
width of γ channels on creep time at four applied stresses. The γ channel widening is an important process 
because it affects the dislocation mobility in the γ channels which is one key element of the overall creep 
process in single crystal superalloys. As shown by Kamaraj et. al. [11], the γ channel widening is controlled 
by a multi-atom diffusion process through the γ channels and multiaxial loading by the normal stress 
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components perpendicular to the γ/γ’-interfaces during creep. As reported by Serin et al. [1], the γ channel 
widening rates increase with increasing stress level which is in agreement with the experimental results of 
the present work.  

Fig. 13 shows temperature dependence of 0.2% offset YS, UTS and plastic elongation for the specimens 
with cuboidal and rafted microstructure. While 0.2% offset YS and UTS are lower, plastic elongation to 
fracture is higher in creep degraded specimens than those measured in the specimens with cuboidal 
microstructure. Nazmy et al. [12] attributed change of mechanical properties to topological inversion of 
microstructure caused by the rafting process, e.g. γ’ phase becomes the matrix with embedded particles of 
the γ phase. Such microstructure inversion can lead to a severe room temperature embrittlement of nickel 
base superalloys exposed to air humidity. 

          Time (h)

0 500 1000 1500 2000

W
id

th
 o

f γ
' r

af
ts

 (
nm

)

240

260

280

300

320

340

360

380

400

420
60MPa
90MPa
120MPa
150MPa

 

Fig. 10. SEM micrograph showing rafted 
microstructure after creep 
degradation at 950 °C, applied 
stress of 150 MPa for 2000 h. 

Fig. 11. Dependence of width of γ’ rafts on creep 
time. The applied stresses are indicated in 
the figure. 
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Fig. 12. Dependence of width of γ channels on 
creep time. The applied stresses are 
indicated in the figure. 

Fig. 13. Dependence of YS, UTS and elongation 
on temperature for the specimens with 
cuboidal and rafted microstructure. 

4. CONCLUSIONS 

The investigation of microstructure degradation of nickel base single crystal superalloy CMSX-4 suggests 
following conclusions: 

1. The γ’ precipitates preserve their cuboidal morphology during ageing at a temperature of 850 °C up 
to 6000 h and at 1000 °C up to 500 h. Longer ageing time leads to directional coarsening of the 
precipitates and formation of spontaneously rafted microstructure. Both the Vickers hardness HV 
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and YS linearly decrease with decreasing normalized volume fraction and increasing normalized 
mean size of the γ’ precipitates. A linear relationship between the YS and HV is determined which 
allows high-temperature yield strength to be predicted from simple Vickers hardness measurements 
at room temperature.  

2. Short solution annealing time leads to a preferential formation of spontaneous γ’ rafts within the 
dendrites while cuboidal γ’ precipitates are preserved within the interdendritic region. Longer 
solution annealing time leads to development of more homogenous spontaneously rafted 
microstructure during ageing. Critical parameters, e.g. ageing temperature and time for 
morphological stability of cuboidal γ’ precipitates and formation of spontaneously rafted 
microstructure were determined. Formation of spontaneously rafted microstructure affects tensile 
properties at room and high temperatures. Longer solution annealing time results in a decrease of 
YS, UTS and elongation when compared to those of specimens solution annealed for shorter time.  

3. Creep exposure leads to a directional coarsening (rafting) of cuboidal γ’ precipitates. The width of γ’ 
rafts decreases and widths of γ channels and length of γ’ rafts increase with increasing applied stress 
and creep time. YS and UTS of creep degraded specimens decrease and elongation increase when 
compared to those of non-degraded specimens with cuboidal γ’ precipitates. 
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Abstract 

The effect of multiaxial stress conditions caused by a notch effect on microstructure degradation of single 
crystal nickel base superalloy CMSX-4 was studied during creep at a temperature of 950 °C, constant 
nominal stress of 120 MPa for 500 and 1000 h. Flat specimens with “U-type” of notch for tensile creep 
experiments were designed by elastic finite element method (FEM) calculations. FEM elastic-plastic analysis 
was performed to simulate creep of the notched specimens. Material creep behaviour was integrated into 
FEM calculations by user-defined subroutine using equations derived from experimentally measured data 
for cylindrical creep specimens tested at various constant nominal stresses. Stress relaxation during creep 
was taken into account during these calculations. Magnitude, distribution and orientation of stresses 
resulting from the specimen loading were calculated and their effect on microstructure degradation was 
described. Microstructure analysis of the crept specimens showed that notches affect significantly 
degradation processes of the studied superalloy. It is shown that the morphology of the γ’ precipitates 
within the notch affected regions depends on the magnitudes and orientation of calculated stresses. 

Keywords: Nickel base superalloy, microstructure degradation, multiaxial stress state, creep, rafting 

 

1.  INTRODUCTION 

Nickel base superalloys are widely used in aircraft and power engineering due to their excellent properties 
at high temperatures such as creep and oxidation resistance. A typical microstructure of these alloys usually 
contains L12-ordered γ’ (Ni3(Al, Ti)) precipitates coherently embedded in γ (Ni base solid solution with face-
centered cubic crystal structure) matrix. The mechanical properties of nickel base superalloys depend on 
the volume fraction, distribution, size and morphology of γ’ precipitates. At high temperatures, initial 
cuboidal γ/γ’ microstructure undergoes first the process of Ostwald ripening [1, 2] and secondly the process 
of formation of spontaneous rafts [3]. When external stress is applied in a direction parallel to [001] 
crystallographic direction, the cuboidal γ’ precipitates undergo directional coarsening (rafting) with the 
rafts oriented in a direction perpendicular to the loading axis. Formation of creep rafts has been intensively 
studied and relatively well described by many authors [4-6].  

The first stage blades for industrial gas turbines or aircraft engines are often cooled with internal channels 
that act as notches during their service. However, there is lack of available data about the effect of 
multiaxial stress conditions caused by such notches on microstructure degradation of single crystal nickel 
base superalloys [7].  

The aim of the present work is to study the effect of multiaxial stress conditions caused by a notch on 
microstructure degradation changes of single crystal nickel base superalloy CMSX-4. The CMSX-4 is a cast 
nickel base superalloy, which is mainly used in manufacturing single crystal high-pressure turbine blades for 
aircraft engines and stationary gas turbines for power engineering. 
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2.  EXPERIMENTAL PROCEDURES 

The alloy CMSX-4 with the chemical composition Ni-7.0Cr-9.0Co-0.6Mo-6.0W-7.0Ta-3.0Re-5.6Al-1.0Ti-0.1Hf 
(wt.%) was provided by ALSTOM Ltd. in the form of cylindrical heat treated single crystal bars with a 
diameter of 20 mm and a length of 190 mm. The bars were cut to smaller pieces using spark machining and 
then grinded to rectangular cuboids with dimensions of 6x15x80 mm. Elastic finite element method (FEM) 
calculations were performed to design geometry of a flat creep specimen for the study of the effect of 
multiaxial stress conditions on microstructure degradation of single crystal nickel base superalloys during 
creep. Geometry of a flat creep specimen was designed with “U-type” of notch characterized by radius of 
1.5 mm. Threaded heads of the creep specimens were lathe machined and final geometry and defined 
dimensions were achieved by precise grinding. Fig. 1a shows a notched CMSX-4 specimen before creep 
testing. Assuming service conditions of sin-gle crystal turbine blades, creep expe-riments were performed 
at a temperature of 950 °C, a constant nominal tensile 
stress of 120 MPa for 500 and 1000 h. In order to 
minimize surface oxidation, a special appa-ratus enabling 
creep under flow of a protect-tive atmosphere (Ar or He) 
was constructed. Fig. 1b shows the arrangement of the 
appa-ratus schematically. 

Microstructural analysis was perfor-med by light optical 
microscopy (OM) and scanning electron microscopy 
(SEM). Samples for OM and SEM were prepared using 
standard metallographic techniques and etched in a 
reagent of 12.5 ml alcohol, 12.5 ml HNO3 and 13.5 ml HCl. 

In order to simulate creep within the notched specimens, 
FEM elastic-plastic analysis was performed. Magnitude, 
distribution and orientation of stresses resulting from the 
specimen loading were calculated using mesh with 3D 20-
node quadratic elements. Creep behaviour of CMSX-4, 
necessary for FEM simulation, was integrated by user-
defined subroutine using equation based on 
experimentally measured creep data of cylindrical 
specimens without notch tested at constant nominal 
stresses of 90, 120 and 150 MPa [8]. Stress relaxation 
during creep was taken into account for FEM 
calculations. 

 

3.  RESULTS AND DISCUSSION 

Microstructure within the creep specimen at the start of 
the experiment is shown in Fig. 2. From the 
metallographic analysis it is clear that microstructure 
after the heat treatments consists of cuboidal shaped γ’ 
precipitates embedded in γ matrix. 

Mean precipitate size and average volume fraction of γ’ 
precipitates was measured to be 310 ± 6 nm and 69.5 ± 1 
vol.%, respectively. This is in agreement with previous 
measurements made by Lapin et al. [1]. 

Using SEM, three different regions of γ/γ’ microstructure in the vicinity of notch after 1000 h of creep at 
constant nominal stress of 120 MPa at 950 °C were found: (i) region with only cuboidal γ’ precipitates 
(region A), (ii) region with non-uniformly rafted γ’ precipitates (region B) and (iii) region with uniformly 

Fig. 1.  
(a) Creep specimens with “U-type” of 
notch. (b) Apparatus for creep testing 
under protective atmosphere: 1-protective 
atmosphere inlet, 2-protec-tive 
atmosphere outlet, 3-thermocouple 
connection wire, 4-upper pulling rod, 5-
upper sealing flange, 6-resistance furnace, 
7-upper jaw, 8-ceramic tube, 9- 
thermocouple, 10-creep specimen, 11-
lower jaw, 12-glass tube, 13-lower pulling 
rod, 14-lower sealing flange; Bold arrows 
show the direction of loading.  
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rafted γ’ (region C). Figs. 3a and 3b show microstructures related to region with non-uniformly and 
uniformly rafted γ’ precipitates, respectively.  

In order to simulate the effect of creep on geometry of flat 
specimens, elastic-plastic FEM analysis was performed. Based 
on time-strain creep deformation curves measured 
independently on cylindrical specimens without any notches 
at constant external nominal stresses σext of 90, 120 and 150 
MPa, creep equation specifying time dependency of strain for 
a wide range of stresses was determined and consequently 
used for creep user-soubroutine preprogramming. Please 
note that negligible amount of strain was assigned to the 
lowest possible stress of 1 MPa within the loaded specimen 
(based on the FEM elastic analysis) to preclude negative 
values of strain for low stresses. General form of this fourth 
grade polynomial equation is as follows:  

2 3 0.5

calc
a bt ct dt etε = + + + +       (1) 

where εcalc represents calculated strain, t is time and a, b, c, d 

and e represent numerical constants, whereas these are all functions of σext. 

 

Fig. 3. Degraded microstructure within: (a) region B and (b) region C. 

 

After derivation of Eq. (1), one can get formula for the calculated strain rate calc
ε& : 

0.5
2

2

r
calc r r r

e t
b c t d tε

−

= + + +&   (2) 

where br, cr, dr and er represent numerical constants. Eq. (1) makes it possible to calculate creep strains at a 
temperature of 950 °C and maximal external nominal stress of 200 MPa applied for up to 2000 h relatively 
accurately. Fig. 4 shows comparison between the experimentally measured (symbols) and calculated values 
(dashed lines) of strain for constant nominal external stresses of 90, 120 and 150 MPa during creep at 950 
°C for 2000 h. Verification of Eq. (1) was done by plotting strain versus strain rate of calculated values (using 
Eq. (2)) against those experimentally measured. It is clear that both, time-strain and strain-strain rate 
behaviors based on Eqs. (1) and (2) are in very good agreement with those measured experimentally. 

Fig. 2.  
Initial microstructure of CMSX-4 
superalloy. 
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Fig. 4.Comparison between the experimentally measured (symbols) and calculated values (dashed lines) for 
constant nominal external stresses of 90, 120 and 150 MPa during creep at 950 °C for 2000 h: (a) 
dependence strain on time and (b) dependence of strain rate on strain. 

 

Fig. 5 shows the sketch of “U-type” of notch with dashed line representing the path for further examination 
of stress state and related microstructure, with initial and final point I and II, respectively. According to the 
Cartesian coordinate system applied for the creep specimen, this path lies at xy-plane close to the surface, 
where the biggest effect of stress state on microstructure degradation is expected. Please note that x-axis 
represents [001] crystallographic direction and also loading axis during creep of the specimen. xy-plane is 
equal to crystallographic plane which normal vector is perpendicular to the [001] crystallographic direction. 
After applying external load σext, stress state at every point of examined path can be characterized by three 
normal stresses σx, σy, σz, and six shear stresses τxy, τxz, τyx, τyz, τzx, τzy or only by three principal stresses σ1, 
σ2, σ3, whereas the principal stress directions are the unit vectors of the coordinate system in the case 
where no shear stress component is present. 

In order to define distribution of stresses within the creep notched specimen just after loading, FEM elastic 
analysis was performed and Von Mises stresses σVM defined as 

2 2 2

1 2 3 1 2 2 3 3 1VM
σ σ σ σ σ σ σ σ σ σ= + + − − −   (3) 

were calculated. Distribution of σVM in the vicinity of the notch at the start of the experiment resulting from 
the external load at 950 °C is shown in Fig. 6. It is clear that the highest values of σVM are located close to 
the surface at the center of notch (maximal value of σVM = 176 MPa is located at the surface). On the other 
hand, the lowest values of σVM are typical for the ends of notch.  

 

 

Fig. 5.  

Sketch of “U-type” of notch with 
dashed line representing the path 
for further examination of stress 
distribution and microstructure.  



Symposium E  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

315 

As mentioned before, one of the possibilities to define stress state is 
to define three principal stresses σ1, σ2, σ3, whereas following can be 
considered for a given point in space: 

( )

( )

( )

max 1 2 3

min 1 2 3

mid 1 2 3 max min

, ,

, ,

σ σ σ σ

σ σ σ σ

σ σ σ σ σ σ

=

=

= + + − −

max

min  

where σmax represents the highest tensile stress, σmin the highest 
compressive stress (if there is no compressive stress, it represents 
the lowest value of tensile stress) and σmid is so called stress 
intensity. 

Fig. 8 shows the evolution of calculated stresses σmax, σmin and σmid 
along the length l of examined path from an initial point I to a final 
point II placed at the edge and center of the notch, respectively, 
after 1000 h of creep. This figure also shows the behaviour of angle 

φ that represents an angle between direction of calculated σmax and main x-axis clockwise in xy-plane. 
Diagram in this figure is divided into earlier mentioned regions A, B and C according to the morphology of 
γ/γ’ microstructure observed along the examined path. 
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Fig. 8. Evolution of calculated principal stresses σmax, σmin, σmid and angle φ with the examined path from an 
initial point I to a final point II after 1000 h of creep. 

 

After 1000 h of creep, there is no significant degradation of cuboidal γ/γ’ microstructure within the region 
A. This region lies in the vicinity of examined path up to 0.68 mm from the point I. Based on microstructural 
analysis and taking into account calculated values of σmax, σmin, σmid and φ, one can say that even after 1000 
h of creep at 950 °C, the magnitude of maximal principal stress of about 60 MPa is not enough to degrade 
microstructure into rafted one. Microstructure remains cuboidal and coarsening known also as Ostwald 
ripening of the γ’ precipitates takes place predominantly. This is in agreement with earlier quantitative 
measurements made by Lapin et al. [9] performed on cylindrical creep specimens with multiple gauge 
sections at four constant nominal external stresses of 60, 90, 120 and 150 MPa at a temperature of 950 °C. 

Before analyzing region B, region C will be discussed because of less complicated stress state in comparison 
to region B. After 1000 h of creep, fully rafted γ/γ’ microstructure was observed within this region, whereas 
predominant orientation of γ’ rafts was find to be perpendicular to an external loading axis. This is shown in 
Fig. 9 that represents stress state at the point II (σmax = 107 MPa, σmid = 10 MPa, σmin = -2 MPa, φ = 0°, l = 3 
mm) and related γ’ rafts. At this point, formation of the rafts is affected primarily by σmax, whereas the 

Fig. 6. Distribution of Von Mises 
stresses in the vicinity of notch 
before creep.  
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magnitudes of σmid and σmin are negligible in comparison to magnitudes of σmax. Within this region, there is 
no significant change in magnitudes of principal stresses. The only change that can affect evolution of 
directional coarsening of the γ’ phase is therefore the change of angle φ, which continuously increases from 
the point II to the end of region C from φ = 0 to about φ = 50°. Accordingly to known fundamentals of 
rafting process [4], directional coarsening of the γ’ phase occurs in a direction perpendicular to the applied 
load in superalloys with negative misfit values (the case of the studied CMSX-4). However, this agrees only 
for close vicinity of the point II at examined path through investigated notch. Even orientation of σmax with 
φ = 50° is insufficient for the change of predominant orientation of general axis of rafts within region C. 

 

Fig. 9. Stress state at the point II of the examined path: (a) Main Cartesian coordinate system with direction 
of external load σext. (b) Elementary stress state cube representing the effect of principal stresses 
σmax, σmin and σmid on orientation of γ’ phase after 1000 h of creep. Filled plane in elementary stress 

state cube represents plane parallel to 
xy-plane. 

Fig. 10 shows stress state at point X 
(σmax = 72 MPa, σmid = 1 MPa, σmin = -16 
MPa, φ = 50°, l = 1.1 mm) placed 
within the region B and related to 
coarsened γ’ phase. At this point, for-
mation of rafts is affected primarily by 
σmax which has the highest magnitude 
from all principal stresses, but there is 
also a contribution from σmin that 
cannot be neglected. Moreover, σmin 
has compressive character and hence a 
tendency to orientate directional coar-

sening of γ’ phase parallel to the 
direction of σmin. This kind of stress 
state second-ded by high angular 
dimension of φ results in γ’ rafts with 
several protrusions in directions 
parallel and perpendicular to the 
external loading axis. In contrast to 

region C, high angular dimension of φ plays a role in general orientation of the γ’ raft which is possible to 
define by an angle α. It represents the angle between the general axis of γ’ raft in xy-plane and main y-axis. 
As can be seen from the sketch in Fig. 12, α takes value of about 40° at the point X. 

 

Fig. 10. Stress state at point X of the examined path. a) Main 
Cartesian coordinate system with direction of external load σext. 
b) Elementary stress state cube representing the effect of 
principal stresses σmax, σmin and σmid on orientation of γ’ phase 
after 1000 h of creep. Filled plane in elementary stress state 
cube represents plane parallel to xy-plane. 
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4.  CONCLUSIONS 

The investigation of the effect of multiaxial stress conditions caused by a notch effect on microstructure 
degradation of nickel base single crystal superalloy CMSX-4 during creep at 950 °C for 500 and 1000 h 
under an applied stress of 120 MPa suggests following conclusions: 

1. There is no evidence of directional coarsening of the cuboidal γ/γ’ microstructure within the region 
affected by maximal principal stress values up to 60 MPa, even if there is a high magnitude of φ. 
Microstructure remains cuboidal, whereas the process of coarsening of the cuboidal γ’ precipitates 
known as Ostwald ripening takes place within this region predominantly. 

2. Fully rafted γ/γ’ microstructure with the rafts oriented perpendicularly to the [001] crystallographic 
direction were observed within the region affected primarily by σmax, where σmid and σmin have 
negligible magnitudes. Even at σmax with high angular magnitude of φ, the main axis of directionally 
coarsened γ’ phase remains perpendicular to the [001] crystallographic direction, what is in contrast 
to the known theories of rafting. 

3. Non-uniform directional coarsening of the γ’ phase was observed within the region, where beside the 
effect of σmax, the effect of non-negligible σmin with compressive character should be also taken into 
account. This kind of stress state seconded by high magnitude of φ results in a directional coarsening 
of the γ’ phase with several protrusions in directions parallel and perpendicular to the [001] 
crystallographic direction. Moreover, in contrast to the region where only σmax was affecting 
degradation of microstructure, high values of φ affects orientation of the γ’ rafts.  
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ABSTRACT 

IN 792-5A, a variant within the IN 792 alloy series, is a high-temperature cast nickel alloy strengthened by 
the presence of precipitates of the ’ phase and carbides. This alloy is currently used, for instance, as the 
material of cast blades for jet engines. The companies UJP PRAHA a.s and PBS Velká Bíteš a.s. have joined 
their research capacities in a project aimed to identify the properties of the alloy with focus on its heat 
treatment. Within the project, creep tests of the IN792-5A alloy as cast and following three-step heat 
treatment were performed in cooperation with the Institute of Physics of Materials, Academy of Sciences 
of the Czech Republic. Such heat treatment was found to extend appreciably the alloy’s creep life. In the as-
cast state the alloy fails to meet the requirements for its lifetime. The present contribution discusses the 
causes of the differences in the creep behaviour of the IN792-5A alloy between the two structure states. 
The structure of the alloy and the crack formation and propagation were investigated on sections 
perpendicular to the fracture plane. The fracture planes were also analysed. 

Keywords: Ni superalloys, investment castings, creep properties, microstructure 

 

1. Introduction 

Cooperation between the companies UJP PRAHA a.s and PBS Velká Bíteš a.s. in the study of mechanical 
properties of nickel alloys has a long tradition. The IN792-5A alloy was included in the research programme 
as early as 2003. Extensive investigation was performed into the variants of heat treatment and long-term 
stability of the material’s microstructure. Mechanical properties of the alloy in its various structure states 
were also examined. No substantial differences in the short-time mechanical properties were observed 
between alloy samples in the as-cast state and in the state following heat treatment [1]. Therefore, creep 
tests were performed by the Institute of Physics of Materials, Academy of Sciences of the Czech Republic, 
with focus on differences in the high-temperature creep resistance of the IN792-5A alloy in the as-cast 
state and following heat treatment. In this context, the feasibility of omitting the heat treatment step from 
the alloy treatment process was considered. 

Test specimens for the creep tests were supplied by PBS Velká Bíteš. Metallographic sections for 
microstructure investigations and longitudinal sections through the fracture plane for examination of the 
relations between the deformation and disturbance process and the microstructure of the alloy were 
prepared from selected specimens damaged during the tests. The fracture planes were subjected to 
fractographic examination. 

 

2. Properties of the IN792-5A alloy 

The chemical composition of the IN792-5A alloy melt used is given in Table 1. 
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Table 1: Chemical composition (wt.%) of the IN792-5A alloy 

C Cr Mo Al Ti Fe W Co 

0.08 12.5 1.90 3.42 4.01 0.22 4.01 8.91 

Ta Zr Nb S Si P B Ni 
4.00 0.020 0.03 0.001 0.02 0.005 0.018 Bal. 

 

The alloy was examined in its as-cast (AC) state and following heat treatment (HT) consisting of the 
following regime: 

1120°C/2h/air + 1080°C/4h/air + 845°C/24h/air 

Selected mechanical properties of the alloy are given in Table 2. 

 

Table 2: Mechanical properties of the IN792-5A alloy 

Structure state 
Testing 

temperature[°C] 
Rm 

[MPa] 
Rp0,2 
[MPa] 

A 
[%] 

Z 
[%] 

AC 20 1028.75 880.94 5.76 10.72 

HT 20 1045.48 949.80 3.49 10.03 

AC 750 1021.90 799.30 5.17 8.29 

HT 750 1052.70 891.20 9.87 16.07 

 

The differences in the mechanical properties between the structure states are not very pronounced: the as-
cast alloy samples exhibit a lower tensile yield strength Rp0,2, elongation A5, and contraction Z at 750°C. 

Light  microscopy (LM) photographs exhibit a regular casting structure of the dendritic cells, whose 
boundaries consist of coarse particles of carbides and the ’ primary phase (Figs 1 and 3). Casting defects 
were found in some points. Scanning electron microscopy (SEM) photographs display the morphology and 
distribution of the ’ phase precipitated inside the dendritic cells (Figs 2 and 4). The samples were etched 
electrolytically in an oxalic acid solution. 

Metallographic sections of the as-cast alloy display ’ phase particles possessing rectangular to irregular 
shapes with diameters in the order of tenths of a micrometre. The arrangement of the particles is irregular, 
the particles form small clusters. A better arrangement and uniformity of the ’ phase particles is found in 
the alloy following heat treatment. The dendritic cell boundaries are less clear-cut due to a partial decay of 
the coarse particles of the eutectic ’ phase. The particles exhibit a slightly rounded square-shaped cross 
section whose edge is approximately 0.5 to 1 μm long and constitute a nearly regularly arranged net with a 
quadrat network. Tiny particles of the secondary ’ phase can be observed among the particles mentioned. 

 

3. IN792-5A alloy creep tests 

In order to decide whether the heat treatment step can be omitted from the processing or not, creep tests 
to fracture at 850˚C were performed by the Institute of Physics of Materials, Academy of Sciences of the 
Czech Republic in Brno [2] on as-cast specimens and on specimens that had been subjected to heat 
treatment. Four test stress levels were used, viz. 300, 340, 360, and 400 MPa. Two specimens were tested 
at each stress level. The results are shown in Figs 5 and 6 below. 
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Fig. 1 Microstructure (LM) of the as-cast IN792- 
5A alloy 

Fig. 2 Microstructure (SEM) of the as-cast 
IN792-5A alloy 

 

Fig. 3 Microstructure (SEM) of the IN792-5A 
alloy following heat treatment 

Fig. 4 Detailed microstructure (SEM) of the 
IN792-5A alloy following heat treatment 
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Fig. 5  Dependence of the time to fracture (a) and stationary creep rate (b) on stress at 850°C for the IN792-
5A alloy in the as-cast state („bez TZ“) and following 3-step heat treatment („TZ“) [2] 
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Fig. 6 Creep curves of the IN792-5A alloy at 850°C for the lowest (300MPa) (a) and highest (400MPa) (b) 
stress levels. Alloy as cast („bez TZ“) and following heat treatment („TZ“). [2] 

The lifetime data for the IN792-5A alloy following heat treatment are in accordance with the data obtained 
for that structure state recently [3,4]. The results indicate, however, that the creep resistance at high 
temperatures is markedly poorer for the as-cast alloy than for the alloy after heat treatment. The time to 
fracture is 2 to 8 times shorter (in dependence on the stress level), as is the elongation to fracture (about 2-
fold) and contraction (about 2 to 3-fold). The stationary creep rate is comparable for the two classes of 
specimens. Also, elongation to fracture for a given structure state exhibits a low dispersion and is nearly 
constant over the stress range applied. The dispersion of the contraction data is larger and the data 
increase slightly with extending time to fracture (with decreasing stress). The deformation vs time curves 
display a rather sharp transition between the 2nd stationary creep phase and fracture. This is particularly 
apparent for the as-cast alloy. Also, the first creep stage is rather short, and specimens of the as-cast alloy 
are deformed to a lesser extent at that stage. 

The causes of the appreciable difference in the creep lifetime of the IN792-5A alloy between the as-cast 
state and the state after heat treatment will be discussed in the next part of this contribution. 

 

4. Analysis of IN792-5A alloy specimens damaged during the creep tests 

The damaged specimens were viewed first at a low magnification. The samples looked very similar, their 
surface was oxidized, contraction was low, the fracture plane was perpendicular to the direction of tension 
and exhibited dendritic structure patterns. The observed differences were not very marked: The edges of 
the specimens of the as-cast alloy were more jagged, the fracture was smoother and more perpendicular to 
the direction of tension. The specimens of the alloy subjected to heat treatment provided a wavier fracture 
plane, and cracks perpendicular to the direction of tension could be observed on the surface beneath the 
fracture plane even at a low magnification. 

 

4.1  Structural analysis 

Test specimens possessing the shortest and longest lifetimes, both of the as-cast alloy and the alloy 
subjected to heat treatment, were selected for the analysis. Metallographic sections in the specimen axis 
perpendicular to the fracture plane were prepared from them. 

The most marked effect observed on the longitudinal sections of the as-cast alloy specimens was the 
occurrence of cavities, presumably casting defects, which, however, were no sources of cracks. SEM 
photographs (larger magnification) displayed cracks parallel to the fracture line in the vicinity of the 
fracture. The cracks initiated and propagated as interdendritic fracture (Figs 7 and 8), especially along the 
boundaries of the eutectic ' phase. Cracks initiated on the boundaries of the carbide particles or directly 
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inside the coarse ' phase particles were also observed (Fig. 9). Thin needles that may be TCP phase 
particles [5] were also found near those coarse particles in the vicinity of the fracture. Since the needles 
were too thin for a point analysis of the chemical composition by the EDS method, linear analysis with 
multiple passage of the electron beam perpendicularly to the needle selected was performed. This analysis 
revealed that the phase was rich in chromium, suggesting [5] that the needles could consist of the TCP 
phase. No rafting formation was exhibited by the tiny ' phase particles inside the dendritic cells. 

As a dominant phenomenon, the sections of specimens subjected to heat treatment exhibited extensive 
cracks, also at large distances from the fracture plane (Fig. 11). A detailed observation revealed that most 
of the cracks were intergranular cracks (Fig. 12) rather than interdendritic cracks. This was also apparent at 
the fracture line. In some suitably oriented grains, ' phase particles inside dendritic cells displayed the 
formation of rafting. 

 

4.2  Fractographic analysis 

Fractographic analysis of the fracture planes in the SEM photographs supported the observations made on 
the longitudinal sections of the specimens (despite the occurrence of oxides on the fracture planes). The 
fracture planes of the as-cast specimens displayed many elongated particles (of carbides) as well as broader 
particles (coarse ' phase particles) which were cracked or decohesively separated (Fig. 13). They could also 
be observed on the bottom of the ductile dimples. 

  

Fig. 7: Section of the as-cast crept specimen, 
interdendritic fracture (LM) 

Fig. 8: Section of the as-cast specimen, fracture 
along the boundary of the /' eutectic (SEM) 

  

Fig. 9: Section through an as-cast specimen, 
fracture inside the /' eutectics (SEM) 

Fig. 10: Section through an as-cast specimen, 
fracture along the boundary of the /' 
eutectics, TCP phase (SEM) 
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Fig. 11: Section through a heat-treated  
specimen, intergranular fracture (LM) 

Fig. 12: Section of the heat-treated  specimen, 
intergranular fracture (LM) 

 

The fracture planes of the heat-treated specimens were more oxidized. Despite this, some phenomena 
could be observed. The fracture plane was less uniform, some secondary cracks, apparently intergranular 
ones (Fig. 14) were present. Traces of carbides were also found in some points. 

 

Fig. 13: Fracture of the as-cast specimen, 
interdendritic fracture (LM) 

Fig. 14: Fracture of the heat-treated  specimen, 
intergranular fracture (LM) 

 

5. Summary of results and discussion 

The observed creep lifetimes of the IN792-5A alloy at 850°C following heat treatment are in accordance 
with those found recently [3,4]. Such specimens exhibited intergranular fracture, which also agrees with 
recent findings [4]. 

The measurements performed show that the creep resistance of the as-cast IN792-5A alloy at 850°C is very 
low – markedly lower than that of the heat-treated alloy. Structural and fractographic analyses suggest that 
this low creep resistance is due to a heterogeneity of the structure of the cast alloy. Crack initiation and 
propagation are interdendritic by nature, hence, they are present at the boundaries where precipitated 
tantalum carbides and eutectic particles of the ' phase occur. The chemical heterogeneity of the structure 
is also manifested by the fact that the creep test is accompanied by precipitation of thin needles, 
presumably of the TCP phase, near the coarse particles of the eutectic ' phase. It should be stressed that 
the number of electron vacancies Nv, representing the tendency of nickel alloys to form the TCP phase, is 
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2.12, which is a safe level. The phases were never observed before during any detailed structural analysis. 
Hence, it is likely that the particles were formed in the heterogeneous segments of the structure, at the 
boundaries of the dendritic cells which are rich in chromium, stimulated by the tensile stress and high 
temperature during the test. 

The effect of the TCP phase on the creep behaviour of various modifications of the IN792 alloy obtained by 
directional solidification has been examined in ref. [5]. The TCP phase acts indirectly, viz. by depleting the  
matrix of elements reinforcing the solid solution, resulting in a higher rate of deformation. In this work the 
observed rate of deformation was identical for the two states of the alloy. Since the observed occurrence of 
the TCP phase in the structure near the fracture line and at a larger distance from it was rare, it is 
reasonable to assume that it will not affect appreciably the deformation or fracture during the high-
temperature creep resistance test. 

 

Conclusion 

Creep resistance tests were preformed on samples of the IN 792-5A alloy in the as-cast state and following 
heat treatment. The heat-treated alloy was found to satisfy requirements for its industrial uses. The as-cast 
IN 792-5A alloy exhibits a markedly lower creep resistance. This is due to a heterogeneity of the structure 
and chemical composition emerging during the casting process. 
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ABSTRACT 

The paper is oriented on investigation of influence of deformation behaviour of Ni3Al based alloy in 
dependence on chemical composition and conditions of preparation with focus on structure. Density of 
dislocations was determined in deformed and non-deformed condition of Ni3Al based material. The 
samples containing 22 at.% of aluminium and 25 at.% of aluminium were chosen for analysis. All the 
samples were used in directionally oriented state. Directional crystallisation was made with use of the 
Bridgman’s method with vertical arrangement. Castings were crystallised at various speeds ranging from 10 
mm/h to 108 mm/h with different temperature gradient. The samples were submitted to tensile tests, 
metallographic analysis. They were afterwards used for manufacture of thin foils for investigation by 
method of transmission electron microscopy. The targets were prepared with use of parts of the rods after 
the tensile test. The head of the tensile rod was always used as a non-deformed part of the sample and the 
body of the tensile rod at the area of fracture was used as a deformed part of the sample. The targets with 
thickness of 0.5 mm were cut from the appropriate part of the samples by a diamond disc saw. They were 
then used for manufacture of targets with diameter of 2.8 mm on a spark cutter. Thickness of these targets 
was further reduced by grinding to 0.15 mm. The foils for investigation were afterwards made from them 
electrolytically. A dependence on selected mechanical properties was established from the ascertained 
facts. Dependence of ductility on the ratio of dislocations density in deformed and non-deformed parts 
appears to be highly remarkable. 

Keywords: temperature, dependence, investigation, metallic material 

 

INTRODUCTION 

Inter-metallic phases can be generally considered as type of material, the properties of which are 
somewhere between metallic and ceramic materials.  High strength of inter-metallic materials is their 
inherent property. They have in connection to bonding parameters high values of Young’s modulus, low 
coefficient of auto-diffusion, which means also higher temperature stability of properties of inter-metallic 
materials. Moreover, it is possible to achieve in inter-metallic materials formed on the basis of “light” 
elements higher specific strength characteristics [1]. Drawback of inter-metallic materials consists in low 
level of their plastic properties, namely at low and intermediary temperature. Reasons for this degradation 
are similar as e.g. in the case of structural ceramics. 

The most frequently investigated inter-metallic material is Ni3Al, the melting point of which is reported in 
literature to be within the interval from 1362 to 1395°C [2, 3]. Its strength changes untypically with 
temperature, its yield value increases up to the temperature of 700°C, which corresponds approximately to 
60% of the value of the fusing point. Another favourable property of the inter-metallic material Ni3Al is its 
plasticity in mono-crystalline form. It can be deformable also in poly-crystalline form, if stoichiometry and 
content of admixtures are controlled [4]. 
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1. PREPARATION OF EXPERIMENTAL SAMPLES 

The samples that were prepared from foundry alloys and then re-melted by method of directional 
crystallisation were used for experimental purposes. The foundry alloys were prepared in the vacuum 
induction furnace LEYBOLD type IS3/1. Prior to melting itself the vacuum treatment was applied twice, 
namely under the value of 0.04 mbar with use of two-stage rotary and Roots’ pumps. Several basic samples 
were prepared by casting with various content of aluminium in the form of cylinders with length 95 mm 
and diameter 10 mm. The melting was performed in a corundum crucible and casting was made into 
graphite ingot-moulds.  

The castings were then directionally crystallised by Bridgman’s method with vertical arrangement. Melting 
of the sample 1-2 was made in the two-zone superkanthal resistance furnace Classic with automatic feed at 
the VŠB-TU Ostrava at the temperature of heating of 1435°C and with the temperature gradient of 
30°C/cm. The sample 3-5 was prepared in collaboration with the company Magneton in Vladimir (Russia) at 
the temperature of heating of 1550°C and with the temperature gradient of 80-100°C/cm. Inert argon 
atmosphere of the purity 4N6 was used at melting. The sample was placed into the corundum tube with 
closed bottom. 

 

1.1 Determination of dislocations density  

Density of dislocations was determined in original non-deformed state and then in the state after 
deformation of material at the working site of the Charles University in Prague (UK Praha), Department of 
materials physics. Deformation occurred during the tensile testing, when the applied strain rates were 
within the interval from 1.15 to 1.20·10-4 s -1. 

The targets were prepared from the parts of rod after the tensile test. The head of the tensile rod was 
always used as a non-deformed part of the sample, and the body of the tensile rod at the place of rupture 
was used as a deformed part of the sample. The targets with thickness of 0.5 mm were cut by a diamond 
saw from the samples. From them the targets with diameter 2.8 mm were prepared on a spark cutter and 
thickness of these targets was further reduced by grinding to 0.15 mm. The foils for investigation were then 
prepared from them electrolytically [5]. The tables 1 and 2 contain the obtained values of dislocations 
density in non-deformed and deformed state. 

 

Tab. 1 Density of dislocations in non-deformed parts of material  

Sample No. 1 2 3 4 5 
ρ N[1013 m-2] 0.7 0.6 1.2 0.8 0.3 

 

Tab. 2 Density of dislocations in deformed parts of material 

Sample No. 1 2 3 4 5 
ρ D[1013 m-2] 2.2 8.7 6.1 13.7 10.8 

 

1.2 Determination of ration of dislocations density in non-deformed and deformed state 

The table 3 gives the ration of dislocations density in deformed and non-deformed parts of the sample, 
aluminium content, rate of directional solidification (DS) and values of ductility, yield value and strength of 
each sample. The highest calculated value corresponds to the highest value of determined ductility, i.e. to 
the sample 5. The values of mechanical properties of the sample 4 were probably influenced by premature 
fracture, which is a serious problem in this type of material.  
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Tab. 3 Ratio of dislocations density in deformed and non-deformed parts of the sample  

Sample No. 1 2 3 4 5 
ρ D/ ρ N 3.1 14.5 5.1 17.1 36.0 

Al content [at.%] 25 25 22 22 22 
Rate of DS [mm/h] 100 50 108 60 18 
A [%] 3.5 6.6 13.9 20.5 53.4 
Rp [MPa] 295 255 267 343 245 
Rm [MPa] 318 330 392 707 505 

 

2.  DETERMINATION OF DEPENDENCE OF SELECTED MECHANICAL PROPERTIES ON RATIO OF 
DISLOCATIONS DENSITY 

The Fig. 1 shows graphically the dependence of the ratio of dislocations density on ductility. The 
dependence was established for the samples 3-5 with two-phase structure, where this dependence shows a 
remarkable trend. The equation of linear regression shown in the Fig. 1 is suitable for notation of this 
dependence. The confidence coefficient is 0.94 and the correlation coefficient for this dependence is 0.97.  

Comparison of dislocation structure of the samples of the type 1 and 2 with structure of the samples of the 
type 3-5 shows that the structures differ [6]. The sample 1 and 2 do not contain any two-phase region, only 
γ´ phase is present. The Fig. 2 shows a TEM picture from the non-deformed part of the sample 2, and the 
Fig. 3 shows the deformed parts of this sample. In the samples 3-5 a two-phase region formed by light 
areas (γ´) and mesh (γ´+γ) is visible both in the non-deformed parts of the sample 3 (Fig. 4) and in the 

deformed parts of this sample (Fig. 
5).  

 

 

 

Fig. 1  

Dependence of the ratio of 
dislocations density in deformed 
and non-deformed parts of the 
sample on ductility 

 

Fig. 2 TEM picture – non-deformed part of the 
sample 2 

Fig. 3 TEM picture – deformed part of the sample 2 
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Fig. 4 TEM picture – non-deformed part of the 
sample 3 

Fig. 5 TEM picture – deformed part of the 
sample 3 

 

3.  STRUCTURAL CHARACTERISTICS  

The samples were subjected also to metallographic investigation. The Figs. 6-9 show micro-structures 
of selected samples in longitudinal section. Distinctive differences in structures are evident here as 
well. The Figs. 6 and 7 show a single-phase structure formed only by the phase Ni3Al. The Figs. 8 and 
9 show the samples with two-phase structure formed by an inter-metallic phase Ni3Al and solid 
solution (Ni). Shape of grains in all the samples was influenced by the rate of directional 
solidification. 

 

Fig. 6 Longitudinal section of the sample 1, 
Ni25Al 

Fig. 7 Longitudinal section of the sample 2,  
Ni25Al 

Fig. 8 Longitudinal section of the sample 3,  
Ni22Al                                         

Fig. 9 Longitudinal section of the sample 4, 
Ni22Al 
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4.  CONCLUSION 

The samples with chemical composition containing 22 at.% and 25 at.% of aluminium were chosen for an 
analysis. All the samples were used directionally oriented state. Directional solidification was made by the 
Bridgman’s method with vertical arrangement. The castings were crystallised at various rates from 
10 mm/h to 108 mm/h with different temperature gradient. The samples were subjected to tensile tests, 
metallographic analysis and they were afterwards used for manufacture of thin foils for investigation by 
method of transmission electron microscopy. Densities of dislocations were determined in deformed and 
non-deformed state of Ni3Al based material. The obtained data were used for determination of the 
dependence on selected mechanical properties. The dependence of ductility on the ration of dislocations 
density in deformed and non-deformed parts is very remarkable, particularly in the samples with 
aluminium content of  22 at.%. 

The presented results were obtained during solution of the research plan No. MSM6198910013 entitled 
“Processes of preparation and properties of high-purity and structurally defined special materials”. 

The authors of the article express their thanks to doc. J. Pešička from the UK Praha for execution of special 
analyses and assistance at evaluation of the results. 
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Abstract 

Columnar to equiaxed transition (CET) was studied in an intermetallic Ti-46Al-8Nb (at.%) alloy using a 
directional solidification technique. The directional solidification was performed in a Bridgman type 
apparatus under protective argon atmosphere. In order to achieve CET in directionally solidified (DS) 
samples, the growth at steady-state conditions at a constant growth rate V and constant temperature 
gradient in liquid at the solid-liquid interface GL was followed by growth at non-steady state growth 
conditions. Two different types of non-steady state growth conditions were applied: (i) growth at a 
constant GL and continuous increase of an initial growth rate V1 to a final rate V2 and (ii) growth at a 
constant growth rate V and continuous decrease of an initial temperature gradient GL1 to a final gradient 
GL2. Static and dynamic measurements of temperature distribution, local temperature gradients and local 
growth rates allowed to relate observed CET to local growth parameters. After evaluation of critical 
solidification parameters for CET using non-steady state growth conditions, numerous steady-state growth 
experiments were performed at constant V and GL to define precisely experimental CET diagram. 

Keywords: titanium aluminides, TiAl, columnar to equiaxed transition, solidification 

 

1. INTRODUCTION 

It is well know that dendritic grains are the most common structures after casting and solidification of 
alloys. The dendritic grains can be either columnar or equiaxed depending on solidification parameters, 
heat transfer, fluid flow and local thermal and solutal fields. The structure is called columnar if the 
elongated grains are preferentially oriented in one crystallographic direction parallel to the heat extraction 
from the melt. On the other hand, the equiaxed grains nucleate heterogeneously in the melt and grow in all 
directions until their growth is restricted by neighbouring grains. Usually, both types of grains are formed 
during casting [1]. In commercial practice, attempts are made to produce wholly columnar or wholly 
equiaxed structures. Interest in the CET therefore results from the effort to theoretically understand the 
solidification conditions that define the transition between columnar and equiaxed grains. Because of the 
problems associated with variation of processing parameters and structural examination of real industrial 
castings, most qualitative and quantitative studies of the CET have been performed experimentally on 
relatively small volumes of low melting point materials. There are two basic approaches to study CET: (i) 
investigation of the influence of various parameters on the as solidified grain structure of simple shapes of 
either poured castings or alloys melted and solidified in-situ and (ii) the directional solidification of alloys 
under Bridgman or non-steady (cooled chill) conditions.  

The aim of this paper is to study experimentally CET during directional solidification of intermetallic Ti-46Al-
8Nb (at. %) alloy in a Bridgman type apparatus. Both steady and non-steady state growth conditions are 
applied to determine CET diagram. The studied alloy has been selected and studied as a potential material 
for investment casting of low-pressure turbine blades of aircraft engines and stationary gas turbines for 
power engineering in the frame of the European integrated project IMPRESS [2-4]. 
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2. EXPERIMENTAL PROCEDURE 

The intermetallic alloy with the chemical composition Ti-46Al-8Nb (at.%) was supplied in the form of 
vacuum arc remelted cylindrical ingot with a diameter of 220 mm and a length of 60 mm. The ingot was cut 
to smaller blocks using electro spark machining, lathe machined to a diameter of 8 and length of 110 mm 
and DS in dense cylindrical Y2O3 moulds (purity of 99.5%) with a diameter of 8/15 (inside/outside diameter) 
and length of 130 mm. Directional solidification was performed in a modified Bridgman-type apparatus 
described elsewhere [5]. Before directional solidification the vacuum chamber of the apparatus was 
evacuated to a pressure of 3 Pa, flushed with argon (purity 99.9995%) six times and then backfilled with 
argon at a pressure of 10 kPa, which was held constant during melting and solidification. In order to bind 
oxygen traces in the argon atmosphere and absorbed on the furnace walls and avoid their effect on the 
contamination of DS samples, granules of Ca (purity of 98.8%) with total weight of 15 g were placed in a 
metallic container close to the ceramic mould and heated to a constant temperature of 753 K during each 
directional solidification. 

Two types of directional solidification experiments were performed to define critical solidification 
parameters of the CET: (i) directional solidification at steady state growth conditions and (ii) directional 
solidification at non-steady state growth conditions. The steady state growth was performed at constant 
temperature gradients in liquid at the solid liquid interface GL ranging from 3500 to 8000 Km-1 and constant 
growth rates V ranging from 5.56x10-6 to 4.17x10-4 ms-1. Figure 1 illustrates schematically directional 
solidification at non-steady state growth conditions consisting of the growth at constant initial solidification 
parameters, continuous change of one solidification parameter and finally growth at constant final 
solidification parameters. Two types of non-steady state growth conditions were used: (i) growth at a 
constant GL and continuous increase of an initial growth rate V1 to a final value of V2 (see Fig. 1a) and (ii) 
growth at a constant growth rate V and continuous decrease of an initial temperature gradient GL1 to a final 
value of GL2 (see Fig. 1b). Tables 1 and 2 summarize all selected growth rates and temperature gradients 
applied for non-steady state directional solidification experiments.  

Temperature profiles and gradients in the samples were measured by PtRh30-PtRh6 thermocouples with a 
diameter of 0.15 mm. The thermocouple wires were put into high-purity alumina capillaries with an outside 
diameter of 1.2 mm. In order to protect the thermocouples against a direct contact with the melt, the 
measurements were performed in a protective one end closed alumina tube with a diameter of 1.5/3 mm 
(inside/outside diameter) and length of 600 mm. The alumina tube was protected by plasma sprayed Y3O3 
layer to minimize melt contamination during measurements. In order to position the protective tube 
precisely to longitudinal sample axis, the sample was cut longitudinally by electro spark machining and 
grooves parallel to its longitudinal axis were machined by grinding in both parts of the sample. The 
assembled sample with the protective tube was placed into Y2O3 mould, heated to a selected melt 
temperature at a heating rate of 0.37 Ks-1 and stabilized at the melt temperature for 600 s before 
temperature measurements. The temperature was continuously monitored by ADAM-4018 analogue input 
module and time-temperature data acquisition was performed by a computer. The relative position of 
solid-liquid interface to copper crystallizer at various melt temperatures was determined from measured 
temperature profiles and verified by quenching during directional solidification (QDS) experiments. 

Microstructural analysis was performed by optical microscopy (OM) and scanning electron microscopy 
(SEM) on longitudinal and transversal sections of DS samples. OM samples were prepared using standard 
metallographic techniques including grinding on SiC papers, polishing on diamond paste and etching in 
a reagent of 150 ml H2O, 25 ml HNO3 and 10 ml HF.  

 

3.  RESULTS 

3.1.  Columnar and equiaxed grain growth at steady state conditions 

Fig. 2 shows the typical grain structure of the samples after directional solidification at steady state growth 
conditions. The grains are either columnar (Fig. 2a) or equiaxed (Fig. 2b) depending on the applied 
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solidification parameters. Critical parameter (GL/V)crit for the growth of columnar grains is determined 
experimentally to be (GL/V)crit = (6.92 ± 0.31)x106 Ksm-2. Directional solidification at (GL/V) < (6.92 ± 
0.31)x106 Ksm-2 leads to the growth of equaixed grains. Both the columnar and equiaxed grains are 
dendritic. Fig. 3 shows the typical example of dendritic microstructure of the columnar grains in quenched 
mushy zone. Analysis of morphology of the dendrites on longitudinal (Fig. 3a) and transverse (Fig. 3b) 
sections shows four-fold symmetry with secondary dendrite arms growing at an angle of 90° to the primary 
dendrite arms at all applied solidification parameters. The morphology of dendrites clearly indicates that 
the studied Ti-46Al-8Nb (at.%) alloy solidifies completely via  phase (Ti base solid solution with cubic 
crystal structure). As shown recently by Gabalcová and Lapin [3, 6], primary and secondary dendrite arm 
spacings depend on solidification parameters and decrease with increasing growth rate V and temperature 
gradient GL. 

         

Fig. 1Two types of directional solidification experiments at non-steady state growth conditions for 
achieving CET in a Bridgman type apparatus: (a) continuous increase of an initial growth rate V1 to a 
final V2 at a constant temperature gradient GL, (b) continuous decrease of an initial temperature 
gradient GL1 to a final GL2 at a constant growth rate V. 

 

 

 

 

 

Fig. 2. OM showing macrostructure of longitudinal sections of samples prepared at a constant growth rate 
V and temperature gradient GL: (a) V = 4.17x10-4 ms-1 and GL = 5000 Km-1; (b) V = 1.67x10-4 ms-1 and 
GL = 770 Km-1. U - non-melted part,     C - columnar grains, E - equiaxed grains. 

     

 

 

 

 

 

Fig. 3.OM showing dendritic microstructure within the columnar grains in a quenched mushy zone of DS 
sample prepared at V = 2.87x10-5 ms-1, GL = 3500 Km-1: (a) longitudinal section, (b) transverse section. 
C -  dendrites within a columnar grain, Q - quenched liquid. 
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3.2.  Columnar to equiaxed transition at non-steady state growth conditions 

3.2.1.  Continuous increase of growth rate at constant temperature gradient  

Fig. 4 shows macrostructure of DS samples prepared at a constant temperature gradient and continuous 
increase of growth rate. In these samples, after steady state growth at a constant temperature gradient GL 
and growth rate V1 to a constant length of 20 mm, the initial growth rate V1 was continuously increased to 
a final value of V2 at a distance of 35 mm and the directional solidification was finalized at a new constant 
growth rate V2 (see Fig. 1a). As shown in Fig. 4a, the macrostructure remains columnar after increasing 
initial growth rate from V1 = 1.18x10-4 ms-1 to V2 = 4.17x10-4 ms-1 at GL = 5000 Km-1. A change of columnar 
grains to equiaxed ones can be seen in Figs. 4b and 4c, where the initial growth rate of V1 = 1.18x10-4 ms-1 
was increased to V2 = 1.11x10-3 ms-1 at GL = 5000 Km-1. Some irregularities in morphology of equiaxed grains 
can be explained by solid phase transformations. Fig. 5 shows apparently radial columnar grains (region A in 
Fig. 4b) in the vicinity of the sample surface. Besides equiaxed grains, Widmansttäten laths and feathery 
(TiAl) are frequently formed in this region. These laths grow though several equiaxed grains and can give 
appearance of fine columnar grains growing from the sample surface at an angle of about 30° to the growth 
direction, as shown in Fig. 4b. As reported by Hu et al. [7], formation of Widmansttäten structure in 

Ti-46Al-8Nb (at.%) alloy is connected with slow and medium cooling rates (lower than 20 Ks-1) during 
cooling from single  phase field. A maximum cooling rate from  phase field was measured to be 15 Ks-1 
during directional solidification, which falls very well into the interval determined by Hu et al. [7]. The CET 
occurs at a distance of about 40 mm, which represents a local critical growth rate of Vc = 7.13x10-4 ms-1. 
Assuming a constant temperature gradient of GL = 5000 Km-1, one can calculate a critical value for the CET 
of (GL/Vc)crit = 7x106 Ksm-2. Figs. 4d and 4e show sample prepared by a continuous increase of an initial 
growth rate of V1 = 4.17x10-4 ms-1 to a final value of V2 = 1.13x10-3 ms-1 at GL = 5000 Km-1. In this case, the 
equiaxed grains are  very well developed and solid phase transformations do not affect significantly grain 
boundaries. The CET occurs at a distance of about 35 mm, which represents a local critical growth rate of 
Vc = 7.22x10-4 ms-1. Assuming constant temperature gradient of GL = 5000 Km-1, one can calculate critical 
value of (GL/Vc)crit = 6.92x106 Ksm-2, which corresponds to the value determined at steady state growth 
conditions. Table 1 summarizes applied solidification parameters (V1, V2 and GL), local critical growth rates 

Vc, critical parameters (GL/Vc)crit and critical cooling rates crit c Lv V G=&  of the CET for the directional 

solidification at non-steady growth conditions 
with continuous increase of the growth rate. 

 

   

 

Fig.4. 
M showing macrostructure of DS 
samples prepared at a constant 
temperature gradient and continuous 
increase of growth rate: (a) V1 = 
1.18x10-4 ms-1, V2 = 4.17x10-4 ms-1 and 
GL = 5000 Km-1, longitudinal section; 
(b) longitudinal section and (c) 
transversal section from region E, V1 
= 1.18x10-4 ms-1, V2 = 1.11x10-3 ms-1 
and GL = 5000 Km-1; (d) longitudinal 
section and (e) transversal section 
from region E, V1 = 4.17x10-4 ms-1, V2 

= 1.13x10-3 ms-1 and GL = 5000 Km-1. U - non-melted part, C - columnar grains, E - equiaxed grains, A - 
investigated region of equiaxed grains shown. 
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3.2.2.  Continuous decrease of temperature gradient at 
constant growth rate 

Fig. 6 shows the typical example of macrostructure of 
DS sample prepared at a constant growth rate and 
continuous decrease of temperature gradient. After 
steady state growth at constant growth rate V and 
temperature gradient GL1 to a constant length of 12 
mm, the initial temperature gradient GL1 was 
continuously decreased to a final value of GL2 for 
defined time t and the directional solidification was 
finalized at a new constant temperature gradient GL2. 
Since the relative position of solid liquid interface to a 
crystallizer is a function of melt temperature, decrease 
of temperature gradient by decreasing melt 
temperature leads to a relative movement of the 
interface towards the hot zone of the furnace in the 
Bridgman type apparatus. In order to keep the growth 
rate constant, such relative movement of the interface 
was compensated by the programmable change of the 

withdrawal rate of the sample from the furnace. As seen in Fig. 6, decrease of an initial temperature 
gradient of GL1 = 6400 Km-1 to a final value of GL2 = 430 Km-1 at a constant growth rate of V = 1.18x10-4 ms-1 
leads to CET at a local critical temperature gradient of GLc = 830 Km-1. Assuming constant growth rate of 
V = 1.18x10-4 ms-1, one can calculate critical value of (GLc/V)crit = 7.03x106 Ksm-2, which is comparable with 
a value of 6.92x106 Ksm-2 determined at steady state growth conditions. Table 2 summarizes applied 
solidification parameters (V, GL1 and GL2), local critical temperature gradients GLc, critical parameters 

(GLc/V)crit and critical cooling rates crit Lcv VG=&  of the CET for the directional solidification at non-steady 

growth conditions with continuous decrease of temperature gradient. 

 

Table 1. Solidification parameters of non-steady growth conditions with continuous increase of growth rate 

No. 
Solidification parameters 

Vc 

[ms-1] 
(GL/V)crit 
[Ksm-2] 

crit
&v  

[Ks-1] 
Note 

GL 
[Km-1] 

V1 
[ms-1] 

V2 
[ms-1] 

1 3500 4.17x10-4 1.13x10-3 5.20x10-4 6.73x106 1.82 − 

2 4300 4.17x10-4 1.13x10-3 6.42x10-4 6.69x106 2.76 − 

3 5000 4.17x10-4 1.13x10-3 7.22x10-4 6.92x106 3.61 − 

4 5800 4.17x10-4 1.13x10-3 8.25x10-4 6.99x106 4.79 − 

5 6400 4.17x10-4 1.13x10-3 9.27x10-4 6.99x106 5.93 − 

6 5000 1.18x10-4 4.16x10-4 
− − − no CET 

7 5000 1.18x10-4 5.56x10-4 
− − − no CET 

8 5000 1.18x10-4 8.33x10-4 7.14x10-4 7.00x106 3.57 − 

9 5000 1.18x10-4 1.11x10-3 7.01x10-4 7.13x106 3.51 − 

Fig. 5.  
OM showing Widmansttäten lath within 
lamellar equiaxed grains (detail A in Fig. 4b): V1 
= 1.18x10-4 ms-1 to V2 = 1.11x10-3 ms-1, GL = 
5000 Km-1. L - lamellar γ/α2 microstructure,         
W - Widmansttäten laths, F - feathery γ (TiAl). 



Symposium E  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 335

Fig. 6. 

OM showing macrostructure of DS sample 
prepared at a constant growth rate of V = 
1.18x10-4 ms-1 and continuous decrease of an 

initial temperature gradient of GL1 = 6400 Km-1 to a final value of GL2 = 430 Km-1. U - non-melted part, C -
columnar grains, E - equiaxed grains. 

Table. 2. Solidification parameters of non-steady growth conditions with continuous decrease of 
temperature gradient 

No 
Solidification parameters 

GLc 

[Km-1] 

 
(GLc/V)crit 
[Ksm-2] 

crit
&v  

[Ks-1] 
Note 

V 
[ms-1] 

GL1 
[Km-1] 

GL2 
[Km-1] 

1 5.56x10-5 6400 430 − − − no CET 

2 6.94x10-5 6400 430 − − − no CET 

3 8.33x10-5 6400 600 − − − no CET 

4 8.33x10-5 6400 430 600 7.20x106 0.050 − 

5 8.33x10-5 6400 430 610 7.32x106 0.048 − 

6 1.14x10-4 6400 430 810 7.11x106 0.092 − 

7 1.18x10-4 6400 430 830 7.03x106 0.098 − 

8 1.18x10-4 8000 480 850 7.20x106 0.100 − 

9 2.00x10-4 6400 1000 1410 7.05x106 0.282 − 

10 2.00x10-4 6400 1000 1430 7.15x106 0.286 − 

11 2.22x10-4 8000 770 1550 6.98x106 0.344 − 

12 3.33x10-4 6400 1000 2320 6.97x106 0.773 − 

Fig. 7 shows experimentally determined CET diagram of the studied Ti-46Al-8Nb (at.%) alloy. The CET line in 
log(V)-log(GL) coordinates separates the equiaxed and columnar grain regions. Circle symbols in this figure 
belong to local solidification parameters determined from non-steady state growth experiments. The 
critical experimental value of GL and V for the CET of Ti-46Al-8Nb (at.%) alloy can be compared with 
available data reported for CET in DS Al-Cu alloys [8], DS Ni base superalloys [9] and laser welded Ni-base 
superalloy CMSX-4 [10]. It is clear that the slope of CET line for the studied alloy is comparable with that for 
Ni-base superalloys [9]. However, CET in the studied alloy requires significantly higher growth rate at a 
given temperature gradient than that of the superalloys. 

 

4.  DISCUSSION 

Various mechanisms and models have been proposed to explain CET during solidification of alloys [8, 11]. 
There is a general consensus that the CET occurs when the moving front of columnar grains is blocked by 
equiaxed grains growing in the undercooled liquid ahead of this front, e.i. if the equiaxed grains are 
sufficient in size or number to arrest columnar grain growth. So the columnar grains are incapable of 
growing between the equiaxed grains. There is still controversy, however, about details of how the 
equiaxed grains stop the columnar front. In the first analytical mechanism of CET proposed by Hunt [8], 
equiaxed grains block the columnar front through mechanical interaction. Hunt calculated that equiaxed 
growth will occur when the steady state temperature gradient is bellow a critical value. Full equiaxed 
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solidification is predicted to occur at low temperature gradients and high growth rates. The relationship 
between GL and V for the CET was determined for    Al-Cu system, assuming that fully equiaxed growth 
occurs when the extended volume fraction of exuiaxed grains at the columnar front reaches 0.66. 
Martorano et al. [11] used a modified version of the multiphase/multiscale model of the CET. They 
proposed new mechanical blocking mechanisms for the transition based on solutal interaction between the 
equiaxed grains and the advancing columnar front. The columnar tips stop growing as the local melt at the 
columnar tip position is enriched with solute element and the constitutional undercooling vanish. This 
model was validated by predicting the CET in the Al-Si system [11]. Regardless of the blocking mechanisms, 

experiments and theoretical models 
have shown that the CET is 
significantly affected by the number 
density of equiaxed grains and the 
nucleation undercooling. 

 

Fig. 7.  

CET diagram of Ti-46Al-8Nb (at.%) 
alloy showing dependence of growth 
rate on temperature gradient. 

 

It is almost impossible to compare 
various sets of experimental data obtained from studies of the CET because of the wide range of alloy 
systems and different investigated compositions and due to the fact that different mechanisms of equiaxed 
grain formation may have been operative in the different studies [1]. Although from directional 
solidification studies, only certain generalized conclusion can be made, e.i. that the CET is favoured by high 
growth rate, low temperature gradient ahead of the advancing front, high solute levels and easier 
nucleation. There is no consistency regarding the proposed interaction of the alloy, large number of 
equiaxed nucleation events and processing parameters and the criteria for the transition. The experiments 
do however provide necessary data required to validate models. Attempts to compare experimental data 
with Hunt’s analytical model for CET [8] have only been qualitative in nature because of the assumptions 
required regarding the number of nucleated particles and the undercooling for nucleation of the equiaxed 
grains. On the other hand, Martoramo’s model [11] go through numerical simulation which consists of 
averaged energy and species conservation equations, coupled with nucleation and growth laws for 
dendritic growth. From this point of view is necessary to develop a new model of CET, which will precisely 
describe the columnar to equiaxed transition in Ti-Al systems according the experimental data obtained 
from measurement of solidification parameters during directional solidification. Recently, first numerical 
CET maps for binary Ti-Al systems have been realized in which nucleation parameters, e.i. temperature 
undercooling of and density of equiaxed grains perform a decisive role [12, 13]. However, there are still 
missing information and numerical prediction about the mechanisms of CET in Ti-45.9Al-8Nb (at.%) alloy 
during casting and directional solidification. 

 

5.  CONCLUSIONS 

The experimental investigation of CET during directional solidification of Ti-46Al-8Nb (at.%) alloy suggest 
the following conclusions: 

1. Directional solidification at steady state growth conditions leads to either columnar or equiaxed grain 
structure. Critical value of a solidification parameter for the CET is determined to be (GL/V)crit = (6.92 
± 0.31)x106 Ksm-2. Directional solidification at (GL/V) < (6.92 ± 0.31)x106 Ksm-2 leads to the growth of 
equaixed grains.  
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2. Directional solidification experiments at non-steady state growth conditions with continuous 
increase of growth rate at constant temperature were performed to determine CET during 
directional solidification at high temperature gradients (3500 - 8000 Km-1). Critical values of 
solidification parameter (GL/V)crit are calculated from critical values of local growth rates and applied 
constant temperature gradients.  

3. Directional solidification experiments at non-steady state growth conditions with continuous 
decrease of temperature gradient at constant growth rate were performed to determine CET at 
lower growth rates (5.56x10-5 - 3.33x10-4 ms-1). Critical values of solidification parameter (GL/V)crit are 
calculated from local critical values of local temperature gradients and applied constant growth 
rates. 

4. The CET diagram is determined experimentally for the studied alloy a compared with available data 
of other alloys. 
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ABSTRACT 

Alloys formed by Fe-Al and Fe-Si intermediary phases are promising materials for applications requiring 
good mechanical properties and oxidation resistance at high temperatures.  In this work, the feasibility of 
production of Fe-Al and Fe-Al-Si phases by reactive sintering powder metallurgy was tested. It has been 
found that it is possible to produce the Fe-Al-Si alloys containing 15 - 20 wt. % of silicon and 20 – 25 wt. % 
of aluminium from powders of iron, silicon and AlSi30, reaching the porosity of less than 8 vol. %.  Structure 
of these materials is formed by AlFeSi and Al2FeSi ternary intermediary phases. Hardness of these alloys 
increases with growing silicon content and reduces with increasing content of aluminium.  Materials 
outside given intervals of chemical composition show extremely high porosity or the presence of unreacted 
components and therefore the application of reactive sintering cannot be recommended for the production 
of these materials.  

Keywords: iron aluminide, silicon, reactive sintering, powder metallurgy 

 

1. INTRODUCTION 

Iron aluminides are modern structural materials for high-temperature applications. Their advantages are 
good corrosion resistance and lower density (5.7 g.cm-3 in case of FeAl [1]) comparing with currently used 
iron and nickel alloys. These alloys exhibit good resistance to high-temperature oxidation and high-
temperature corrosion in environments containing sulphur and in melts of oxidizing salts [1,2]. These 
materials had been tested and in some cases already practically applied in thermally exposed parts of 
combustion engines, e.g. exhaust valves, or in the chemical industry [1,3]. 

Currently available production technologies of these materials concern casting technology [2,4] and 
powder metallurgy (Fig.1). Casting processes are limitted by high melting points of intermetallics and by 
their poor castability. To decrease the porosity of castings, hot isostatic pressing can be applied. In powder 
metallurgy processes, the use of pre-alloyed Fe-Al powders is not advantageous due to their bad 
compressibility and sinterability. Reactive sintering seems to be very promising technology. In this method, 
powders of pure metals or other suitable precursors are transferred to the desired compounds 
(intermediary phases) by thermally activated chemical reactions during sintering [5]. According to U.S. 
patent [6], FeAl phase reaches maximum relative density of 75 % by reactive sintering. It was published that 
the reason for such a high porosity is a temporary formation of metastable Fe2Al5 [7,8], having higher 
lattice parameters and lower density than of both iron and FeAl phase [7]. 

The research of silicon effect on the formation of intermediary phases shows that silicon decreases the 
activity of aluminium and also its diffusivity in iron lattice [9]. These phenomena can influence the reactive 
sintering behaviour of these alloys significantly. Therefore, the effect of silicon on the reactive sintering 
progress and on the product microstructure was studied. 
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Fig.1. Production technologies of intermediary phases: a) melt metallurgy, b) reactive sintering powder 
metallurgy 

 

2. EXPERIMENTAL 

Fe-Al and Fe-Al-Si alloys prepared by reactive sintering of powder mixtures of iron (p.a. purity, particle size 
< 10 µm), aluminium, silicon and/or AlSi30 alloy were studied. Aluminium and AlSi30 powders with the 
particle size between 200 and 1000 µm were prepared by mechanical machining. Silicon powder (fraction 
below 50 µm) was obtained by mechanical milling in the cylinder mill. Green bodies of FeAl40 and FeAl60 
binary alloys and ternary alloys containing 10 - 50 wt. % of aluminium and  10 - 30 wt. % of silicon were 
produced by mixing of the above mentioned powders and by pressing at the laboratory temperature with 
the pressure of 260 MPa using Heckert FPZ100/1 universal loading machine. To determine optimum 
reactive sintering temperature, differential thermal analysis (DTA) of pressed powder mixtures was carried 
out on Setaram Setsys Evolution – 1750 with the heating rate of 10 K/min. Based on DTA results, reactive 
sintering was performed at 950°C for 60 min in the electric resistance furnace in argon atmosphere. 
Samples were placed directly into the furnace heated to the desired temperature to achieve the maximum 
heating rate of green body. 

Microstructure of the prepared materials was studied by Olympus PME3 light microscope and Hitachi S-450 
scanning electron microscope with EDS analyser. Phase composition was determined by Philips X’Pert Pro 
x-ray diffractometer. Hardness of the materials was measured by Vickers hardness tester with the load of 1 
kg (HV 1).  

 

3. RESULTS AND DISCUSSION 

Fig.2 displays DTA heating curves of FeAl40 a FeAl20Si20 pressed powder mixtures. On heating of the 
FeAl40 mixture, strongly exothermic reaction can be observed at 660°C, other transformations were not 
observed. It shows that the formation of FeAl ordered phase takes place directly on the melting 
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temperature of aluminium. It does not confirm the presumption [8] that FeAl formation occurs after the 
Fe2Al5 phase arises.   

In the case of ternary FeAl20Si20 mixture, eutectic melt in the Al-Si system arises at 580°C (endothermic 
transformation). In the temperature interval of 650 – 950°C, two exothermic reactions can be observed, 
leading to the formation of Fe-Al-Si ternary phases. Thermal effects are significantly lower than in the case 
of binary Fe-Al alloy. It shows that silicon strongly influences the Fe+Al reaction mechanism. Based on the 
DTA results, reactive sintering temperature 950°C was determined.  

The exothermic effects accompanying intermediary phases formation can be observed as “flame ignitions” 
(Fig.3). Reactions proceed very quickly and are completed in few tens of seconds (Fig.3).  

 

Fig.2. DTA heating curves of FeAl40 and FeAl20Si20 pressed powder mixtures 

 

Fig.3. Reactive sintering progress of FeAl20Si20 powder mixture 

 

Microstructure of FeAl40 binary alloy consists of FeAl phase with small admixture of FeAl3 (Fig.4a). Alloy 
does not contain unreacted components. However, the problem of this alloy is high porosity of approx. 30 
vol. %, which is in the agreement with the published information [4]. The reason for high porosity is evident 
from the DTA. During heating of the green body, the aluminium melt does not form. Therefore, pores are 
not filled by the melt before Fe+Al reaction starts. The other reason for the increase of porosity is the 
volume change connected with the ordering of FeAl [7,8]. 

Fe-Al-Si ternary alloys derived from FeAl40 by the partial replacement of aluminium by silicon can be 
divided into three groups, similarly like Ti-Al-Si alloys of the corresponding compositions [10]. First group 
contains alloys with 10 wt. % of silicon and 30 - 35 wt. % of aluminium. These materials exhibit low porosity 
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(less than 4 vol. %) and reach the hardness of 620 – 690 HV 1. It is evident that the Al-Si eutectic melt which 
arises during heating positively influences the product homogeneity. The problem of this group of alloys is 
the presence of unreacted Al-Si alloy (Fig.4b). Except for the unreacted component, the structure of these 
materials is formed by Al2FeSi and AlFeSi ternary phases. Due to the presence of unreacted aluminium, 
these materials can not be recommended for the practical use. 

Second group of materials contains 15 - 20 wt. % of silicon and 20 - 25 wt. % aluminium. The porosity of 
these alloys is quite acceptable (up to 8 vol. %) and their hardness reaches 750 – 900 HV 1. The structure of 
these alloys is formed by AlFeSi particles in the Al2FeSi matrix (Fig. 4c). The presence of unreacted particles 
was not detected. 

Third type is represented by the FeAl10Si30 alloy, having high porosity (18 vol. %). Structure of this material 
consists of AlFeSi ternary phase and FeSi silicide (Fig. 4d). This material was not compact enough even for 
the hardness measurement. The reason for such a high porosity is probably a higher fraction of solid silicon 
at the reactive sintering temperature [9], which complicates the Al-Si eutectic melt transport in pores.  

For the practical utilization, only alloys from the second group containing 15 - 25 wt. % of silicon are 
suitable due to quite low porosity and the absence of the unreacted components.  

  

  

Fig.4. Microstructure of materials prepared by reactive sintering at 950°C for 60 min: 

a) FeAl40, b) FeAl30Si10, c) FeAl20Si20, d) FeAl10Si30. 

 

Further tested type of alloys was the FeAl60 binary alloy and Fe-Al-Si ternary alloys derived from it. 
Although it can be expected from phase diagram that FeAl60 alloy would contain FeAl3 phase only [9], the 
real reactive sintering product  contains significant fraction of unreacted aluminium (Fig.5a). Also Fe-Al-Si 
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ternary alloys derived from FeAl60 contain the unreacted Al-Si alloy if the silicon content is lower than 30 
wt.%. Even though their porosity is lower than 7 vol. %, these materials are practically inapplicable for the 
above mentioned reason. Structure of these alloys comprises ternary phases with higher content of 
aluminium than in the alloys derived from FeAl40 binary alloy - Al2FeSi, Al5FeSi or Al3FeSi2 phases (Fig.5b).  

FeAl30Si30 alloy already does not contain any traces of unreacted Al-Si alloy, but reaches the porosity of 20 
vol. %. Structure of this material comprises Al2FeSi and Al3FeSi2 ternary phases and FeSi silicide (Fig.5c). 

  

 

Fig.5.  

Microstructure of materials prepared by reactive 
sintering at 950°C for 60 min: 

a) FeAl60,  
b) FeAl50Si10,  
c) FeAl30Si30. 

 

4. CONCLUSION 

In this work, the possibility of production of Fe-Al-Si alloys by reactive sintering was tested. It was 
approved, that it is possible to produce alloys containing 15 – 20 wt. % of silicon and 20 – 25 wt. % 
aluminium with the porosity lower than 8 vol. % from powders of iron, silicon and AlSi30 alloy by reactive 
sintering. Structure of these materials consists of AlFeSi a Al2FeSi intermediary phases. Hardness of these 
alloys increases with growing silicon content. Materials outside the above mentioned intervals of chemical 
composition were extremely porous or contained unreacted components. Therefore, the application of 
reactive sintering in production of these materials is not suitable.  
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Abstract 

Ti-Al intermetallics are prospective materials for high temperature applications. Generally, ternary or other 
additives are used in these alloys to positively modify their oxidation resistance and mechanical properties. 
In the work, results of directional solidification experiments with eutectic alloys composed of 
(Ti,Nb)Al+(Ti,Nb)3Al matrix and (Ti,Nb)5Si3 silicide particles. It is shown that the matrix is more affected by 
directional solidification than silicides. Moreover, niobium, despite its low content, modifies mechanism of 
directional solidification. 

Keywords: titanium, intermetallic, aluminide, silicide, directional crystallization 

 

1.  INTRODUCTION 

TiAl intermetallics show a number of attractive properties, such as light weight, oxidation a creep 
resistance, making them of interest for components in automotive and aerospace industry. However, pure 
TiAl aluminide has poor oxidation resistance and mechanical properties. For this reason, additives, such as 
Nb, V, Cr, Si etc., are used to improve oxidation resistance, room temperature plasticity, strength and creep 
resistance. Silicon solubility in TiAl phase is low and silicon precipitates as titanium silicide in the structure. 
Ti-Al-Si alloys of appropriate compositions can be regarded as being composites containing Ti-Al matrix and 
Ti5Si3 reinforcement. When the chemical composition of an alloy approaches the eutectic point in the Ti-Al-
Si system, eutectic silicides are sufficiently fine which is important in terms of mechanical properties. The 
main disadvantage of the Ti-Al-Si system is that silicides are extremely brittle. Therefore, they should have 
fiber-like morphology which may be beneficial for achieving an improved fracture toughness. Eutectics are 
commonly studied by using directional solidification techniques. These techniques enable to estimate 
effects of solidification parameters on resulting structure and properties. From the practical point of view, 
eutectic composition is advantageous, because eutectic alloys generally show good casting properties. 

In the Ti-Al-Si system, there are three types of eutectics, as is illustrated in a binary Ti-Al phase diagram in 
Fig.1 and in an isothermal section of ternary Ti-Al-Si diagram in Fig.2. With increasing aluminum content in 
ternary alloys, eutectics appear in a following sequence: Ti+Ti5Si3 (1), Ti3Al+Ti5Si3 (2), (Ti3Al,TiAl)+Ti5Si3 (3). 
This work aims to study a eutectic with a matrix composed of the TiAl and Ti3Al phases, because these 
phases correspond to common commercial alloys. For this reason, chemical composition of the first studied 
material corresponds to a point marked by an arrow in Fig.2, i.e. Ti-40at.%Al-5at.%Si (hereafter, all 
concentrations are in at.%). 

As stated before, niobium is a widely used additive in TiAl alloys. It improves strength of alloys and their 
oxidation resistance. It is known that niobium, in amounts of less than about 5 %, dissolves in both Ti-Al 
phases and silicides and, therefore, it does not modify phase composition of Ti-Al-Si alloys. For this reason, 
we used a relatively low niobium content of 2 at. % in this study and concentrations of other elements were 
then proportionally reduced. The second investigated alloy has a chemical composition of Ti-39at.%Al-
5at.%Si-2at.%Nb. 
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2.  EXPERIMENTAL PROCEDURE 

The investigated Ti-40at.%Al-5at.%Si and Ti-39at.%Al-5at.%Si-2at.%Nb alloys were prepared by melting of 
pure metals in an arc furnace under a high purity helium. The alloys were remelted seven times to ensure 
homogeneity of chemical composition. Prepared rectangular ingots with dimensions of 10×3×1 cm were 
cut into samples of 10×1×1 cm in size for directional crystallization experiments. Directional crystallization 
was carried out in an optical furnace by using the floating zone technique. Two crystallization rates were 
used – 5 and 19 mm/h. Structure and phase composition of both as-cast and directionally solidified alloys 
were examined by light (LM) and scanning electron (SEM) microscopy, energy dispersive x-ray spectrometry 
(EDS) and x-ray diffraction analysis (XRD).  

 

3.  RESULTS AND DISCUSSION 

SEM micrographs and x-ray elemental maps are presented in Figs 3 and 4. It is seen in Fig.3 that the 
chemical compositions were selected properly, since both alloys have almost pure eutectic structure 
containing colonies of silicide particles in a matrix of Ti-Al phases. Fraction of primary silicides is very small 
and they are mainly located in the middle of eutectic colonies. The colonies have various orientations 
parallel to local directions of heat removal. In the centre of eutectic colonies, silicides are very fine and 
fiber-like shaped. As the distance from the centre increases, eutectic silicides progressively coarsen and 
change their shape from fiber-like to lamellar, due to a recalescence heat released during crystallization. In 
Fig.3a, structure of Ti-Al matrix composed of TiAl and Ti3Al lamellae is observed. Fig.4, presenting x-ray 
maps of element distribution, confirms the assumption that niobium dissolves almost homogeneously in all 
present phases. Phase composition of the alloys, including TiAl, Ti3Al and Ti5Si3 phases, was also verified by 
XRD, see Fig.5. 

In Fig.6, there are optical micrographs of both alloys directionally crystallized at 5 and 19 mm/h. The 
structures are composed of relatively coarse grains and almost homogeneously distributed silicide particles. 
The grains are elongated parallel to the crystallization direction (horizontally from the right to the left). At 
first sight, both alloys are similar, however, the grains and silicides are finer in the Nb-containing alloy. In 
contrast to the grains, arrangement of silicides in the crystallization direction is much less pronounced.   

 
 

Fig.1. Part of Ti-Al equilibrium phase diagram 
[1]. 

Fig.2. Eutectic compositions (dashed line) in Ti-Al-
Si system [2]. 
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a) 

 

b) 

 

Fig.3. Microstructures of the as-cast alloys: a) Ti-40at.%Al-5at.%Si, b) Ti-39at.%Al-5at.%Si-2at.%Nb 
(SEM). 

 

 

Fig.5. X-ray diffraction pattern of Ti-Al-Si alloy 
(phases: TiAl-red, Ti3Al-blue, Ti5Si3-green). 

Fig.4. Elemental maps of as-cast alloys. 

More detailed views of microstructures of both alloys crystallized at 5 and 19 mm/h are shown in Fig.7. In 
both cases, silicide particles are relatively coarse and they are not oriented in the crystallization direction. 
There are, however, significant differences in silicide shapes between both alloys. The Nb-containing alloy 
does not contain long silicide lamellae (with lengths of more than 1 mm), which are observed in its Nb-free 
counterpart. This suggests that Nb shows a refining effect on the titanium silicide.  
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a) 

 

b) 

 

c) 

 

d) 

 

Fig.6. Structures of directionally crystallized alloys: a, c) Ti-40at.%Al-5at.%Si alloy; b, d) Ti-39at.%Al-
5at.%Si-2at.%Nb alloy; a, b) solidification rate of 5 mm/h; c, d) solidification rate of 19 mm/h 
(LM, crystallization direction-from the right to the left). 

 

Differences between both alloys are also found in the lamellar mixture of (Ti,Nb)Al+(Ti,Nb)3Al phases. In the 
Nb-free alloy crystallized at 5 mm/h, lamellae are oriented almost randomly, while the same alloy 
crystallized at 19 mm/h is dominated by lamellae oriented perpendicularly to the crystallization direction. 
Different situation is observed in the Nb-containing alloy, where all lamellae have a relatively small angle of 
less than 45° to the heat removal direction.  

Differences described above are quantitatively expressed in Fig.8 which presents average structural 
parameters of grains and silicides and histograms of lamella orientation relative to the crystallization 
direction. It is seen than the grain size reduces with increasing crystallization rate and with the niobium 
addition. At the low crystallization rate, niobium decreases the grain length by nearly 50 %, while its effect 
on the grain width is not so significant. Silicides are also refined by niobium, particularly silicide length at 5 
mm/h. Effect of Nb on the silicide width and on the structure crystallized at 19 mm/h is smaller. 

Lamella orientation seem to be influenced by Nb addition. In the Nb-free alloy, the lamellae are oriented 
either independently or perpendicularly to the crystallization direction, while in the Nb-containing alloy, 
angles between lamellae and crystallization direction are relatively small. Lamellae seem to approach the 
heat removal direction. However, these conclusions should be taken with caution, because they are 
supported by relatively small numbers of measured grains. 
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a) 

 

b) 

 

c) 

 

d) 

 

Fig.7. Microstructures of directionally crystallized alloys: a, c) Ti-40at.%Al-5at.%Si alloy; b, d) Ti-
39at.%Al-5at.%Si-2at.%Nb alloy; a, b) solidification rate of 5 mm/h; c, d) solidification rate of 
19 mm/h (SEM, crystallization direction-from the right to the left). 

 

The observed refining effect of niobium on the size of grains and silicides in the directionally crystallized 
alloys can be explained in terms of: 1. nucleation and 2. growth. During nucleation stage, niobium may form 
nuclei in the melt, at which new β(Ti) grains and silicide particles nucleate. In directionally solidified 
eutectics, the growth stage is also important, because distances between eutectic particles and their sizes 
are determined by elemental diffusion in the melt in front of a growing eutectic mixture. Generally, the 
slower the diffusion, the finer the resulting structure at a given crystallization rate. The observed refining of 
silicides caused by the Nb addition suggests that niobium may reduce diffusion rates of silicon or aluminum 
or both.       

 Different orientation of  (Ti,Nb)Al and (Ti,Nb)3Al lamellae in the matrix can be attributed to different 
mechanisms of solid state phase transformations occurring after crystallization of eutectic during its cooling 
to the room temperature. Eutectic crystallization produces a β(Ti)+Ti5Si3 eutectic, see Fig.1, and the 
observed lamellar mixture of (Ti,Nb)Al and (Ti,Nb)3Al phases results from decomposition of β(Ti). It is 
known that there are crystallographic relationships between both phases and, perhaps, niobium modifies 
them. More detailed explanation, however, requires additional experimental analyses which are now in 
progress.   



Symposium E  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 349

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

CONCLUSION 

It is demonstrated in the present work that niobium affects structural parameters of directionally 
crystallized ((Ti,Nb)Al+(Ti,Nb)3Al) + (Ti,Nb)5Si3 eutectic. It refines both aluminide matrix grains and silicide 
particles. Probably, it also modifies solid state phase transformations in the matrix. At the applied 
crystallization rates of 5 and 19 mm/h, directional crystallization influences only matrix grains. Silicides are 
not oriented.  

 

a) 

 

b) 

 

c) 

 

Fig.8. Structural parameters of directionally solidified alloys: a) average grain size, b) average silicide 
size, c) orientation of matrix lamellae relative to the crystallization direction.  
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Abstract 

β-Ti alloys prepared by using selected biotolerant elements are perspective materials for medical 
applications (like bone tissues). One of the possibilities of their preparation is powder metallurgy. 

Basic β-Ti stabilizing and biotolerant element is Nb. In this work the preparation of Ti39Nb alloy was 
studied. The powders were compacted, after homogenization in argon atmosphere, by cold isostatic 
pressing and sintering at 1300°C and 1400°C. The dependence of density, porosity, chemical composition 
homogenity on temperature and sintering time was observed at blends with various grain size HDH – Ti and 
Nb powders.  

Keywords: powder granularity, β -Ti alloy, SEM micrograph 

 

1.  Introduction: 

Titanium based alloys provide high strength-to-weight ratio, good fatigue strength and high corrosion 
resistance. Because of that they are widely used meanly in aerospace and medical applications. Still their 
disadvantage remains their high cost of raw material and expensive machining operations[1,2]. 

These days titanium alloys with β-structure are developed for biomedical applications because of their 
expected high biocompatibility and low elastic modulus in compare with conventional titanium alloys. Low 
elastic modulus is important with respect to biomechanical compatibility. When using an implant with high 
elastic modulus it overtakes a considerable part of body loading. Then the bone is shielded from necessary 
stressing required to maintain its strength, density and healthy structure. This effect (usually termed as 
“stress shielding”) may cause bone loss, implant loosening and premature failure of the implant. Higher 
biocompatibility of β-Ti alloys is provided due to absence of potential harmful elements in alloys that may 
cause problems during long term use in the human body. These elements are especially V, which has one of 
the highest cytotoxicity, and Al, that is suspected from causing neurological problems (Alzheimer disease). 
For alloying β-Ti alloys are used elements as Nb, Ta or Zr (and some others) that are relatively safe for use 
in human body. Moreover they in general act as β-Ti stabilizers[4-8].  

As it was said the disadvantages of Ti- based alloys are relatively complicated production and resulting 
higher costs and high reaction with oxygen, nitrogen and other elements during melting process. One of 
the ways to cost decrease is processing materials via powder metallurgy. That allows to save energy costs 
during production and obtain near net shape of the final produc. As disadvantage can be considered worse 
mechanical properties of products because of their porosity[9]. 

In this work we have obtained some observations which allow the production of β-Ti alloys via powder 
metallurgy processes with desired properties. 

 

2. Experimental (materials and methods): 

The specimens studied in this work were prepared from titanium and niobium powders bought from 
DAYANG CHEMICALS CO., LTD., China. Powders were processed via HDH method (hydridation of metal, 
milling and subsequent dehydridation in a vacuum furnace[3]). An example of Nb powder morphology and 
the microstructure of Ti- powder are shown in Fig. 1a and Fig. 1b respectively.   
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Fig. 1a: Nb powder with grain size more than  
125 μm 

Fig.1b: Microstructure (α+β phase) of Ti powder 
with grin size 80-125  μm 

The powders has nominal chemical composition- Ti-powder: 99,095 wt. % Ti;  

0,30 wt. % Fe; 0,06 wt. % Al; 0,10 wt. % Si; 0,34 wt. % O; 0,04 wt. % C; 0,05 wt. % N and 0,015 wt. % H. Nb-
powder: 99,859 wt. % Nb; 0,01 wt. % Fe; 0,003 wt. % Cu; 0,005 wt. % Si; 0,003 wt. % Ti; 0,07 wt. % O; 0,04 
wt. % C; 0,01 wt. % N a 0,004 wt. % H  The powder grains  are irregular shaped with grain sizes -80/325 
mesh (-177/+44 μm) and -100/325 mesh (-177/+44 μm) for Ti-powder and Nb-powder respectively. 
Powders were divided into fractions by using grain size analysis under argon atmosphere. So we have 
obtained four fractions of Ti-powder: powder with grain size smaller than 50 μm, powder with grain size -
80/+50 μm, powder with grain size -125/+80 μm and powder with grain size bigger than 125 μm. Also Nb-
powder was divided into four fractions: grain size smaller than 40 μm, grain size -80/+40 μm,  -125/+80 μm 
and powders with grain size bigger than 125 μm. 

From these powders were prepared blends of powders for production of specimens for sintering with a 
chemical composition Ti-39,3wt.%Nb. 

a) Blend of Ti and Nb powders with grain size bigger than 125 μm (marked  as 39N125).  

b)  Blend of Ti and Nb powders with grain size bigger than 80 μm and smaller than 125 μm (marked as 
39N80). 

c) Blend of Ti-powder with grain size bigger than 50 μm and smaller than 80 μm and Nb-powder with 
grain size bigger than 40 μm and smaller  than 80 μm (marked as 39N50/40). 

d) Ti-powder with grain size smaller than 50 μm and Nb-powder with grain size smaller than 40 μm 
(marked as 39Nm50/m40) 

Powders were sorted, weighted and filled into vessel under protective argon atmosphere in order to 
protect powders from oxidation. Then they were mixed for a 4 hours period in a TURBULA T 2 F mixer with 
a speed of 40 rpm. The construction of used vessel is hermetic, so all the process of mixing is running under 
argon atmosphere. 

After that the blends were filled into rubber mold (under argon atmosphere) and than they were cold 
isostatic pressed under pressure 400 Mpa for 20s. Subsequently one specimen from each blend was stored 
for further studying of porosity and blend homogeneity after mixing. Other samples from were sintered in a 
vacuum furnace (under pressure less than 10-3Pa ) at 1300ºC and 1400 ºC for 5, 10, 15, 20, 25 and 30 hours 
and cooled in furnace. All of samples were measured by using the equipment Densimeter EW SG of Mirage 
Trading Co, Ltd., Japan in order to determine the density of the samples. With regard to high surface 
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porosity it was necessary to avoid the infiltration of the fluid into the specimen. Hence the open surface 
pores were closed by the nitrocellulose lacquer. 

Metallographic preparation was carried out using conventional techniques with Al2O3 papers from #180 to 
#1200 and subsequently SiC papers (#2500 – #4000) and polished with Struers OP-S emulsion in addition of 
0,6 ml OP-S, 2 ml H2O and 2 ml NH3. These samples were studied by using optical microscope (OM). Than 
the samples were etched with a solution of 100ml HNO3, 26 ml HF and 84 ml H2O. Subsequently studying 
was carried out by using scanning electron microscope in backscattered mode (COMPO), which allows us to 
study the heterogeneity in chemical composition of sintered samples. Chemical composition of certain 
areas was determined by using energy dispersive analyzer (EDAX). Pictures obtained by OM were analyzed 
by LUCIA G software, that allows us to measure the percentage part of pores (porosity) in material and 
their morphology. 

 

3.  Results and discussion: 

SEM (COMPO) micrographs obtained from a sample cold isostatic pressed are shown if Fig.2 and Fig.3. 
There can be seen Ti-grains (darker) and Nb-grains (brighter) in the sample 39N80 and 39Nm50/m40 (Fig.2 
and Fig.3 respectively). From these micrographs is evident uniform distribution of Nb grains among Ti-
grains. This means that blends of all fractions were mixed enough. 

  

Fig. 2: SEM micrograph (COMPO) of cold isostatic 
pressed 39N80 blend. 

Fig. 3: SEM micrograph (COMPO) of cold isostatic 
pressed 39Nm50/m40 blend. 

The dependence density-time of sintering for specimens of various grain size blends sintered at various 
temperatures is shown in Fig.4. At 1300ºC were sintered only specimens 39N50/40 and 39N125. In 
compare with the same specimens sintered at higher temperature (1400ºC) is their density much more 
lower and the change of the density with increasing sintering time (from 10 hrs) is inexpressive. Even the 
sample with relatively small grain size (39N50/40) has after 30 hrs sintering at 1300ºC density of about 4,5 
g/cm3. That is significantly less than theoretical density of compact Ti39,3Nb alloy (5,5 g/cm3). So it seems 
that the temperature 1300ºC is insufficient for sintering. Because of that for other experiments were used 
only specimens sintered at 1400ºC. 

The density values of specimens sintered at 1400ºC is in Fig.5. Densities of specimens 39N125, 39N80 and 
39N50/40 increase during first 15 hours of sintering. Further increase is immeasurable with respect to error 
of measurement. Also is evident that samples from finer fractions has higher density than that ones from 
coarser fractions. Density of sample with finest grains has the fastest increase and after about 15 hours of 
sintering reaches practically the value of theoretical density of compact material. 
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Fig.4: Density of specimens of two grain sizes sintered at 1300 oC and 1400 oC 
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Fig.5: Density of specimens sintered at  1400 oC depending on sintering time 

  

Fig.6a: Cold isostatic pressed 39N50/40 specimen 
(OM) 

Fig.6b: Sintered (5h at 1400 oC) 39Nm50/m40 
specimen (OM) 
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Fig.7a: Cold isostatic pressed 39Nm50/m40 
specimen (OM) 

Fig.7b: Sintered (5h at 1400 oC) 39Nm50/m40 
specimen (OM) 

Occurrence of pores in specimens and their morphology was studied by analyzing photographs from optical 
microscope (OM). Quantity and morphology of pores in specimens with coarse grains does not change very 
much. Despite there is evident diffuse rounding of pores surface and decrease of their amount. In specimen 
39N80 the change becomes more significant. The porosity and morphology of specimens 39N50/40 and 
39Nm50/m40 is shown in Fig.6 and 7 respectively. The change of porosity and morphology of pores during 
first 5 hours of sintering for these specimens can be seen when comparing Fig.6a and 6b (or 7a and 7b). 
There is a significant decrease in porosity especially for the finest grains and also the morphology after 
sintering is much more different. 

Results of pores quantity are shown in Fig.8. With increasing time of sintering the quantity of pores 
decreases in all of observed specimens. The most significant decrease of porosity is during first 5 hours of 
sintering and then the decrease rate slows down. In sample 39N125 the porosity decreases only during first 
5 hours of sintering and further decrease is not significant because of scatter of experimental values. While 
the porosity of specimen with the finest grain size (39Nm80/m40) falls to less than 1% after 5 hours of 
sintering at 1400ºC. Specimen porosity and rate of its decrease also strongly depends on the grain size of 
sintered specimens. After about 15 hours of sintering 39N50/40 sample reaches the porosity of about 10%, 
the porosity of 39N80 sample is about 22% and for 39N125 sample is about 28%. This is caused by higher 
amount of grains in sintered volume of blends with finer grain size and resulting larger surface of grains and 
more contact areas, which enables easier and faster diffusion of Ti and Nb atoms along grain boundaries. 
So the diffusion distances are shorter. 

Very important role for the quality of the final product plays chemical homogeneity  reached during the 
sintering process. That is the reason why the chemical composition and phase microstructure were studied  
besides porosity. The origin microstructure of Ti-powder was α-Ti + β-Ti microstructure (Fig.1b). 

An example of microstructure (COMPO) of the coarsest blend (specimen 39N125) after 5 hours sintering is 
shown  in Fig.9. Brighter areas that with higher content of Nb (element with higher atomic mass than Ti). 
Whereas originally Ti-grains are darker. In the vicinity of Nb-particles can be seen gray areas. This is a proof 
of dissolving of Nb into Ti-rich regions. 

In other SEM micrographs (Fig.10 and 11) are details of areas from the specimen shown in Fig.9. The former 
shows  α-Ti+β-Ti microstructure. Analysis of chemical composition (EDAX) confirmed content of Ti higher 
than 60%. The latter figure shows area consists entirely of β-Ti microstructure. In this case the EDAX 
analysis showed much higher content of Nb. So it is evident that Nb acts as  β-Ti phase stabilizer. 
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Fig.8: Porosity of blends sintered at 1400 °C depending on sintering time 
 

  

Fig.9: SEM micrograph of 39N125 specimen 
sintered for 5 hrs. at 1400 oC (COMPO) 

Fig.10: Detail of α-Ti + β-Ti phases in specimen 
39N125 sintered at 1400 oC/5 hrs.  

  

Fig.11: Detail of β-Ti phase microstructure of 
39N125 specimen sintered at 1400 oC/15 hrs.   

Fig.12: Microstructure of an 39N125 specimen 
sintered at 1400 oC/15 hrs. (OM) 

During phase study from photographs obtained by OM from etched specimens was observed the decrease 
of amount areas consisting of α-Ti+β-Ti microstructure, which were replaced by areas with  β-Ti 
microstructure, with increasing sintering time. There is an optical micrograph of sample 39N125 sintered 
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for 15 hours in Fig.12. There can be seen areas with pure β-Ti phase (bright ones) and areas consisting of α-
Ti+β-Ti microstructure (darker). In specimens with coarse grains (39N125, 39N80) was not reached fully β-Ti 
microstructure (there were always some areas of α-Ti+β-Ti microstructure) even after 30 hrs. of sintering. 
On the other hand in the 39N50/40 specimen was reached wholly β-Ti microstructure after 20 hours of 
sintering. and in the specimen with the finest grains was reached fully β-Ti microstructure after 5 hours of 
sintering. This is caused by easier and faster diffusion of Nb into Ti-particles in material with finer grains as 
was said. 

  

Fig. 13: β -Ti phase of 39N50/40 specimen 
sintered at 1400 oC/20hrs. 

Fig. 14: β -Ti phase of 39Nm50/m40 specimen 
sintered at 1400 oC/5hrs. 

 

4.  Conclusions: 

In terms of results mentioned above imply: 

a) Study of pressed specimens structure showed, that the mean and parameters of blending powders 
are suitable for homogeneous distribution of Ti and Nb particles in used blend with composition of 
39,3 wt.% Nb and 60,7 wt.% Ti. 

b)  The temperature  1300ºC is not sufficient for sintering , because of high porosity and small density of 
sintered material. 

c) Detailed study of microstructure, local chemical composition and the density ha offered the 
dependencies of porosity, structure and chemical homogeneity on sintering time at  1400ºC for 
blends with various grain size. 

d) For totally compact material it is necessary to insert subsequent heat forging operation, which only 
can provide additional decrease of porosity. Only after studying forged samples will be possible to 
analyze acceptable and most suitable range of grain size in blends, regarding the lowest price of final 
product. 
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ABSTRACT 

Zirconium alloys are very important materials used in nuclear reactors. Due to their high corrosion 
resistance and low thermal neutron capture cross section are these alloys ideal for production of cladding 
of the nuclear fuel rods. In order to define their resistance to damage, it is necessary to know their 
mechanical properties after long-term service and high temperature oxidation, as well as the reasons for 
changes in those characteristics. This paper presents the evaluation of microstructure, local mechanical 
properties, results of X-ray diffraction and electron microprobe measurements of the Zr-alloy after various 
exploation times prior to cooling, which simulated the LOCA conditions (loss of coolant accident). The 
microstructure was studied by optical and scanning electron microscopy. The indentation hardness was 
evaluated by nanoindentation method. The parameters and the volume of the lattice of phases were 
analysed by X-ray diffraction method. The chemical composition, primarily the oxygen content, was 
analysed by electron microprobe. The results proved the existence of relationships between the time of 
high temperature exposure, the content of oxygen and its effect on microstructure and local mechanical 
properties of Zr-alloys. 

Keywords: zirconium alloys, oxygen, nitrogen, EPMA 

 

1. INTRODUCTION 

Zirconium alloys are used in nuclear power generation primarily due to their low thermal neutron 
absorption cross section, good mechanical properties and corrosion resistance (including resistance to 
aqueous environment at elevated temperature). They are used, for instance, for production of cladding 
tubes serving as the primary barrier between the fuel and the surrounding environment. Zirconium (Tt = 
1,860°C) is an allotropic metal with a low-temperature form α (hcp) stable up to about 860°C and a high-
temperature form β (bcc). Zr shows a high affinity for hydrogen, oxygen and nitrogen, forming stable 
hydrides, oxides, nitrides and interstitial solid solutions.  

The presence of such elements has significant impact on microstructure-dependent properties of material.  
Oxygen enhances the stability of α-Zr and forms interstitial solid solution. Hydrogen stabilizes β-phase and 
increases the solubility of oxygen in Zr at temperatures between 800-1200°C. In this fashion, it affects the 
redistribution of oxygen and the depression of the α - β Zr transformation temperature. It also promotes 
hydride precipitation during cooling.   

The issue of oxide flaking from pure Zr is addressed by adding alloying elements (Cr, Fe, Ni), which are 
insoluble in the Zr matrix, forming small intermetallic particles, and by adding Sn, suppressing the adverse 
effects of nitrogen. In these alloys, oxide has uniform thickness and is not markedly prone to flaking. Other 
alloying elements are added to Zr for the purpose of improvement of mechanical and corrosion-related 
properties: Nb, Al, Cu, V... High corrosion resistance in alloys containing Nb (0.1 to 2 wt %) can be achieved 
by preparing microstructure with finely distributed β-Nb precipitates on the α-phase grain boundaries and 
within the matrix [1].  

During the operation of the VVER pressurised-water reactor, the outer wall of the tube is in contact with 
the cooling water at the temperature of 320°C and pressure of 16 MPa, which results in Zr oxidation and 
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release of hydrogen, part of which is absorbed by the alloy. The forming oxide creates a water-metal barrier 
inhibiting the corrosion. New types of alloys are being developed with the aim of achieving better physical, 
mechanical, technological and corrosion properties and thus extending the fuel cycle of the power plant 
using higher-quality fuel and providing greater safety.  

A LOCA-type accident may occur in water-cooled reactors, which involves a failure of the main piping and 
leak of the coolant. The loss of moderator then occurs within less than 10 seconds and the fission stops. 
The temperature of the fuel cladding rises to about 1,000°C. A reaction between the steam and the 
cladding tube occurs, resulting in high-temperature oxidations with parabolic kinetics. After certain delay, 
emergency systems flood the reactor with water and the fuel cladding tubes will be cooled down rapidly. 
UJP Praha a.s. carries out simulations of this type of accident under laboratory conditions [2]. During 
heating, a portion of oxygen forms oxides, while the other portion dissolves in the metal. The amount of 
oxygen dissolved in the metal increases with temperature and oxygen concentration gradient forms. At 
higher temperatures, the α-phase transforms to the β-phase, where β might contain certain maximum 
proportion of dissolved oxygen. Even at high temperatures, oxygen causes the transformation of the β-
phase back to the hcp-phase termed α-Zr(O) which remains stable during cooling. On cooling, the 
remaining β-phase undergoes a transformation to the α-phase (prior β-phase) [3]. At the time of cooling, β-
phase promoting elements (H, Fe, Cr) diffuse into the β-phase. At the same time, α-phase lamellae form 
(being depleted of these elements).  

Microstructure of the material upon high-temperature oxidation and cooling consists of the ZrO2 oxide 
layer, oxygen-stabilized α-Zr(O)-phase and the α-phase (enriched with H, Fe and Cr). The α-Zr(O) layer is 
very brittle, and thus it is the α-phase which provides the residual ductility and toughness of material. 
Cooling down from higher temperatures leads to hydride precipitation. Rapid cooling gives rise to ZrH 
formation. Slow cooling promotes formation of ZrH2-x. The character of the α-Zr(O) layer depends on the 
chemical composition of the alloy. In Sn-containing alloys (Sn stabilizes the α-phase), this layer is uniform, 
while in alloys containing Nb (stabilizing the β-phase) the layer is non-uniform, needle-like, such as in Fig. 1. 

 

2. EXPERIMENTAL MATERIALS 

The evaluated Zr-alloy contains: 1.0 - 1.1 wt.% Nb, 3 ppm H, 20 ppm N, 100 ppm C and 840 ppm O. Tubes 
with the length of 30 mm, an outer diameter of 9 mm and a wall thickness of 0.6 mm were used as 
experimental materials. Specimens were subjected to high-temperature oxidation in steam (exposure 
temperature:  950°C to 1200°C, exposure time: 0 to 300 min) and quenched in water with ice. Upon high-
temperature oxidation and quenching, the tubes were sectioned with a diamond-disc cutter at UJP to 
annular rings with the height of 3 mm and then embedded in resin and polished for metallographic 
observation. The specimen preparation and evaluation are described in the report [2].  

 

3. EXPERIMENTAL METHODS 

Nanoindentation measuring was carried out using XP nanoindenter and a Berkovich indenter. With this 
equipment, it is possible to conduct an instrumented indentation test recording the load-indentation depth 
curve (F - h) in the loading and unloading phases and thus determine the indentation hardness, elastic 
modulus and other characteristics. The indentation hardness is defined by the standard [4]: HIT = Fmax /Ap, 
where Fmax is the maximum loading force and Ap is the projected indentation contact area. Indentations 
were made under the load of 8 mN in three parallel rows starting at the oxide-metal interface with a pitch 
of 5 µm. Indentations were documented with light and scanning electron microscopes, see Fig. 1.  

Chemical composition of the material was measured using a electron probe microanalysis (EPMA). The 
instrument (energy-dispersive X-ray probe by EDAX) is built in a Quanta 200 scanning electron microscope 
and uses primary characteristic X-ray emission from the irradiated spot. The content of elements is then 
determined from the response to the impinging electron beam. The interaction between the primary 



Symposium E  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 361

electron beam and the specimen takes place within a very small volume depending on the atomic weight of 
the specimen material. Its estimated volume is 1-3  µm3. The measuring was carried out along a line parallel 
to the indentations, see Fig. 1. The numerical values are marked as au percent (artificial unit) as the results 
cannot be considered equal to weight per cent concentration within the bulk material. These are local 
values with a complex relationship to the overall oxygen content in the material. The au% values match the 
weight per cent data for the oxygen content in ZrO2 (stechiometric composition oxide). However, the 
measured values can be compared with each other.  

 

Fig. 1. The cross section of the sample with exposition time 3 min. and exposition temperature 950°C.  

X-ray diffraction measuring was carried out using Panalytical X’Pert PRO diffractometer with a copper-
target X-ray tube (λKα = 0.154187 nm) and a high-speed PIXcel detector. For grain size determination, an 
AXS Bruker D8 Discover diffractometer with a cobalt-target X-ray tube (λKα = 0.179021 nm) and an area 
detector Hi-Star with position sensitivity. Upon integration along the radial profile of the diffraction line, 
one can obtain a one-dimensional diffraction pattern (radial profile of lines) with this detector, like with 
conventional powder diffractometers. 

 

4. RESULTS 

Fig. 2 shows 3 rows of indentations documented by a light microscope. The chart contains indentation 
hardness in dependence on the distance from the oxide-metal interface. The chart shows an interval (green 
lines) of values for the α-phase. Of these, mean values (blue line) were calculated (Table 1).   

 

Table 1. Measured values of indentation hardness HIT [GPa] in dependence on temperature and time of 
exposure. 

Temp. [°C] 950 
 

1000 1050 1100 1200 
Time [min] 
0 2.88 ± 0.27  3.32 ± 0.25   

3 2.93 ± 0.16  3.53 ± 0.24 3.76 ± 0.28 4.67 ± 0.20 
6 3.21 ± 0.24  3.63 ± 0.23 3.98 ± 0.28 4.61 ± 0.38 
9 3.40 ± 0.20  3.95 ± 0.24  5.44 ± 0.33 
15 3.19 ± 0.17 3.69 ± 0.35  3.82 ± 0.21 4.98 ± 0.29 
30 3.23 ± 0.24 3.76 ± 0.35  4.34 ± 0.26 7.77 ± 0.62 
60 3.39 ± 0.14 4.00 ± 0.39 3.90 ± 0.28   

120 3.67 ± 0.17  5.15 ± 0.45   

180 3.86 ± 0.70     

300 4.56 ± 0.61     
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Fig. 2.Indentations on the sample with an exposure time of 60 min, exposure temperature of 950°C and 
measured values of indentation hardness in dependence on the distance from the oxide-metal 
interface. 

 

Fig. 3 shows the same indentations documented by a scanning electron microscope as a backscattered 
electron image (BSE), highlighting the difference in atomic numbers of elements on the material surface. 
Apparently, the α-Zr(O) layer has a strongly non-uniform and  needle-like character. Upon long exposure 
times, individual grains of this phase can be observed in the α-phase. 

Fig. 3 shows marked spots of EPMA measurement. The chart contains a plot of oxygen content and 
indentation hardness vs. distance from the oxide-metal interface. Clearly, the plots of the measured values 
have similar shapes, as in [5, 6]. 
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Fig. 3.Indentations on the sample upon the exposure time of 60 min and exposure temperature of 950°C 
with locations of EPMA measurements. In the plot, measured values of oxygen content and 
indentation are shown in dependence on the distance from the oxide-metal interface. 

 

Fig. 4 shows measured values of indentation hardness for all evaluated specimens. In general, the values 
tend to increase with exposure time and temperature.  

Fig. 5 contains a plot of ductility (measured at UJP [2]) vs. indentation hardness. Clearly, specimens with 
indentation hardness above 4.6 GPa are rather brittle. 
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Fig. 4. Measured values of indentation hardness for all evaluated samples in dependence on exposure time 
and temperature. 

 

Fig. 5. Ductility in dependence on values of indentation hardness. 

 

Changes in microstructure were measured by means of X-ray diffraction analysis as well. Correlation 
between indentation hardness and lattice parameters has been found. The volume of elementary cells 
typically increases with steam exposure time, as does the bi-axial compressive lattice stress and grain size, 
see [5, 7]. 

Specimens showing local indentation hardness maxima (Fig. 4 - exposure time of 9 minutes) exhibited 
greater oxygen content and smaller lattice volume. Hence, besides occupying interstitial positions, a 
portion of oxygen atoms is probably bound in precipitates on the grain boundaries [5]. 
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5. CONCLUSION 

The study deals with the effect of temperature and time of high-temperature oxidation and subsequent 
quenching on mechanical properties of a Zr-alloy. It was found that specimens exposed to the temperature 
of 950°C retained its ductility up to the exposure time of 180 min. Even the specimen exposed for 
300 minutes shows non-zero ductility (1.02%). All specimens exposed to 1,200°C became brittle (0 - 0.04%) 
as well as the specimen exposed to 1,150°C for 120 min. (0.55%). 

Oxygen content measurement using EPMA showed that there was correlation between the oxygen content 
curves and indentation hardness curves. Changes in mechanical properties are also in line with 
microstructure changes revealed by X-ray diffraction.  

Measured values and correlations will be used for enhancement of accuracy of safety criteria in case of the 
LOCA accident. 
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ABSTRACT 

Method of directionally controlled solidification with planar crystallization front is used, as a rule, to purify 
the main component of impurities. It is considered that distribution of each impurity component along the 
length of directionally solidified sample with planar front is predetermined by the value of the equilibrium 
distribution coefficient (K) of each impurity with the main component. The K value is determined from 
equilibrium binary phase diagram as the relation K = CS / CL, where CS and CL are contents of the impurity 
under examination in coexisting solid and liquid phases. On condition that DS = 0 and DL =∞ and K < 1, at 
crystallization with planar front the impurity content along the length of the directionally solidified sample 
increases constantly and reaches maximum in the last part of the sample. In case of the value K > 1 the 
impurity content on the contrary decreases from the initial part of the sample to the final one. However, 
when two or more impurity components are present, their redistribution in the directionally solidified 
sample with planar front obeys conditions of completely non-equilibrium crystallization of multi-
component alloys. It is shown that in multi-component continuous solid solutions values of K of medium 
melting point components change in the crystallization range from K < 1 (at the starting point of the 

process) to K > 1 (at the end of the process). Such change of K  predetermines more complex distribution 
of such components – impurities along the length of the directionally solidified sample with planar 
crystallization front. At first impurity content gradually increases, reaches the maximum value and then 
decreases to minimum. Such complex component distribution should be taken into consideration during 
crystallization purification. In the present work general regularities of component distribution depending on 
the melting temperatures of the basis component and the impurity components have been established.  

Keywords: solidification, crystallization, equilibrium, isothermal section, phase diagram 

 

1.  INTRODUCTION 

To predict the evolution of the intracrystalline or dendrite liquation in the course of non-equilibrium 
crystallization as well as to determine component distribution in directionally solidified ingot with planar 
crystallization front, it is necessary to know values of equilibrium distribution coefficients (K), which are 
estimated from equilibrium phase diagrams as the ratio K = CS / CL at temperatures in the crystallization 
range t = tL – tS, here tL and tS are liquidus and solidus temperatures of the alloy respectively, CS, CL – an 
alloy component content in coexisting solid and liquid phases.  

According to binary diagrams it is easy to determine equilibrium distribution coefficients of the alloying 
component. In these systems, in which extremums on liquidus and solidus lines are absent, the distribution 
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coefficient of the high melting point component of any alloy is always more than a unity (K > 1) and the 
distribution coefficient of the low melting point component is always less than a unity (K < 1) [1, 2]. 

 

2.  THEORY 

In the ternary system A – B – C (Fig. 1), where component melting temperatures relate as tB > tC > tA, the 
equilibrium distribution coefficient of the component B (the most high melting point one) in all alloys is 
more than a unity (KB > 1), the equilibrium distribution coefficient of the component A (the most low 
melting point one) in all alloys is less than a unity (KA < 1). It is much more difficult to speak about the 
distribution coefficient of the component C (medium melting point component) in this system. 

 

 

 

 

 

Fig. 1  

Composition of the liquid (L) and 
solid (S) phases at the 
equilibrium crystallization of 
alloys 1 -3 and the isothermal 
sections at the liquidus 
temperatures of alloys 1, 2 and 
within the crystallization range 
of alloy 3 

 

In paper [3], probably for the first time, the authors succeeded in showing that in such systems there exists 
the area Ca3b3 (Fig.1), in which alloys with changing distribution coefficient of the medium melting point 
component C are located: at the beginning of the crystallization process close to the liquidus temperature 
of these alloys KC < 1, at temperature equal to ts, KC = 1, at the end of the crystallization process close to the 
solidus temperature KC > 1. The mentioned area is determined by the isothermal section of the diagram A – 
B – C at the melting temperature of the component C. At the equilibrium crystallization of alloys located in 
the area Cb3B, adjacent to the high melting point component B, the distribution coefficient of the 
component C is less than a unity (KC < 1), and the alloys located within the area Ca3A, adjacent to the low 
melting point component A, have the distribution coefficient of the component C more than a unity (KC > 
1). 

Peculiarities of equilibrium and non-equilibrium crystallization of various alloy compositions in the ternary 
system as well as the alloy component distribution in the ingot at the directional solidification through the 
planar front are discussed in papers [3, 4]. More precise investigations of equilibrium and non-equilibrium 
crystallization of alloys in ternary systems with computer modeling have been carried out [5]. The obtained 
data corroborated completely the results of papers [3, 4]. 

 

3.  RESULTS 

A regular tetrahedron was used to estimate the equilibrium distribution coefficients and to study the 
equilibrium and non-equilibrium crystallization of four-component alloys. In this figure the tetrahedron 
vertexes correspond to pure components, six ribs – to binary systems, four sides – to ternary systems and 
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the inner space of the tetrahedron – to the four-component systems [6–8]. Four components which 
melting temperatures relate as tB > tC > tA > tD were analyzed: tB = 1000°C; tC = 800°C; tA = 600°C; tD = 400°C. 
The main challengers in plotting the graphs were to construct two-phase regions for different 
temperatures, to determine directions of tie-lines in these regions and to determine compositions of the 
liquid and solid phases. Specification of the above mentioned characteristics makes it possible to describe 
the course of the equilibrium crystallization, estimate mass fractions of the liquid and solid phases, 
determine equilibrium distribution coefficients of components, predict the development of dendrite 
liquation and component redistribution in the ingot manufactured at controlled directional solidification 
with a planar crystallization front.  

The structure of the two-phase regions in the four-component system was determined by means of the 
following graphic constructions [9]. The 3-D tetrahedron figure consisting of components A, B, C, D was 
broken down into four ternary systems A – B – D, A – B – C, B – C – D and A – C – D in the form of 
equilateral triangles. Then, on each side of these triangles binary phase diagrams were plotted on the basis 
of components of the four-component alloy, i.e, A, B, C, D with specified melting temperatures (Figs. 2 – 6). 

Then, the isotherms within the temperature range corresponding to the two-phase state of the four-
component system (from 400°C to 1000°C) were specified. The selected isotherms made it possible to 
determine definitely the coexisting equilibrium compositions of the liquid and solid phases in the two-
component systems, since the points of intersection of the isotherm with the liquidus and solidus lines 
correspond to the equilibrium compositions of the liquid and solid phases, and the line itself – the isotherm 
within the two-phase region – is a tie-line. 

The presence of all binary phase diagrams enables to construct 3-D ternary systems as well as all isothermal 
sections in these ternary systems. Isothermal sections in ternary systems are shown in Figs. 2 – 6. The 
liquidus and solidus isotherms and the directions of the tie-lines were constructed on the basis of well-
known principles [6–8]. 

Graphical constructions of the isothermal sections and tie-lines enabled to estimate accurately the values 
of the equilibrium distribution coefficients (more or less than a unity) in binary and ternary systems for the 
alloy compositions within the two-phase regions at the given temperatures. These values for each 
component are indicated in Figs. 2 - 6. 

To determine the two-phase isothermal spaces in the four-component system, the tetrahedron for the 
given temperature was “assembled”, i. e. the four ternary systems with specified isothermal sections and 
tie-lines were joined into a single figure. The liquidus and solidus isotherm lines as well as the tie-lines in 
ternary systems turned out to be at the tetrahedron faces and connected at the edges corresponding to the 
binary systems. Within the internal space of the tetrahedron a two-phase region was formed, bounded by 
the solidus surface, with its convexity directed at the high melting point component side, and the liquidus 
surface with the convexity directed at the low melting point component side. 

The isothermal sections and tie-line directions in two-, three- and four-component systems for the 
temperature 900°C are shown in Fig. 2. The tie-line direction in the two-phase region of the four-
component alloy (i.e. in the inner space of the tetrahedron) was specified on the basis of the principle of 
the gradual change of the tie-line direction from one edge to the opposite one, from one face to another, 
taking into account that the areas of the sections on the liquidus and solidus surfaces are proportional. By 
means of the tie-lines we determined the component content in the liquid and solid phases for different 
four-component compositions and, correspondingly, the equilibrium distribution coefficients within the 
equilibrium crystallization range. Since it is very difficult to estimate the component content in the liquid 
and solid phases in four-component alloys, qualitative values of the equilibrium distribution coefficients 
(more, less than a unity, or equal a unity) were specified on the following principles. First, for each 
isothermal section, the equilibrium distribution coefficient values for ternary alloys were determined. Thus, 
at 900°C (Fig.2) in the ternary alloy A – B – D we obtain KB > 1, KD < 1, KA < 1, in the ternary alloy A – B – C KB 
> 1, KA < 1, KC < 1, in the ternary alloy B – C – D KB > 1, KC < 1, KD < 1. All alloys in the ternary system A – C – D 
at 900°C are in the liquid state. After the assembly of the tetrahedron and derivation of the isothermal 
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space in the four-component system, all tie-lines in this space will be arranged so that equilibrium 
coefficients of any alloy from this region will be the following: KB > 1, KA < 1, KC < 1, KD < 1. In other words, 
the equilibrium distribution coefficient of the most high melting point component (B) is more than a unity, 
but all the others (A, C, D) are less than a unity. 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 2 Isothermal sections in two-, three- and four-component systems based on A, B, C, D at 900°C 

 

In Fig. 3 the isothermal sections at the temperature 800°C corresponding to the melting temperature of the 
component C(tC) are shown. Correspondingly, we have obtained different isothermal sections and values of 
the equilibrium distribution coefficients for the alloys in these sections. In the ternary system A – B – D we 
have KB > 1, KA < 1, KD < 1. In ternary systems A – B – C  and B – C – D the tie-line direction is parallel to the 
opposite side of the component C, and its content is the same both in the liquid and solid phases, and the 
equilibrium distribution coefficient is equal to a unity (KC = 1). For the other components the values of the 
distribution coefficients are the following: KA > 1, KB > 1, KD < 1. The resulting space isothermal section in 
the tetrahedron A – B – C – D at 800°C will be characterized by equal contents of the component C in the 
liquid and solid phases for any alloy composition in the given isothermal space, since any tie-line in this 
space will be parallel to the face opposite to the component C. The equilibrium coefficients of other 
components will be: KB > 1, KA < 1, KD < 1. 

In Fig. 4 the isothermal section at the temperature 700°C, which is less than tC and more than tA, is shown. 
At this temperature there are isothermal sections in all four three-component systems and, 
correspondingly, all four ternary systems were used to construct the isothermal space in the four-
component system. The values of the equilibrium distribution coefficients were as follows: for the A – B – D 
system KB > 1, KA < 1, KD < 1; for the A – C – B  system KB > 1, KC > 1, KA < 1; for the B – C – D system KB > 1, KC 
> 1, KD < 1; for the A –C – D system KC > 1, KA < 1, KD < 1. 

For four-component alloys in the two-phase region at 700°C in the A – B – C – D system we have found that 
KB > 1, KC > 1, KA < 1, KD < 1. Thus, for the alloys in the two-phase region in the four-component system at 
700°C, B and C are high melting point components, and their equilibrium distribution coefficients are more 
than a unity; A and D are low melting point components and their equilibrium distribution coefficients are 
less than a unity, correspondingly. 
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Fig. 3 Isothermal sections in two-, three- and four-component alloys based on A, B, C, D at the melting point 
of the component C equal to 800°C 

Fig. 4 Isothermal sections in two-, three- and four-component alloys based on A, B, C, D at 700°C 

 

In Fig. 5 isothermal sections in the systems under investigation at the melting temperature of the 
component A are shown; correspondingly, the equilibrium distribution coefficient of this component is 
equal to a unity (KA = 1), for the other components KB > 1, KC > 1, KD < 1. 

In Fig. 6 isothermal sections in the systems at 500°C (less than tA and more than tD) are shown. The values 
of the equilibrium distribution coefficients are the following: KB > 1, KC > 1, KA > 1, KD < 1. Thus, in the region 
of the alloy composition close to the most low melting point component (D) the equilibrium coefficients of 
all the other components are more than a unity, while that of the component D is less than a unity.  
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Fig. 5 Isothermal sections in two-, three- and four-component alloys based on A, B, C, D at the melting point   
of the component A equal to 600°C 

Fig. 6 Isothermal sections in two-, three- and four-component alloys based on A, B, C, D at 500°C 

 

Some general regularities regarding the equilibrium distribution coefficient values in any multi-component 
solid solution alloy may be derived on the basis of analysis of the isothermal sections in the four-
component system with complete solubility of the components in both the liquid and solid states and the 
previous analysis of ternary systems [3, 4]. With this purpose, the table presents three possible binary 
alloys on the basis of the components B – C, C – A, A – D (other combinations on the basis of these four 
components are possible). Each of these alloys, depending on the compositions, will have its own liquidus 
and solidus temperatures, which will be between the melting points of the initial components. The 
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equilibrium distribution coefficient values may easily be determined by the phase diagrams. In these 
systems, the equilibrium distribution coefficient of the most high melting point component is always 
greater than a unity, while that of the most low melting point component will always be less than a unity. 

Analysis of ternary phase diagrams of continuous solid solutions has shown [4] that three regions of alloy 
compositions with different equilibrium distribution coefficient values are possible here. The table presents 
these three characteristic compositions of the ternary alloy A – B – C. These three regions are specified on 
the basis of the liquidus and solidus temperatures of the alloy and the melting points of the pure 
components tB, tC, tA. If the liquidus and solidus temperatures are between the melting points of the most 
high melting point component and the medium melting point component, the equilibrium distribution 
coefficient of the most high melting point component will always be more than a unity, while the 
corresponding coefficients of the medium and low melting point components will be less than a unity. If the 
liquidus temperature of the alloy is above the melting point of the medium melting point component, and 
the solidus temperature is below it, the equilibrium coefficient of the high melting point component will be 
greater than a unity, that of the low melting point component will be less than a unity; the equilibrium 
coefficient of the intermediate component is first less than a unity (close to the liquidus), then equal to the 
unity (at the melting point of the intermediate component), and finally greater than a unity. If the liquidus 
and solidus temperatures of the alloy are less than the melting point of the intermediate component and 
correspondingly greater than that of the low melting point component, in this alloy the equilibrium 
distribution coefficients of the high and medium melting point components are always more than a unity, 
while that of the low melting point component is less than a unity. 

In a four-component system with continuous solid solutions five composition ranges with different 
combinations of distribution coefficients of the components are possible. Like in a ternary system, these 
compositions are determined by the liquidus and solidus temperatures of the alloy and the melting points 
of the pure components. The regularities revealed in the equilibrium distribution coefficient values in multi-
component systems are most evident at the completely non-equilibrium crystallization of alloys and the 
controlled directional solidification of ingots with a planar front, and will predetermine the micro-liquation 
(dendrite liquation) in the first case and the macro-liquation (zone liquation) in the second.  

During the crystallization purification of the alloy of impurities, in the system under investigation, 
depending on the component – the alloy basis, different patterns of component redistribution along the 
sample length are possible depending on the crystallized fraction (Fig. 7, a – d). If the alloy basis is the most 
high melting point component B ( the alloy with the composition 85 % B, 6 % C, 5 % A, 4 % D, provided DS = 
0, DL → ∞ , we will have the component distribution presented in Fig. 7, a . As is evident, the content of the 
most high melting point component B  along the ingot length will gradually decrease from the maximum 
value (~ 87 %) to zero at the end. The content of the most low melting point component (D) will gradually 
increase from about 3.5 % at the beginning of the ingot to 100 % at the end. The content of the medium 
melting point components (C and A) will first increase from the minimum values (1.5 – 2.5 %) at the 
beginning of the ingot to the maximum (10 – 20 %) after the solidification of 0.7 – 0.8 of the ingot and then 
decline to zero at the end. The emergence of maxima in the content of the medium melting point 
components may be attributed to the change in the equilibrium distribution coefficients of these 
components from K < 1 to K > 1.  

Equilibrium distribution coefficients of components in two-, three- and four-component continuous solid 
solutions estimated by their liquidus and solidus temperatures 

If other components (A, C, D) are the alloy basis, there will be another component distribution (Fig. 7, b – 
d). If in the alloy the equilibrium distribution coefficient changes from K < 1 to K > 1, there will always be a 
maximum in the distribution curve (Fig. 7, b, c). The presence of maxima, as it is shown in [4], must be 
taken into consideration during the crystallization purification of alloys. 

Since it is a common practice to determine the liquation of the components in the alloy by means of the 
coefficient DL = CBO / CCT, where CBO, CCT are the contents of the component at the boundary and in the 
centre of the dendrite cells, respectively, the analysis here outlined does not permit to estimate 
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quantitatively or even qualitatively the liquation of the medium melting point components C and A. Hence, 
for multi-component alloys (three-component or more) it is expedient to have experimental data on the 
micro- and macro-distribution of the components in tabular or graphical form.  

       

a) 85 % B, 6 % C, 5 % A, 4 %          b) D 85 % C, 6 % B, 5 % A, 4 % D  

c) 85 % A, 6 % B, 5 % C, 4 % D         d) 85 % D, 6 % B, 5 % C, 4 % A  

Fig. 7 Distribution of the components in alloys, as a function of the fraction of the directionally solidified 
ingot with a planar crystallization front at DS = 0, DL → ∞ 
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4.  CONCLUSION 

1. Complex regularities of the redistribution of the medium melting point components in three-, four and 
multi-component continuous solid solution alloys at the equilibrium and non-equilibrium crystallization 
have been revealed.  

2. It has been found out that the equilibrium distribution coefficients of the components in a multi-
component continuous solid solution are more than a unity for components the melting point of which is 
above the liquidus temperature of the alloy; these coefficients are less than a unity for the components the 
melting temperature of which is below the solidus temperature of the alloy. For components the melting 
point of which is within the crystallization range of the multi-component alloy, the equilibrium distribution 
coefficient is less than a unity at the beginning of the process, then is equal to the unity, and at the end of 
the process is more than a unity. 
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Abstract 

Plasma arc melting was used to grow large high purity W-Re single crystals in a wide concentration range 
(1-20wt%Re). Relationship between solidification parameters and growth structure of W-Re alloys was 
determined and shown as “Co-GL/R1/2” diagram. “Stripped” microstructure and crystallographic 
reorientation to the [100] preferable growth axis was found for (W-Re) single crystals upon growing. The 
narrow range of the dendritic structure and “abrupt transition” to the polycrystalline structure in the “Co-
GL/R1/2” diagram for the W-Re single crystal explains the tendency to the formation of the polycrystalline 
structure. All these factors make the growing the perfect single crystals containing more than 1 wt% Re 
difficult. To produce the perfect W-Re single crystals, the following conditions should be provided: (1) using 
the high purity of the initial constituents and some re-melts; (2) intensive mixing the melt; (3) stable 
thermal conditions and regular feeding by starting alloy; (4) the growth rate must not exceed of 1, 5 
mm/min at a temperature gradient of the liquid phase G of 50 deg/min. 

Keywords: plasma arc melting, axis, single crystals, reorientation 

 

1  Introduction 

W-Re-alloys are characterized by maximum melting point (in comparison with other metallic alloys) and by 
combination of high strength and plasticity as well as creep strength at high temperatures; all these 
parameters allow one to use these alloys under extreme conditions [1]. 

High purity and single crystal structure of W-Re-alloys allows us to adequately determine chemical and 
physical interactions between the constituents, to detect new features of solidification.  Moreover, the 
single-crystal structure of these alloys makes available to control their physical properties for the 
anisotropy. For the first time, the W-Re single crystals (in the range of substitution solid solution) have been 
grown by electron-beam zone melting [2, 3]; but, this method allows one to grow the single crystals of the 
alloys only to 10-15 mm in diameter. Commercial exploitation and more complete understanding of the 
structure and properties call for large single crystals. 

The plasma-arc melting [3] allows one to grow large single crystals of refractory metallic alloys; they are 
characterized by high purity with respect to interstitial impurities( in particular, to carbon). 

This paper summarizes the results demonstrating the relation between the structural features of large 
single crystals W-Re-alloys containing 1-20wt%Re and parameters of plasma-arc melting. 

 

2. Experimental 

The plasma-arc melting and setup used for growing of the large W-Re-single crystals were described in [1]. 
Electrical and technology parameters of the plasma-arc arc melting and composition of plasma-forming gas 
were varied with alloy composition; respectively, and the growth rates were 0, 5, 1, 5 and 1 mm/min. As 
plasma forming gas, we used argon, helium or mixture of these gases (Ar+1%He). The (W-1wt% Re), (W-
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5%Re), and (W-20wt% Re)-single crystals of 20mm in diameter and of 200-300mm in length had the [100]-, 
[110]-, and [111] orientation. 

X-ray topography and light optical microscopy were used to investigate the single crystal structure of 
longitudinal and cross sections. For microstructure studies we used electro-polishing in 1%-NaOH water 
solution and chemical etching in Na OH+ K3 Fe (CN)6 water solution. 

 

1. Results 

Chemical analysis shows that the single crystals growing by the plasma-arc melting are substantially more 
pure (in particular, with respect to carbon) than single crystals produced by electron beam zone melting 
(see table). 

 

Table. 1 Content of Carbon and Silicon in (W-Re)-Single Crystals 

     Melting                                         _I_m_p_u_r_i_t_y_____c_o_n_t_e_n_t,   ppm, wt        
                                                                             C                                         Si 
Plasma-arc                                                  0, 2 – 0, 3                                5, 0 
Electron beam zone                                        25, 0                                 35, 0 

 

The metallography and X-ray topography show that the structure of the W-Re- single crystal (produced by 
plasma-arc melting) characterized by grains elongated along the growth direction. 

Small addition of Re (1 wt %) was found to increase the size of subgrains and to decrease the angle 
misorientation of them. With increasing Re content, the angle misorientation of subgrain and dislocation 
density increase. The W-5wt%Re – single crystals have subgrains of 1-5 cm in length (along the growth axis) 
and 1-5 mm in diameter and are characterized by 1-3° angle misorientation (Fig.1). The structural 
degradation of the single crystal containing more than 1 wt% Re is due to concentration super-cooling [5, 
6]. Measuring the variation of the equilibrium and actual temperatures in the liquid phase with the distance 
from the solidification front, authors of  [7] showed that the degree of concentration super-cooling in the 
W-Re-single crystals growing by plasma-arc melting increases with increasing Re-content (more than 
1wt%). 

   

 

                                                                                       

 

 

 

 

  

 

            a)                                                                                           b) 

Fig.1. Microstructure of the (W-5wt%Re) single crystal a) – optical microscopy, x 500; b) -  X - ray 
topography. 
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To understand the effect of Re-alloying and of technology parameters of the plasma-arc melting on single 
crystal structure, we plotted a diagram on the Co – GL/R1/2 coordinates using metallography data on the 
morphology of the solidification front (Fig. 2). The morphology of the solidification front varies with the 
growth rate R, temperature gradient in the liquid phase GL, and Re content Co. The Co - GL/R1/2 diagram is 
characterized by the narrow range of dendritic structure and by “abrupt transition” to the polycrystalline 
structure. This causes difficulties upon plasma-arc growing the W-Re-single crystals and calls for accurate 
following to technology parameters. Because of the concentration super-cooling, the optimum growth rate 
and Re-content (to obtain the perfect single crystal structure) were found to be no more than 1, 5 mm/min 
and 3, 5 wt%, respectively. The formation of the single crystal structure also is disrupted by twinning 
(typical of the W-Re-alloys) that disturbs the flat solidification front. 

 

 

 

 

 

 

 

 

 

 

 

Fig.2. Solidification conditions determining the growth structure of the (W-Re) single crystals: I – 
polycrystalline structure; II – dendritic structure; III – cellular structure; IV – the growth structure 
does not expose. 

In addition to the data described above, there were found the following features of solidification of the 
large W-Re-single crystals (15-20 mm in diameter and 200 mm in length); these are the change in the 
direction of the growth axis or reorientation and the formation of the “stripped” structure. These features 
of the W-Re-single crystals should be taken into account in practice. 

The reorientation consists in the progressive variation of the all growth directions to the [100] preferable 
growth axis. The dynamics of these changes is shown for the W-5 wt% Re-single crystals (Fig.3). For the 
single crystals growing from the seed with [100]-orientation, no reorientation of the growth direction was 
observed over the all length of the single crystal (up to 200mm) for all the growth rate used (0,5 – 4 
mm/min); in this case, however, the mutual misorientation of subgrains increases to the end of the single 
crystal and, especially with increasing growth rate. 

The W-Re-single crystals growing from the seed with the [110] and [111] orientations hold the preset 
orientation only within the certain distance from the seed, which is determined by the Re- content and the 
rate of withdrawing of the ingot, with decreasing Re-content to 1 wt%, the length of the single crystal with 
the seed orientation will increase by a factor of 2 in comparison with the length shown in Fig.3. The 
reorientation observed is due to the alloying of the single crystals. This fact is provided by the absence of 
the reorientation in no alloyed single crystals of tungsten (Fig.3). 

The single crystals, in which the reorientation is observed upon growing, are characterized by the formation 
of three regions: the first region has the orientation corresponding to the seed orientation, the second 
region is the range of the progressively varied orientation of the growth axis, and the third region is 
characterized by the [100] orientation. Substantial misorientation of subgrains in the second region leads to 
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the formation of the polycrystalline structure.  Due to competitive growth to the preferable growth of 
grains with the [100] orientation, the third region with the [100] orientation forms (that does not coincide 
with the seed orientation). 

 

 

 

 

 

 

 

 

 

 

 

Fig.3 – Dynamics of reorientation to the [100]  preferable growth axis for (W-5 wt% Re) single crystals 
produced at different growth rates (0,5 and 4 mm/min): 1 – no-alloyed W single crystal with any 
one of number of preset orientations; 2 – (W-Re) single crystal with the [100] orientation; 3 and 4 – 
(W-Re) single crystal with the [110] orientation; 5 and 6– (W-Re) single crystal with the [111] 
orientation. (The second region is not shown). 

Causes of the reorientation have been investigated in [5, 6]; these are primarily the concentration super-
cooling, accumulation of impurities and alloying constituent before the solidification front. These features 
are especially typical of the single crystals produced by the plasma-arc melting. The concentration super-
cooling also causes the formation of typical “stripped” structure observed in both longitudinal and cross 
sections of the W-Re-single crystals (Fig.4). This structure is alternating dark and bright strips (that are 
perpendicular to the growth axis) and is characterized by different density of dislocation and gas pores. The 
bright strips are characterized by a density of dislocations of 106 sm-2 and in these strips, the pores of 30-
50μm in diameter were found; the dark strips content up to (8-10)6x10 sm-2 dislocations. 

 

 

 

 

 

 

a) b) 

Fig.4. “Stripped” structure of (W-5wt%Re) single crystals: a) – microstructure, x50; b) – microstructure 
showing pores in the bright strip, x 500. 

Mechanism of the formation of the “stripped” structure have been investigated in [6] in more detail. It is 
known that impurities and alloying constituent accumulate at the boundaries of cells and dendrites that 
determine the formation of the alloy structure [5]. At these boundaries, concentration of different gas 
inclusions reaches maximum value and gas bubbles form. Gas bubbles were found to be a discharge for 
impurities accumulated before the solidification front. Thus, the super-saturation by the impurities fore the 
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moving solidification front decreases. The solid phase entrains the gas bubbles and they remain after the 
interface; than, the accumulation of impurities and alloying constituent before the moving solidification 
front begins again. This interactive process repeats again and again during the single crystal growth and 
causes the formation of the alternating porous regions in the single crystal. 

The average distance between the strips enriched by pores increases with increasing growth rate and mass 
of drop replenished the molten bath. The plasma-arc method is characterized by periodical variations of 
thermal conditions in the bath. Some cooling the melt upon heating and melting of the solid phase in the 
plasma arc leads to the increase in the momentary rate of solidification, and moving solidification front 
includes the gas-containing layers in the zone of the concentration super-cooling. Upon dropping liquid in 
the molten bath, the temperature of the molten bath increases; this leads to the decrease in the 
momentary rate of solidification. 

It should be noted that the formation of the “stripped” structure correlates with the reorientation of the 
growth axis. New grains with the [100] preferable orientation generally nucleate in the layers with pores. 
The pores appears to provide the formation of more intricate relief of the solidification front, and thus, to 
facilitate the nucleation of new grains, including grains with the [100] preferable orientation. 

 

Conclusions 

The plasma-arc method allows one to produce large W-Re-single crystals (20 mm in diameter and 200 mm 
in length) and provides the high purity of them, in particular, with respect to interstitial impurities (carbon). 
The narrow range of the dendritic structure and “abrupt transition” to the polycrystalline structure in the 
Co – GL/R1/2 diagram for the W-Re single crystals explains the tendency to the formation of the 
polycrystalline structure. All these factors make the growing the perfect single crystals containing more 
than 1 wt% Re difficult.The concentration super-cooling especially typical of the plasma-arc melting due to 
the structural features of the W-Re-single crystals; the reorientation of the growth axis to the [100] 
preferable direction and the formation of the “stripped” structure/ 

To produce the perfect W-Re-single crystals, the following conditions should be provided: 

a) the high purity of the initial constituents and some re-melts; 

b) intensive mixing the melt; 

c) stable thermal conditions and regular feeding by starting  alloy; 

d) the growth rate must not exceed of 1.5 mm/min at a temperature gradient of the liquid phase G of 
50 deg/min. 
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Abstract 

The Sn – Zn – Al alloys are one of significant candidates in the proposal of alternative lead-free solders for 
high temperature soldering. This paper deals with the study of the aluminium – tin – zinc system. Twenty 
Sn – Zn – Al alloys altogether, six of them binary Sn – Zn alloys, were prepared and studied experimentally. 
The specimens were studied metallographically including the micro-hardness measurements, complete 
chemical analysis (ICP-AES, OES), X-ray micro-analysis of alloys by EDAX or WDX including SEM (BSE) in 
order to determine the composition and identification of individual phases. Significant temperatures and 
enthalpies of phase transformations were determined by DTA. The diagram of the Al – Sn – Zn ternary 
system is given thermodynamically more precisely on the basis of our complex study.  

Keywords: Zn-Sn-Al alloys, solder, HISOLD, micro analysis, thermo analysis 

 

1.  INTRODUCTION 

The project of material research entitled „Theoretical and Experimental Study of Phase Equilibria of Solder 
Materials for High-Temperature Applications” is solved in agreement with the aims of the program EU COST 
MP0602 „Advanced Solder Materials for High-Temperature Application – HISOLD“. 22 countries participate 
in the COST MP0602 project (1.1.2008 ÷ 31.5.2011). The Department of Non-ferrous Metals, Refining and 
Recycling participates in this program. Pertinent binary and ternary diagrams of the observed systems are 
modelled in terms of the theoretical study. Segregation characteristics of individual components were 
determined. The main attention is given to different binary and ternary systems, for example Bi – Ag, Sb – 
Sn, Zn – Sn, Zn – Al eutectic alloys with addition of Mg, Ni, Ag, Cu, Sn, Bi and others. The specimens 
prepared experimentally are evaluated from the viewpoint of physical, chemical, structural, mechanical, 
technological and usable properties. The achieved findings are confronted with thermodynamic 
calculations of ternary systems carried out by means of the programs ThermoCalc, MTDATA and PANDAT. 

 

2.  LITERATURE REWIEV OF THE Zn – Sn – Al SYSTEM 

2.1  Binary systems  

The tin – zinc binary diagram is of the simple eutectic type – Fig. 1. The eutectic reaction takes place at the 
temperature of 198.5°C in the alloy containing 85.1 at.% Sn. The terminal solubility of the zinc in the 
tetragonal tin at this temperature is 0.6 at.% Zn, while on the opposite side a maximum solubility in the 
hexagonal (HCP) zinc is approximately 0.039 at.% Sn. The two-phase structure combined from primary 
deposited crystals of pure zinc for the hypoeutectic Zn – Sn alloys can be expected. Various morphologies of 
the eutectics depending on the crystallization conditions will occur in the structure.  
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Fig. 1 Tin – zinc binary diagram [1] Fig. 2   Aluminium  –  tin  binary system  [1] and   a 
detail  of  the area  of the retrograde  solubility of tin in aluminium (Al) by Dorward [2] 

Fig. 2 presents the equilibrium diagram of the aluminium–tin binary system [1, 2]. Al-Sn is a simple eutectic 
system with limited solid solubilities in the two terminal solid solutions, fcc (Al) and tetragonal β Sn). Pure 
Sn transforms from bct β Sn to a diamond cubic structure α Sn at a lower temperature. The solubility of Sn 
in (Al) is retrograde, with a maximum of approximately 0.026 at. % Sn dissolving at 625 ± 20 °C [2] – see a 
detail in Fig. 2.   

The equilibrium phase diagram of Al – Zn [1] (see Fig. 
3.) is a eutectic system involving a monotectoid 
reaction and a miscibility gap in the solid state ( Al). 
The eutectic reaction proceeds at 381°C close to the 
Zn side (eutectic point has 88.7 at.% Zn). The fcc (Al) 
solid solution has an extended homogeneity range, 
interrupted at the temperature 351.5°C and 
composition 39.5 at.% Zn by a miscibility gap. 
Between this temperature and the eutectoid 
reaction temperature 277°C, ( Al) decomposes into 
two solid solutions: (Al) with a lower content of 
zinc and (′ Al) with a high content of zinc (up to 59 
at.%).  

 

 

 

 

 

 

 

 

 

Fig.  4 Liquidus projections of the Al – Sn – Zn ternary system [3, 4]  

Liquidus 
projection 

Liquidus 
projection 

 Fig. 3 Aluminium – zinc binary system 
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Great changes in the composition of crystals (~35 at.%) proceed during the solidification of Al – Zn alloys in 
a relatively narrow temperature range. Alloys in the composition range 30 to 50 at.% Zn are particularly 
resistant to homogenization treatment.  

During rapid quenching from the liquid state, Al-Zn alloys do not form single-phase fcc solid solutions 
beyond the equilibrium maximum solubility of Zn in (Al). The solubility of Al in (Zn), however, can be 
extended by rapid solidification. 

 

2.2  Al – Sn – Zn ternary system  

The diagrams of the Al – Sn – Zn ternary system were published in various journals [3-7]. Prowans et al. [3] 
performed thermal analysis of ninety three alloys prepared by melting 99.995% Al, 99.933% Sn and 99.99% 
Zn in an argon atmosphere. The liquidus and solidus surfaces as well as three vertical sections were 
determined. The ternary eutectic composition was determined by zone melting [3]. The liquidus surface 
and a schematic sketch of the spaces model and of the ternary equilibria have been presented by [4]. Using 

various experimental data, [5] derived a complete set 
of thermodynamic functions of all the phases.  

From this set of thermodynamic functions the phase 
diagram was calculated. The liquidus isotherms of 
different experimental investigations agree fairly well, 
whereas the traces of the three phase equilibria are 
experimentally less well established. Figure 5 shows 
the liquidus surface calculated by [5]. 

 

 

 

 

 

3.  EXPERIMENT 

3.1  Preparation of alloys 

Six binary Sn – Zn and fourteen ternary Al – Sn – Zn alloys containing 0.6 to 3.6 wt.% Al were prepared 
experimentally (melting and casting into graphite mould) – Table 1. The alloys were studied 
metallographically after casting and after homogenization annealing, the micro-hardness, their overall 
chemical composition (ICP-AES and OES on the SPECTROMAX device) and X-ray micro-analysis (EDAX, WDX) 
of the coexisting phases were measured, too. 

 

3.2  Metallographical analysis of Sn – Zn – Al alloys (optical microscopy) 

Cast structure with dendritic formations was apparent from the metallographical study of Al – Sn – Zn 
alloys. It formed due to relatively high rates of the melt cooling. Zn precipitated primarily and its volume 
portion decreased with increasing Sn content. Dendritic formations with light areas of secondarily solidified 
eutectic were found in samples 7 to 10. The greatest portion of eutectic was found in samples 5 and 10. 
The addition of 3 wt. % Al in alloys 1 – 5 did not virtually modify the micro-structure of alloys, just the 
portion of micro-inhomogeneities increased. In the Fig. 6 are shown the microstructures of samples 11 to 
20. 

Fig.  5  
Liquidus surface of the Al – Sn – Zn system 
thermodynamic calculated by [5] 
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Microstructures of binary eutectic alloy with 15 at.% Zn, 85 at.% Sn (Fig. 6a) and ternary eutectic alloy with 
3 at.% Al, 15 at.% Zn, 82 at.% Sn (Fig. 6b) are typical for these reactions. All the alloys with high content of 
tin are very mild (Fig. 6a – 6d), whereas zinc rapidly increases the hardness of alloys (Fig. 6g – 6j).    

 

Table 1 Chemical composition (nominal content) of Al – Sn – Zn alloys 

 

3.3  Micro-hardness of Sn – Zn and Sn – Zn – Al alloys 

Vickers micro-hardness test HVm was performed. The results of HVm0.1 measurements (load 100 g) are 
plotted in Fig. 7 in dependence on the tin content for both the binary Sn – Zn system and ternary Al – Sn – 
Zn alloys containing 3 wt.% Al. It can be concluded from the micro-hardness measurements that the micro-
hardness decreases with the rising tin content in all hypoeutectic alloys. Aluminium, however, essentially 
increases micro-hardness, especially with high zinc contents, when the micro-hardness is nearly double 
compared to the binary tin-zinc system. All the alloys were in the cast state (relatively high cooling rates).  

 

3.4  Chemical micro-analysis of the Sn – Zn – Al alloys (EDAX) 

X-ray micro-analysis EDAX was performed as both the surface and point micro-analyses. SEM analysis 
showed considerable heterogeneity of micro-structure, which will relate to the formation of non-
equilibrium phases in the course of solidification. Mostly two or three types of phases of various chemical 
compositions were discovered, which was also proved by the following X-ray micro-analysis. The phase 
analyses of the Al – Sn – Zn alloys are presented as an example in Fig. 8. Three typical phases were 
identified here: white phase contains high concentration of tin without aluminium, grey phase contains 
high concentration of zinc without of tin and small black phases contains high concentration of Al + Zn and 
a certain concentration of oxygen. Oxygen can originate from the preparation of samples (high affinity of 
aluminium to oxygen at high temperatures of remelting).    

 

3.5  Differential thermal analysis (DTA) 

DTA analysis of all the specimens was performed on the SETARAM SYSTEM 18TM apparatus. The analyses 
were carried out twice at the speed of heating as well as cooling 4 K/min. Table 2 presents final results of 
the DTA measurements of the temperatures of liquidus and eutectic transformation of all the specimens 
including the determination of phase transformation enthalpies. In specimens 1 to 4, another reaction was 
found at the temperature 279°C. It is caused by the aluminium presence in the area of medium and high Zn 
concentrations. The eutectic reaction temperature in binary alloys was 198°C, while it was by 1 to 2°C lower 
in all the ternary alloys. Further transformations occur in ternary alloys between the temperatures 278°C 
and liquidus, which will require a more detail analysis utilizing further methods.  

No. 
Sn 

[wt. %] 
Zn 

[wt. %] 
Al 

[wt. %] 
Sn 

[at. %] 
Zn 

[at. %] 
Al 

[at. %] 

1. 10 87 3 5.5 87.2 7.3 

2. 30 67 3 18.2 73.8 8 

3. 50 47 3 33.7 57.4 8.9 

4. 70 27 3 52.9 37.1 10 

5. 85 12 3 70.8 18.2 11 

6. 10 90 - 5.8 94.2 - 

7. 30 70 - 19.1 80.9 - 

8. 50 50 - 35.5 64.5 - 

9. 70 30 - 56.2 43.8 - 

10. 85 15 - 75.7 24.3 - 

 
No. 

Sn 
[wt. %] 

Zn 
[wt. %] 

Al 
[wt. %] 

Sn 
[at. %] 

Zn 
[at. %] 

Al 
[at. %] 

11. 0.6 9 90.4 2.5 15 82.5 

12. 2 22.8 75.2 7 33 60 

13. 1.3 16 82.7 4.7 24.8 70.5 

14. 4 78.2 17.8 10 80 10 

15. 3 41 56 9.2 51.8 39 

16. 2.1 31.5 66.4 7 43 50 

17. 0.6 3.8 95.6 2.5 6.5 91 

18. - 8.9 91.1 - 15 85 

19. 2 7.5 90.5 8 12 80 

20. 3.6 56.8 39.6 10 65 25 
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Fig. 6 Mistrostructure and micro-hardness HVm0.01 of Al – Sn – Zn alloys 

It follows from the comparison of the Sn – Zn phase diagram (Fig. 9) with the DTA measurement that the 
liquidus temperatures from DTA are slightly higher in binary alloys, especially in the concentration area 
above 50 wt.% Zn, while the agreement of temperatures is excellent on the side of tin. It holds for heating 
at DTA. The temperatures of liquidus determined at cooling show good agreement for Zn contents above 
50 wt.%. The same holds for the liquidus temperatures from DTA plotted in vertical cut in Fig. 10. The 
temperature of eutectic reaction from DTA is in agreement with literature data (the difference is less than 
1°C). It means that aluminium decreases the liquidus temperature at a given Al concentration. The eutectic 
reaction temperature is lower as well and it is about 198°C at heating, which is in excellent agreement 
compared with the published temperature (197°C). 
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3.6  Corrosion tests - potentiodynamic polarization measurement 

Corrosion electrochemical tests of solders were carried out in all the specimens No. 1 ÷10 (see Table 1). 
Electrochemical quickened corrosion tests were executed in the aqueous solution 0.1 mol NaCl /1 l H2O, at 
the standard temperature of 25°C, with free air access. It was found out on the basis of the 
potentiodynamic polarization method at the speed of polarization 1 mV/s that the resistance to point 
corrosion of the Sn – Zn and Sn – Zn – Al lead-free solders decreased considerably at 10 – 15% Zn, 
practically to pure Zn. With further increasing of the Zn content, only slightly declining trend to decrease 
the potentials of corrosion, depassivation and repassiviation was found. The aluminium influence on the 
resistivity within the executed tests generally appears to be slightly negative. It means that increased heed 
has to be given to solders with zinc considering their reduced resistance to corrosion. Fig. 11 presents 
polarisation curves of Sn – Zn alloys in the aqueous solution 0.1 mol NaCl. Corrosion behaviour of Sn – Zn – 

Al alloys toward the pitting corrosion is compared in Fig. 
12.  

 

 

Fig. 7  

Dependence of the micro-hardness HVm0.1 on the tin 
content in Sn – Zn – (Al) alloys  

 

 

 

 

 

 

 

 

 

Fig. 8 X-ray micro-analysis of phases in the Al – Sn – Zn alloys 

 

Table 2 Liquid and solid temperatures and latent heat of fusion for binary Sn – Zn and ternary Al – Sn – Zn 
alloys (DTA analysis) 

vz.č. Ternární slitiny TS1 [°C] TS2 [°C] TL [°C] TS1 [°C] TS2 [°C] TL [°C] TS1 [°C] TS2 [°C] TL [°C] TS1 [°C] TS2 [°C] TL [°C]

1 9.03Sn-88.7Zn-3.13Al 197.1 279.0 385.0 197.7 279.0 383.0 193.8 273.1 374.5 192.9 270.5 374.0
2 31.8Sn-64.8Zn-3.3Al 197.8 279.0 355.5 198.0 278.7 356.0 193.0 270.0 342.5 190.7 271.0 334.7
3 52.5Sn-45.3Zn-3.14Al 198.0 278.3 352.1 197.5 278.9 342.3 190.7 270.0 332.0 191.2 270.5 331.6
4 68.8Sn-27.9Zn-3.41Al 197.5 278.7 324.0 198.0 278.9 315.0 192.7 278.3 301.8 194.1 278.3 300.8
5 82.7Sn-12.8Zn-2.97Al 198.0 240.0 198.0 242.0 193.3 226.9 193.1 --- 226.6

Binární slitiny TS [°C] TL [°C] ∆Hm TS [°C] TL [°C] ∆Hm TS [°C] TL [°C] ∆HS TS [°C] TL [°C] ∆Hs
6 12.9Sn-86.7Zn 199.7 395.4 199.7 397.0 196.6 395.7 196.6 389.3
7 30.9Sn-69.2Zn 198.5 383.0 100.2 199.5 382.0 105.1 197.1 372.7 129.6 197.2 372.3 130.7
7 30.9Sn-69.2Zn 200.0 383.5 107.2 199.5 382.5 103.1 196.6 370.9 118.8 196.9 371.2 121.9
8 54.5Sn-45.1Zn 198.9 358.0 111.2 198.6 361.3 109.2 196.9 347.8 129.4 196.9 349.4 126.0
9 66.6Sn-31.8Zn 199.5 324.0 99.3 198.8 325.5 98.3 196.8 308.6 107.3 197.4 308.3 106.3

10 83.3Sn-15.8Zn 200.4 262.4 84.0 198.9 277.5 82.8 196.3 246.5 85.5 196.2 244.9 85.2

Ohřev (4 °C/min) Ochlazování (4 °C/min)Vzorky pájek 7/2008 Heating (4°C/min) Cooling (4°C/min) 

Ternary alloys 

Binary alloys 

No 

Solders 

Alloy No.14: 10 / 80 / 

0 / 7 / 93  45 / 50 / 5 

4 / 96 / 0  

Alloy No.16: 7 / 43 / 50 

0 / 8 / 92  

33 / 63 / 4 3 / 96 / 1  
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Fig. 9 Sn – Zn binary diagram with    Fig. 10 Vertical section in Al – Sn – Zn ternary 
the experimental values of liquid   diagram for 3 wt.% Al with  the experimental 
temperatures (DTA analysis)  values of liquid temperatures (DTA analysis) 

 

Fig. 11 Polarisation curves of Sn – Zn alloys Fig. 12 Comparison of the resistance to  
(Sn50Zn50 – blue, Sn70Zn30 – pink,  pitting corrosion in Al – Sn – Zn alloys  
Sn90Zn10 – black,   Sn30Zn70 – red, Sn85Zn15 –  (Ecor – corrosion potential, Edk – potential of  
green)  depassivation, Erk – potential of repassivation   
 
4.  DISCUSSION  

On the whole 6 specimens of binary Sn – Zn alloys and 14 specimens of ternary Al – Sn – Zn alloys 
containing 0.6 ÷ 3.6 wt.% Al were prepared experimentally in the field of high-temperature solders. The 
results obtained form the methods of analyses mentioned above were found to be adequate to the 
material initial state. Temperatures and latent heats of characteristic phase transitions were obtained by 
the DTA method using Setaram SETSYS 18TM experimental laboratory system for thermal analysis. Small 
samples of selected alloys were analysed at linear heating/cooling rate of 4°C/min in high pure dynamical 
atmosphere of argon (>6N). Temperatures and latent heats of corresponding phase transformations 
(liquidus, solidus, invariant reactions etc.) were obtained. The aluminium influence on the phase 
transformations temperatures and amount of latent heats was investigated. Resulting experimental data 
were compared with the data of known Sn-Zn binary system and Al – Sn – Zn ternary system. It followed 
from the DTA results that our values for the binary system are for the liquidus temperature slightly higher 
than it corresponds to the equilibrium binary diagram taken from the literature. Anyway, the determined 
temperatures of the eutectic and eutectoid reactions corresponded exactly to the equilibrium 
temperatures. There is still a question of occurrence of other thermodynamic reactions influenced by the 
presence of aluminium. We recommend to focus further work right on the study of these reactions, 
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possibly for other Zn – Sn – Al alloys. For the next stage we recommend to carry out detailed studies of 
phase equilibria for the experimentally prepared alloys and to prepare further ternary alloys from the field 
of the eutectic valley occurrence. After proposing convenient temperatures and time regimes, specimens 
will have to be heat treated in protective atmosphere or vacuum. It has to be followed by quenching so 
that complex chemical, phase and structural micro-analyses, i.e. metallography, micro-hardness 
measurements, DTA, SEM and EDAX (and/or WDX) analyses, can be carried out and the results confronted 
with thermodynamic modelling of the ternary Al – Sn – Zn system in the Institute of Physics of Materials AS 
of the Czech Republic in Brno, eventually with the Masaryk University Brno, which possess the 
corresponding computer programs (THERMOCALC, MTDATA, database CALPHAD and database COST 531). 

 

5.  CONCLUSION 

The preliminary study of the Al – Sn – Zn system was carried out. The results are summarized in the tables 
and figures above. Long-term annealing will have to be followed by structural and chemical microanalyses 
of the present phases and their limit concentrations, etc. This is planned for the second stage of the project 
solution in 2009.  

To apply these alloys as high-temperature solders for electro-technical and car industries, it will be 
necessary to perform further technological tests, such as tests of wettability, solderability, mechanical 
tests, which are in the state of elaboration at present. 
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ABSTRACT 

Nanocrystalline hard magnetic materials (NM) based on the system of alloys R-Fe-B (R – rare earth metals) 
have attracted much researchers’ attention since the last decade, because of their promising application in 
high-energy rare earth bonded magnets. High hysteresis properties of these materials are due to the 
exchange coupling effect. Optimal hysteresis properties can be predicted for nanocomposite materials due 
to the presence of exchange coupling between grains of hard (Nd2Fe14B) and soft (α-Fe и Fe3B) phases. 
However, progress in achieving optimal hysteresis properties is still insignificant. According to A.G. 
Savchenko [1] there are problems that must be solved to have opportunities of achieving high magnetic 
properties of NM and composite permanent magnets based on Nd-Fe-B system. In particular, one of the 
problems is that the temperature difference of hard and soft phases crystallization start impedes 
obtainment of the optimal structure, according to the realization of high-coercivity exchange coupled state.  

In current paper investigation of the influence of melt-spun Nd4Fe80B16 powders’ milling in planetary ball 
mill on hysteresis properties and phase composition after different thermal treatments is shown. It was 
assumed, that milling can make conditions for progressing of the crystallization processes that occur during 
the following heat treatment. This may lead to the obtaining of finer structure with better phase 
distribution. According to the obtained results, it was shown that milling doesn’t change or influence on 
phase-structural state of the powders, however, it increases the oxidation susceptibility of the powders 
that may have negative effects on hysteresis properties. 

Keywords: hard magnetic materials, heat treatment,  

 

1.  INTRODUCTION 

Nanocomposite Nd2Fe14B/(α-Fe, Fe3B) hard magnetic materials have attracted much researchers’ and 
permanent magnets developers’ attention during last decade. Among their main advantages are high 
values of energy product (BH)max (theoretically up to 1000 kJ/m3, however, maximal practically obtained 
values are 300 kJ/m3) and low cost in comparison with other types of hard magnetic materials.  

The unique magnetic properties of nanocrystalline hard magnetic materials based on the Nd-Fe-B system of 
alloys are related to formation of the specific exchange-coupled state between nanocrystallites of hard 
(Nd2Fe14B) and soft (Fe3B and/or α-Fe) phases, which leads to significant increase of remanence Ir while not 
neglecting the values of coercivity Hci.  

During last years an increase of using milling techniques in high-energy and low-energy ball mills is 
observed. In particular, such low-energy technique is used for obtaining of unstable material state 
(including amorphous state), which is needed as a precursor for a NM production. 

In current paper the influence of milling time of amorphous Nd4Fe80B16 alloy (which was used as a 
precursor) powders in a low-energy planetary ball mill on phase composition and hysteresis properties of 
obtained powders during the following isothermal heat treatment modes were researched.  
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2.  EXPERIMENTAL PROCEDURE 

Alloy ribbons with nominal composition Nd4Fe80B16 were prepared by a vacuum induction melting in Ar 
atmosphere and following melt-spun on a stainless steel wheel (wheel speed was over 40 m/s to obtain 
amorphous state). After melt-spinning ribbons had length up to 200 mm, thickness up to 20 μm, width 
ranged from 3 to 10 mm. The milling of amorphous alloy ribbons (preliminarily crushed in agate mortar into 
powders) was made by using low-energy planetary ball mill and toluene environment. Milling time were 
160 and 320 minutes. Thermal treatment of the powders was performed in a vacuum retort furnace, 
equipped with a water fridge, in the temperature range between 550 and 700 °С and with a duration 20 
minutes.  

Phase components of the samples were determined by X-ray diffraction (XRD) using Cu K-α radiation. 
Hysteresis loops were plotted and hysteresis properties were measured using laboratory gysteresisgraph 
with applied fields up to 25 kOe. Bonded samples for the magnetic measurements were pressed and 
polymerized using an epoxy resin as a binder (90 % mass powder and 10 % mass epoxy). Polymerization 
temperature was 200 °С. 

 

3.  RESULTS AND DISCUSSION 

First of all, it is notable that melt-spun Nd4Fe80B16 powders had saved amorphous structure after low-
energy milling during 160 and 320 min, that is indicated by the XRD patterns (XRD patterns of milled 
powders don’t differ from the patterns of Nd4Fe80B16 powders in as-spun state, fig. 1) and by the hysteresis 
properties analysis. Besides, XRD analysis shows that as-spun and as-milled powders after the following 

thermal treatment had multiphase 
composition, including the 
metastable phase Nd2Fe23B3 and 
stable Nd2Fe14B, Fe3B and α-Fe 
phases (fig. 2).  

 

Fig. 1  

XRD pattern of as-spun amorphous 
alloy powder Nd4Fe80B16  

 

3.1 The influence of milling time on the phase composition of the melt-spun powders 

 

 

 

 

- α-Fe;  

- Fe3B;    

- Nd2Fe14B;  

- Nd2Fe23B3 
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Fig. 2  XRD pattern of as-spun amorphous alloy powder Nd4Fe80B16 after annealing at 600 °C for 20 minutes  

Figures 3-5 show dependences of the phases’ volume fractions from the annealing crystallization 
temperature for the Nd4Fe80B16 powders in as-spun state and in as-milled states during 160 and 320 min. 
Figure 3 shows that with increase of annealing temperature the volume fraction of the Nd2Fe23B3 phase 
drastically decrease, and also volume fractions of stable Nd2Fe14B and Fe3B slightly increase, while the 
content of α-Fe almost doesn’t change.  

 

 

 

 

Fig. 3 

Phases’ volume fractions 
dependences upon annealing 
temperature for as-spun Nd4Fe80B16 
alloy powders 

 

Figures 4-5 show similar dependences 
of the volume fractions of the phases 
on the annealing temperature for the 
160 and 320 min milled powders. As 
shown on figures 4-5, during the 
annealing of the powders the 
Nd2Fe23B3 phase growth kinetics 
changes depending on the milling 
time. In particular, its growth rate 
decreases while the milling time and 
annealing temperature increase.  

 

Fig. 4  

Phases’ volume fractions 
dependences upon annealing 
temperature for 160-minutes milled 
Nd4Fe80B16 powders 

 

 

Fig. 5  

Phases’ volume fractions 
dependences upon annealing 
temperature for 320-minutes milled 
Nd4Fe80B16 powders 

 

At the same time, the metastable 
Nd2Fe23B3 content in the powders, 
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milled for 160 min and annealed at 600 °С, almost higher in 1.5 times than in as-spun powders only 
annealed at this temperature. In addition, the powders milled for 320 min, evidently have partial oxidation 
with the forming of Nd oxide that indirectly may be confirmed by the decrease of the total volume fraction 
of Nd in the powders, and by the significant increase of the soft phases α-Fe and Fe3B content.  

 

Figures 6-8 show dependences of the 
phases’ volume fractions on the milling 
time. It can be concluded that after 
annealing at the temperatures 600 and 
650 °С and milling time 0-160 min 
there is a increasing of the Nd2Fe23B3 
phase content while simultaneous 
lowering of the Nd2Fe14B and Fe3B 
content also occurs.  

 

Fig. 6 

Phases’ volume fractions dependences 
upon milling time for 600 °С annealed 
Nd4Fe80B16 powders  

 

Fig 7 

Phases’ volume fractions dependences 
upon milling time for 650 °С annealed 
Nd4Fe80B16 powders  

 

With the increasing of milling time and 
also after 700°С anneal the Nd2Fe23B3 
content in the powders decrease 
steadily. Moreover, after high milling 
times (320 min) there is a significant 
decrease of the total content of Nd-
contain phases.  

 

 

 

 

 

 

Fig 8  

Phases’ volume fractions dependences 
upon milling time for 700 °С annealed 
Nd4Fe80B16 powders  
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3.2 The influence of milling time in low-energy mill on hysteresis properties of the powders 

During the process of the samples preparation (for hysteresis measurements) after different thermal 
treatments powders’ advanced tendency for oxidation was revealed (therefore, polymerization on air 
atmosphere was changed to the polymerization in vacuum 10-1 atm). Also advanced tendency for the crack 
formations of high disperse samples was revealed. So, the pressing environments were substantially 
changed. Consequently, density of the samples varied from 3 g/cm3 (for as-spun powder samples) to 
2 g/cm3 (for 320 minutes milled powder samples).  

As shown on figure 9, with annealing temperature increasing all researched samples demonstrate 
coercivity increasing. This agrees with the XRD analysis. As it was shown on figures 3-5, with increasing of 
annealing temperature increases the volume fraction of hard phase. In addition, with increasing of milling 
time coercivity changing rate (coercivity growth) lowers, what goes in agreement with XRD analysis – at the 
higher milling times the volume fraction of hard phase decreases (fig. 8).  

There are dependences of remanence and coercivity of the Nd4Fe80B16 powder samples on the milling time 
shown on figures 10-12. Obviously, significant lowering of the hysteresis properties occurs after milling. 
This may be related to several reasons. First, above mentioned decreasing of the hard phase volume 

fraction after milling. Second, the 
powder oxidation that intensifies 
with milling time rising, relating to 
the high dispersion of milled powders 
and appropriate increase of surface 
activity. Third, the grain morphology 
coarsening takes place.  

 

Fig. 9  

Coercivity dependences upon 
annealing temperature for as-spun 
and milled Nd4Fe80B16 powders  

 

Fig. 10   

Remanence and coercivity 
dependences upon milling time 
for 600 °С annealed Nd4Fe80B16 
powders 

 

 

4. CONCLUSION 

After researching of the influence of 
milling time in a low-energy 

planetary ball mill in toluene environment with milling times 160 and 320 minutes on the phase 
composition and hysteresis properties of Nd4Fe80B16 alloy powders after different crystallization thermal 
treatment modes in the temperature range 600 – 700°C the following correlations (conclusions) were 
revealed:  

1.  Low-energy milling doesn’t influence on phase-structural powder state.  
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2.  After crystallization thermal treatment of as-spun and milled powders there are stable (Nd2Fe14B, α-
Fe, Fe3B) and metastable (Nd2Fe23B3) phases observed in their structure. The maximum Nd2Fe23B3 

content is observed in the powders 
after 160-minute milling, however, 
after higher milling time and also 
after 700°С anneal there is a 
steadily lowering of Nd2Fe23B3 
content. 

 

Fig. 11 Remanence and coercivity 
dependences upon milling time 
for 650 °С annealed Nd4Fe80B16 
powders  

 

Fig 12 – Remanence and coercivity 
dependences upon milling time 
for 700 °С annealed Nd4Fe80B16 
powders  

 

3.  With the increasing of 
annealing temperature the 
coercivity increasing of milled 
powders is observed. However, 
entirely hysteresis properties of 
the powders decrease with milling 
time growth, that may be related 
to grain coarsening and to 

decrease of the hard phase volume fraction in the powders in consequence of its oxidation.  
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ABSTRACT 

Microstructure and crystalline structure of SmCo5 based alloys after various heat treatments were studied 
using X-ray diffraction and metallographic methods. It was established that complicated microstructure of 
hyperstoichiometric alloys forms in nonequilibrium conditions during crystallization of the ingots and the 
subsequent cooling to room temperature. XRD study of the lattice parameters of SmCo5 phase in as-cast 
SmCo5 based alloys after different heat treatments shows evidence of the Sm enrichment of the SmCo5 
phase. The behavior of the lattice parameters of SmCo5 phase in Sm-rich alloys when subjected to aging 
between 1220oC and 700oC can be related to the phase transformation of SmCo5 into SmCo5-x phases.  

Keywords: crystalline structure, microstructure, X-ray diffraction  

 

1.  INTRODUCTION 

Since its discovery in the later part of the twenty century by Strnat and collaborators [1], SmCo5 was 
studied quite extensively due to its being the first intermetallic RE-TM material showing improved 
magnetocrystalline anisotropy suitable for strong hard magnets. Development of sintered SmCo5 magnets 
became the new advanced stage of permanent magnets production [2]. The ideal microstructure of SmCo5 
sintered magnets consists of aligned single-domain grains with an ideal SmCo5 structure. It is well known 
that sintered magnets are demagnetized by the domain wall motion, thus the coercive force is determined 
by the nucleation field of reversed domains. Nucleation of reversed domains takes place in regions with low 
magnetocrystalline anisotropy, which are concentrated near grain boundaries. The highest coercive force 
(Hci) was obtained for Sm-rich magnets (SmCo5-x). Enrichment of Sm content promotes liquid phase 
sintering in SmCo5 magnets and is important for successful post sintering heat treatment (HT). The 
conventional HT includes slow cooling from 1220 to approx. 900oC followed by rapid cooling to room 
temperature [3]. Such HT increases Hci of sintered magnets from approx. 1 kOe to more than 40 kOe.  

One of the main unsolved questions is the role of HT in development of coercivity. All hypotheses of 
coercivity increase can be divided into two types depending on whether the magnet has a single-phase or 
multiphase microstructure. According to the “perfect lattice hypothesis” [4-6], the coercivity increase due 
to HT is related to the elimination of equilibrium lattice defects from the high temperature SmCo5 matrix 
phase, after heat treatment performed at lower temperature. The “phase transformation-induced 
coercivity mechanism” [7, 8] suggests that formation of coherent SmCo5-x phase on the surface of SmCo5 
grains improves the smooth of the grains surface, decreases the number of reversed domains nuclei and 
thus increases the coercivity. HRTEM investigations of microstructure of the sintered magnets showed that 
besides SmCo5 grains with low defect density, also grains with densely packed parallel stacking faults 
perpendicular to the hexagonal c-axis are observed [9]. Such basal stacking faults correspond to a 
transformation of the SmCo5 crystal structure into the Sm-rich Sm5Co19 and Sm2Co7 structure types [10]. 
The fact that the magnetocrystalline anisotropy depends strongly on the crystalline nature of the SmCo5 
type phase means that proper understanding of the crystal structure, defects and modification is the key to 
understanding of the underlying mechanism for the magnetic properties.  
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In this work, we present results of our investigations of as-cast alloys of the composition range SmCo5±x of 
the Sm-Co system heat treated at different temperatures using X-ray diffraction and metallographic 
methods.  

 

2.  EXPERIMENTAL 

Ingots with nominal composition of SmyCo100-y , as showed in Table 1, were prepared by induction melting 
in Ar atmosphere followed by casting in an iron mould. The samples were aged in a vacuum furnace in 
series: 1220oC for 3 h + 1000oC for 5 h + 900oC for 10 h + 850oC for 10 h + 700oC for 20 h. After each step of 
aging the samples were cooled inside the furnace to room temperature (RT). Phase identification was 
carried out by X-ray diffraction (XRD) using Cu-Kα radiation. Rietveld refinement was used for quantitative 
phase analysis [11]. The experimental errors of determination of SmCo5 lattice parameters were 
∆а = ∆с = 0.003 Å, ∆(c/a)=0.001. Scanning electron microscopy (SEM) and Elemental Dispersion 
Spectroscopy (EDS) analyses were conducted on the Nova600 NanoLab DualBeam system (FEI Company) 
and were used to characterize the phase changes in as-cast and heat treated Sm-Co alloys.  

 

Table 1. Chemical composition of as-cast Sm-Co alloys  

№ 1 2 3 4 5 6 7 8 9 

Sm, at. % 13.2 15.5 16.3 16.8 17.2 17.9 18.2 20.1 21.1 
Сo, at. % 86.8 84.5 83.7 83.2 82.8 82.1 81.8 79.9 78.9 

 

3.  RESULTS AND DISCUSSION 

According to the XRD analysis for the heat-treated Sm16.8Co83.2 alloy, only SmCo5 phase (CaCu5 type 
structure) was observed. After aging at 1220oC the hypostoichiometric alloys (y = 13.2 - 16.3) consisted of 
the SmCo5 phase and two crystalline modifications of the Sm2Co17 phase: a high temperature (h) hexagonal 
phase with Th2Ni17 type structure and а low-temperature (l) rhombohedral phase with Th2Zn17 type 
structure. As soon as the aging temperature was decreased from 1220 to 700оС the quantity of Sm2Co17 (h) 
phase decreased, whereas the quantity of (l) phase increased. After aging at 1220oC the 
hyperstoichiometric alloys (y = 16.8, 17.2, 18.2 - 21.1) consisted of the SmCo5 phase and two crystalline 
modification of Sm2Co7 phase: a high temperature (h) rhombohedral phase with Er2Co7 type structure and 
low-temperature (l) hexagonal phase with Ce2Ni7 type structure. When the aging temperature was 
decreased from 1220 to 700оС the quantity of Sm2Co7 (h) phase decreased whereas the quantity of (l) 
phase increased. As opposed to the abovementioned alloys the XRD analysis of the sample № 6 
(Sm17.9Co82.1) indicated presence of the SmCo5 and Sm5Co19 phases. Namely, after aging at 1220-700оС the 
volume of Sm5Co19 phase was approx. 30 % and its amount did not decrease with decrease in temperature. 
It is important to note however, that decoding of diffraction patterns of the samples № 5-7 using Rietveld 
method needs accuracy refinement and additional testing because of low intensity and superposition of 
diffraction peaks.  

Fig. 1 shows lattice parameters and с/a ratio for the SmCo5 phase in SmyCo100-y alloys vs Sm concentration y 
after aging at 1220, 1000, 900 and 700oC. The dotted line corresponds to stoichiometric SmCo5.  
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Fig. 1 Lattice parameters and с/a ratio for SmCo5 phase in SmyCo100-y alloys vs Sm content y after aging at 
different temperatures  

 

With decreasing y in Co-rich alloys aged at 1220oC the c/a value for the SmCo5+x phase increased up to 
0.809 for Sm13.2Co86.8. As was shown in [4, 12], the c/a ratio for SmCo5+x changes linearly with increase of Co 
content. According to this dependence for Sm13.2Co86.8 alloy, Co content in the SmCo5+x phase should 
amount to ≈ 85.5 at. %. Aging at 1000 and 900oC resulted in decomposition of the SmCo5+x solid solution 
below the homogeneity limit by precipitation of Sm2Co17 (l) phase. Reduction of the Co content in SmCo5+x 
phase resulted in the decrease of the с/a value down to с/а ≤ 0.795 after aging at Тag = 900оС and to с/а = 
0.794 after aging at Тag = 700oС.  

The с/a ratio of the SmCo5 phase in stoichiometric Sm16.8Co83.2 alloy remained constant (с/а = 0.795) during 
heat treatment in the 1220-900оС range, but decreased to с/а = 0.794 after aging at 700оС. In 
hyperstoichiometric alloys № 5-6 (y = 17.2 - 17.9) the c/a value of the SmCo5 phase was around 0.793 
independent of the aging temperature. In hyperstoichiometric alloys № 7-9 (y = 18.2 - 21.1) aged at 1220oC 
the c/a value of the SmCo5 phase was approx. 0.794 and decreased to с/а = 0.793 after aging at 900 and 
700оС, which is naturally lower than corresponding values for hypostoichiometric alloys. The comparison of 
lattice parameters and с/a ratio for the SmCo5 phase in Sm-rich alloys and stoichiometric alloy shows that 
the lower value of the с/a ratio for hyperstoichiometric alloys is related with lower value of the parameter c 
≤ 3,968 Å and higher value of the parameter a ≥ 5,002 Å.  

The Sm-Co phase diagram developed by K.H.J. Buschow and A.S. Goot [4] indicates wide high-temperature 
solubility for SmCo5 extending towards both Sm2Co7 and Sm2Co17. The modified Sm-Co diagram [13] 
indicates SmCo5+х and Sm5Сo19 in place of SmCo5 (Fig. 2). The SmCo5+x phase is stable only at high 
temperature and decomposes eutectoidly below 1100oC: SmCo5+x ⇔ SmCo5-x + Sm2Co17. The low-
temperature SmCo5-x phase is formed at approx. 1150oC by peritectoid reaction: SmCo5+x + Sm2Co7 ⇔ 
SmCo5-x. According to the Sm-Co diagram in Fig. 2, homogeneity range for SmCo5-x phase widens from 
SmCo4.9 to SmCo4.5. A question arises with regard to the origin of the relatively wide homogeneity region of 
the SmCo5-x phase.  
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Fig. 2 - Modified Sm-Co 
phase diagram  

 

The crystal structure of the 
hexagonal SmCo5 phase 
(type D2d) can be described 
as a sequence of 
(Аbc) α blocks stacked 
without shift in the (001) 
plane. The mixed Sm-Co 
layer (Abc) consists of three 
36-nets: A composed of Sm-
atoms, b and c constituted 
by Co-atoms. The b and c 

nets are displaced with regard to A-net by vectors t = 1/3 (a – b) and –t, respectively. The A, b and c nets are 
depicted in Fig. 3a as empty large, empty small and hatched small circles, respectively. The -layer (with 
holes in A-positions) consists of Co-atoms only, which form the 6363-net (see Fig. 3 b). The initial block 
(Аbc) α when shifted by vectors t  and –t turns into (Bca)β and (Сab) γ correspondingly. 

a)     b) 

 

Fig 3  

Structure of (Abc)-layer (a) and α-
layer (b) in SmCo5 phase. 

 

To produce the shear stacking 
fault in the (001) basic plane of 
SmCo5 phase (with atomic radii 
ratio RSm/RCo~1.4) the shift of the 
neighboring blocks by vector 

t should be accompanied by a partial removal of Co atoms with attendant composition change and lattice 
parameters accommodation. The following rearrangements lead to stacking fault formation:  

• displacement of (Abc)-block in combination with overlying part of the lattice  

• by vector t, which brings the layers sequence in the vicinity of the stacking fault to  
(Аbc) α (Аbc) α (Bca) α (Bca) α…;  

• removal of the -layer in the stacking fault plane;  

• withdrawal of three Co nets in the fault-adjacent blocks, namely b, c and a, the residual c-net being 
displaced into mid-height position of the two former с-layers;  

• shift of Sm-layers A and B towards each other to a short distance along <001> direction.  

Thus the layer succession nearby the stacking fault assumes the form .(Аbc) α АсB α (Bca) α . 

The Sm-layers A and B rapprochement results in reduction of the lattice parameter c or of the average 
block thickness. Moreover, the neighboring Sm atoms in layers A and B prove to be too close to each other, 
whereas the main projection of the interatomic vector lies in the (001) plane. Therefore, extension of 
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lattice in the basic plane, i.e. lattice parameter a increase, is needed. Thus insertion of randomly distributed 
stacking faults in SmCo5 phase results in Sm enrichment, increase of a and decrease of c lattice parameters.  

It is well known that the some Co-rich intermetallic compounds of the R-Co systems form Cromer-Larson 
family of SmCo5 based crystalline structures described by the formula: RCoy, where y = 5n+4/n+2, n = 0,1,2, 
3 [14]. The crystalline structure of RCoy compound may be described in terms of well-ordered stacking 
faults with concentration 1/3, 

1/4 and 1/5 in the SmCo3 (n=1), Sm2Co7 (n=2) and Sm5Co19 (n=3) structure types, 
respectively.  

Our experimental results (see Fig. 1) showed increase of a and decrease of c parameters of the SmCo5 
phase in hyperstoichiometric alloys when subjected to different aging between 1220oC and 700oC. These 
data suggests that with decrease in aging temperature the SmCo5 phase is enriched with Sm and is 
transformed into SmCo5-x phase. It can be suggested, that in the composition range between SmCo5 and 
Sm5Co19 thermodynamically stable SmCoy structures with n≥5 might exist. For instance Sm2Co9 (n=10) and 
Sm3Co14 (n=16) compounds, which composition agree with the border of the homogeneity region for 
SmCo5-x phase (Sm18.2Co81.8 - Sm17.6Co82.4) in Fig. 2. These hypothetic compounds may be formed by 
peritectoid reactions in the temperature range of 1150–950oC. The first stage of the transformation of 
SmCo5 into SmCoy structures occurs via formation of disordered stacking faults. It must be noted that XRD 
analysis only gives weak evidence of these transformations. The disordered stacking faults do not produce 
supercell reflexes and can be only detected by broadening of peaks with well-defined indices provided the 
stacking faults concentration is high enough. This is one of the reasons for not having detected the 
presence of SmCoy phases using X-ray diffraction.  

Experimental evidence of heterogeneous microstructure of the hyperstoichiometric alloys was obtained 
when Sm-Co samples where studied by metallographic methods. The scanning electron micrographs in 
backscattered mode (Fig. 4) show microstructure of as-cast alloy № 7 (Sm18.2Co81.8). These micrographs 
reveal two phases characterized by the dark matrix grains and lighter intergrain phase. The more detailed 
higher resolution SEM micrographs show that both of these phases decomposed into two types of 
precipitates, the shape and dimensions of which are distinct in different parts of the sample. EDS analysis 
showed (Fig. 4c) that on an average the white intergrain phase is enriched by Sm by more than 2.5 at. % as 
compared to the dark matrix grains, where composition is close to stoichiometric (16.6 at % Sm). In our 
microstructural studies the presence of the initial precipitates of Sm2Co7 phase in hyperstoichiometric 
alloys was not detected.  

Microstructural investigations of the hyperstoichiometric alloy allows assuming that its complicated 
microstructure forms in nonequilibrium conditions during crystallization of the ingot followed by cooling 
down to RT. According to the Sm-Co phase diagram in Fig. 2 crystallization of Sm18.2Co81.8 alloy starts by 
formation of the initial grains of the SmCo5+x phase, which at RT are represented by the dark matrix grains 
in the microstructure of the alloy. At 1200oC the intergrain liquid crystallizes as Sm5Сo19 phase via a 
peritectic reaction: L + SmCo5+x ⇔ Sm5Сo19 and after cooling to RT is represented by the lighter intergrain 
phase. Below 1170oC the Sm5Сo19 intergrain phase decomposes peritectoidly: Sm5Co19 ⇔ SmCo5+x + 
Sm2Co7, forming a fine mixture of dark and white precipitates. The mechanism of decomposition of the 
initial grains of SmCo5+x phase is not quite understood. According to diagram in fig. 2 the phase 
transformation takes place at 1100oС. But in nonequilibrium conditions of cooling to RT it is possible that 
the SmCo5+x phase decomposes by metastable scheme: SmCo5+x ⇔ SmCo5-x + SmCo5+2x. According to 
experimental data in Fig. 1 it occurs between 900 and 700oC. During the subsequent aging of as-cast alloy in 
the temperature range of 1220 – 700oC the precipitates of Sm2Co7 phase inside the intergrain phase and 
the precipitates of SmCo5+2x phase inside the initial grains of the SmCo5+x phase may transform to SmCo5-x 
phase resulting in diffusion of Sm atoms from the first to second phase.  
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d) 

Fig 4 SEM micrographs of the as-cast alloy № 7 (Sm18.2Co81.8). Line profiles in fig. 4с indicate change in 
concentrations of Co (curve 1), Sm (2), С (3) and O (4) 

It is well-known that processing of commercial sintered magnets includes melting of hyperstoichiometric 
alloy, ball milling, pressing of the powder in presence of magnetic field, sintering and heat treatment. 
Usually composition of commercial alloys is approximately close to the composition of alloy № 7 
(Sm18.2Co81.8). Hence, after ball milling the powder of this alloy might consists of the particles of above listed 
phases (see Fig. 4). After sintering, the microstructure of magnets consists of SmCo5 grains and small 
quantity of Sm-rich phases which are concentrated in the intergranular area. According to numerous 
microstructural investigations the post sintering heat treatment doesn’t change the microstructure of the 
sintered magnets. However, XRD data show changes in the lattice parameters of the SmCo5 phase (see Fig. 
1). It can be concluded, that during HT the transformation of the SmCo5 into SmCoy crystal structure most 
likely starts preferentially at the surface of the SmCo5 grains. As it was suggested earlier [7, 8] this 
transformation improves smoothness of the grain surface of the principal phase and eliminates regions 
with low magnetocrystalline anisotropy. It decreases the number of reversed domains nuclei and thus 
increases coercivity of the magnets.  

 

4.  CONCLUSIONS 

XRD study of the lattice parameters of SmCo5 phase in as-cast SmCo5 based alloys after different heat 
treatments shows evidence of enrichment of the SmCo5 phase with Sm. The behavior of the lattice 
parameters of SmCo5 phase in as-cast Sm-rich alloys when subjected to different aging between 1220oC and 
700oC can be related to the phase transformation of SmCo5 into SmCo5-x phases of the Cromer-Larson series 
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(for example, Sm2Co9, Sm3Co14) formed by peritectoid reactions below 1100oC. The phases with disordered 
stacking faults would not produce supercell reflexes. This is one of the reasons for not having detected the 
presence of SmCoy phases using X-ray diffraction.  

It is suggested that in sintered magnets formation of the SmCoy structure during heat treatment starts at 
the surface of SmCo5 grains. This transformation improves the smoothness of the grains surface and 
eliminates regions with low magnetocrystalline anisotropy. Both of these structural changes decrease the 
number of reversed domains nuclei and increase coercivity of the magnets.  
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ABSTRACT 

Rapidly solidified alloys based on a aluminium - transition metal (TM) system are promising structural 
materials. They are noted for good mechanical properties and excellent thermal stability, which are caused 
by very fine nanostructure of these materials and even by a presence of nonequilibrium intermetallic 
phases. The influence of quenching rate and Ce addition on properties of AlCr5.5Fe3Ti1.5 prepared by melt 
spinning method were studied in this work. It was proved that at high quenching rate a quasicrystaline 
phase is formed, at low quenching rate a Al13Cr2 stable phase is formed and middle quenching rates lead to 
formation of both of these phases. The addition of Ce changes phase composition of the alloy but any 
influence of Ce addition neither on hardness nor on thermal stability of the alloy was documented. 

Keywords: Aluminium alloys, rapid solidification 

 

1.  INTRODUCTION  

Compact materials prepared from rapidly solidified Al-TM based alloys are very promising structural 
materials. The main suitable materials are those with more than 80% of aluminium, which is caused by 
their high strength, good thermal stability and low density. Previous research in Department of Metals and 
Corrosion Engineering showed good thermal and mechanical properties of Al-5.7 wt.% Cr-2.5 wt.%  Fe- 1.3 
wt.% Ti alloy prepared by melt atomization by inert gas and consequent hot extrusion [1]. Alloys described 
in this work have analogous chemical composition but they were manufactured by melt spinning.  

Utilization of rapid solidification methods (e.g. atomization by inert gas, melt spinning) can lead to an 
increase of solubility of alloying elements in matrix, improving materials homogeneity and significantly 
refining of the materials structure. It is possible to prepare amorphous or quasicrystalline material by these 
methods, when extremely high quenching rates are used [2]. Above mentioned structural changes are 
accompanied by many materials properties improvements. Increase of thermal stability is caused by higher 
solubility of transition metals with low diffusion coefficient in aluminium matrix. Mechanical properties are 
ameliorated by homogenization and refinement of structure. The last but not least fact is, that presence of 
quasicrystalline phases prevent grain coarsening in subsequent thermal threatment [3]. 

It was proven, that adding of few percent of Ce into Al-TM alloy increases the rapid solidification effect and 
supports formation of ultrafine structure composed of aluminium matrix and quasicrystals [4, 5]. 

 

2.  EXPERIMENTAL 

In this work, alloys with composition of Al-5.5 wt. % Cr-3 wt. % Fe-1.5wt. %Ti-x wt. % Ce (x = 0; 1.5; 3) were 
studied. The alloys were prepared by melting of appropriate amounts of master alloys and pure metals (Al-
11wt.% Cr, Al-4wt.% Ti, Al, Fe and Ce) in induction furnace. Consequently, rapidly solidified ribbons were 
prepared by melt spinning at cooling wheel velocities of 1000 rpm, 1800 rpm, which correspond to cooling 
wheel circumferential speeds of 17 m/s, 28 m/s respectively. Microstructure of ribbons was observed in 
cross section using scanning electron microscope SEM Hitachi S 4700 . Phase composition of all materials 
was determined by X-ray diffraction (XRD) on PAN analytical X’Pert PRO + High Score Plus. Intermetallic 
phases were observed by transmission electron Jeol 3010 (300 kV) equipped by EDS analyser. These phases 
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were extracted from material by selective dissolution of aluminium matrix in reagent composed of 250g 
methanol, 25g tartaric acid and 10g iodine [13]. Vickers hardness HV 0.005 was measured on the cross 
section of ribbons.  

 

3.  RESULTS AND DISCUSSION 

A structural gradient is observed on cross section of rapidly solidified ribbons. No structural constituents 
can be seen by scanning electron microscope in the ultra-rapidly quenched area, which was in contact with 
cooling wheel, and this area seems to be homogeneous. This area is placed in the bottom part of Fig. 1 and 
2. Increasing distance from cooling wheel causes coarsening of the structure.  

  

Fig. 1:Cross section of AlCr5.5Fe3Ti1.5 rapidly 
solidified ribbon 

Fig. 2: Cross section of AlCr5.5Fe3Ti1.5Ce3 
rapidly solidified ribbon  

In agreement with theoretical expectations, Ce addition resulted in extension of ultra-rapidly quenched 
area from approximately 5 µm in alloy without Ce, which structure is shown in Fig. 1, to approximately 
20 µm in alloy with 3 wt.% Ce, as it is illustrated in Fig. 2. Both these ribbons were prepared at cooling 
wheel circumferial speed of 28 m/s. The Ce addition lead also to significant refinement of structure in 
slowly cooled areas of ribbon. 

Surprisingly, there were only small differences in materials hardness. The AlCr5.5Fe3Ti1.5 reached the 
hardness value of 145 HV0,005 and the AlCr5.5Fe3Ti1.5Ce3 alloy has hardness value of 160 HV0,005. 

 

The influence of Ce addition is also 
evident from XRD patterns. The 
AlCr5.5Fe3Ti1.5 alloy cooled at 17 m/s 
contained only Al and Al13Cr2 phases. 
Increasing the cooling velocity up to 28 
m/s resulted in occurrence of new 
quasicrystalline phase as it is 
documented in Fig. 3. From all recently 
described phases, this phase exhibits 
similar structure as a Al80Cr20 phase.   

As it is shown in diffraction pattern i Fig. 
4, this phase is formed in 
AlCr5.5Fe3Ti1.5Ce3 alloy even at lower 
cooling rate. 

 

Fig. 3: XRD pattern of AlCr5.5Fe3Ti1.5 alloy  
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In case of this alloy, the increase of 
cooling rate do not cause any change in 
phase composition and changes only 
the phase contents. The Ce was in 
AlCr5.5Fe3Ti1.5Ce3 alloy present in 
CeAl2 phase, although in literature is it 
presence documented in Al4Ce phase 
[7, 8]. A small amount of Ce stayed not 
melted. The utilization of Al-Ce master 
alloys is complicated because of low 
content of alloying elements in them. 

Intermetallic phase, extracted from 
ribbons prepared at cooling wheel 
circumferial speed 28 m/s, were 
observed by transmission electron 
microscope.  

 

  

Fig. 5:Intermetallic phases extracted from 
AlCr5,5Fe3Ti1,5 alloy (TEM) 

Fig. 5:Intermetallic phases extracted from 
AlCr5,5Fe3Ti1,5 alloy (TEM) 

Fig. 5 shows irregularly shaped Al13Cr2 phase and spherical-shaped quasicrystalline phases extracted from 
AlCr5.5Fe3Ti1.5 alloy. In the top left corner of Fig. 5, there is selected area diffraction pattern (SAED) of one 
quasicrystal. The SAED is distinguished by ten-fold symmetry axis, so it is a decagonal quasicrystal. Chemical 
composition of this quasicrystal is given in Tab. 1. Observed symmetry and chemical composition were in 
initial expectations that the quasicrystaline phase is close to Al80Cr20 quasicrystals in which a part of Cr 
atoms is replaced by Fe atoms. With regard to very close atom ratios of Cr and Fe, the substitution is noted 
only on intensity of diffraction peaks but not on their position. Accurate structure determination is aim of 
following research.  

 

 

Fig. 4: XRD pattern of  AlCr5.5Fe3Ti1.5Ce3 alloy  
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Table 1: Chemical composition of quasicrystalline phases 

Alloy Al [at. %] Ti [at. %] Cr [at. %] Fe [at. %] 
AlCr5.5Fe3Ti1.5 84 1 7,5 7,5 
AlCr5.5Fe3Ti1.5Ce3 84,5 1 9,5 5 

 

It was also possible to observe Al13Cr2 and quasicrystalline phases in the AlCr5.5Fe3Ti1.5Ce3 alloy. The other 
phases were considerably damaged by dissolution of aluminium matrix. To observe these phases, it will be 
necessary to use samples prepared from the whole alloy. 

Transmission electron microscope observations and chemical analyses confirmed the initial idea 
established on XRD, that quasicrystalline phases in alloy without and with Ce are similar.  

 

4.  CONCLUSION 

The Ce addition into AlCr5.5Fe3Ti1.5 alloy has a significant influence on the refinement of materials 
structure. It also leads to stabilization of metastable phases. This can be seen as extension of ultra-rapidly 
quenched area in rapidly solidified ribbons and it causes a formation of quasicrystalline phases at cooling 
rates which do not leads to their formation without Ce addition. The influence of Ce addition on materials 
hardness is negligible.  

. 
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Abstract 

During laboratory tests of machinability performed in the course of development of new free-cutting alloys, 
it was found that the temperature of material being dry machined can reach values as high as 350 °C or 
more in areas close to cutting tool. During machining it is therefore theoretically possible that in some 
cases, such as failure of cutting fluid inflow, the temperature of thin wall machined piece may exceed 
normal temperature considerably. In modern methods of machining using high cutting rates the material 
may undergo impact loads at elevated temperatures. This type of load can be simulated using the impact 
bend test, so called Charpy impact test according to European standard EN 10 045-1. Unlike common 
construction AA6082 alloy, the free machining AA6262 and AA6023 aluminium alloys show a significant 
decrease in notch impact strength KU at elevated temperatures. This drop of KU, caused by melting of 
disperse phases containing low-melting metals, takes place within a certain relatively narrow transition 
range of temperature. This decrease in notch impact strength leads to the risk of occasional fracture of 
parts manufactured from these alloys by cutting process.  

Keywords: Al alloys, AA6262, AA6082 and AA6023 alloys, Charpy impact test 

 

1. INTRODUCTION   

Using laboratory tests of machinability during development of new free-cutting alloys it was found that the 
temperature of material being dry machined can reach the values as high as 350 °C or more in areas close 
to a cutting tool [1] (fig.1). During machining it is therefore theoretically possible that in some cases, such 
as failure of cutting fluid inflow, the temperature of thin wall machined piece may exceed normal 
temperature considerably. 

 From this reason it is of interest 
to learn the properties of free 
machining aluminium alloys at 
elevated temperatures. In 
modern methods of machining 
using high cutting rates the 
material may undergo impact 
loads at elevated temperatures. 
This type of load can be 
simulated with impact bend 
test, so called Charpy impact 
test according to European 
standard EN 10 045-1.  

From this reason it is of interest 
to learn the properties of free 
machining aluminium alloys at 
elevated temperatures. In 
modern methods of machining 

 

Fig. 1.  Turning operation 

max. 350- 430 
Machined piece 

of Al alloy 
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using high cutting rates the material may undergo impact loads at elevated temperatures. This type of load 
can be simulated using an impact bend test, so called Charpy impact test, according to European standard 
EN 10 045-1.  

 

2. CHARPY IMPACT TEST  

Charpy U-test piece was used in our tests. The impact tests were performed at ambient temperature as 
well as at 100, 150, 200, 250, 300 and 350 °C. Warming to the test temperature was performed by rapid 
heating, the piece was put in contact with aluminium plate preheated to the test temperature (Fig. 2). 

a)  

  

c)   b)  

Fig. 2 Charpy U-test piece (a), heat-delivery Al surface (b) and testing machine (c) 

 

Warming up to the required temperature and immediate break of the sample took a period of max. 1.5 
min, so that the strength loss by precipitation (overaging) or recrystallization during the test was negligible.
   

3. MATERIALS 

The tests were perfomed on samples of dimensions of 55x10x10 mm with U-notch taken from pressed and 
drawn rods of diameter of 17.7 mm from AA6082, AA6262 and AA6023 alloys in T8 temper. The rods were 
manufactured by standard technology in Alcan Děčín Extrusions Ltd. Chemical composition of the alloys is 
given in Table 1. 

 

Table 1. Chemical composition (in wt. %)  

Alloy Melt Si Fe Cu Mn Mg Cr Zn Ti Ni Pb Bi Sn 

AA6082 2715 - billet 2 1.080 0.370 0.023 0.444 0.794 0.006 0.030 0.016 0.002 0.003 0.000 - 

AA6262 5967 -  billet 1 0.710 0.450 0.347 0.126 0.971 0.118 0.060 0.025 0.005 0.639 0.590 - 

AA6023 8367 - billet 1 1.080 0.210 0.400 0.338 0.780 0.009 0.09 0.049 0.001 0.034 0.913 0.522 
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Structure 

Distribution of constituent phases Alx(Fe,Si,Cr,Mn,Cu)y containing Fe, Si and Cr (in case of AA6262), Fe, Si 
and Mn (AA6082) and Fe, Si, Mn and Cu (AA6023) is similar in all three alloys. They are arranged in arrays in 
the pressing direction and are finer at the surface as compared to the central areas. The AA6262 and 
AA6023 alloys contain disperse phases involving low-melting metals, either Pb and Bi (AA6262) or Sn and Bi 
in case of AA6023. These phases have array arrangements as well and their size and distribution were 
similar in both alloys. Phases containing Sn-Bi in the structure of AA6023 are a little coarser than phases 
containing Pb-Bi in the structure of AA6262 alloy (Fig. 3).  

   

a b c 
Fig. 3 Distribution of constituent phases in the structure in central areas of the rods of AA6082-T8 

(a), AA6262-T8 (b) and AA6023-T8 (c) alloy 

The structure in the central areas of the rods in all examined AA6082, AA6262 and AA6023 alloys was 
fibrous (Fig. 4). 

   

a b c 
Fig. 4 Unrecrystallized "fibrous" structure of the rods of AA6082-T8 (a), AA6262-T8 (b) and AA6023-

T8 (c) alloy 

Mechanical properties 

Initial mechanical properties of rods of diameter of 17.7 mm from tested AA6262, AA6023 and AA6082 
alloys are given in Table 2. The properties were mutually similar for all materials and the average values 
occur within a technological scatter. 

 

Table 2.  Mechanical properties of rods of diameter of 17.7 mm  

Alloy Rp0.2 [MPa] Rm [MPa] A [%] Z [%] E [GPa] HV30 HB 

AA6082-T8 360 377 13.2 31 72.5 109 102 

AA6262-T8 375 391 12.9 37 72.0 111 107 

AA6023-T8 348 362 12.0 37 69.5 107 102 
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4. RESULTS AND DISCUSSION 

Results of impact tests by Charpy method at ambient and elevated temperatures, used for measuring notch 
impact strength KU, are given in Fig. 5.  
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Fig. 5 Temperature dependence of Charpy impact energy (KU) for AA6082, AA6262 and AA6023 
alloys 

The results could be summarized as follows: 

a)  The tested alloys differ substantially in their dependence of notch impact strength KU on the 
temperature in the range from 20 to 350 °C. While the AA6082 alloy exhibits practically constant 
notch impact strength up to 200 °C and its growth above this temperature, in case of free machining 
AA6262 and, especially, AA6023 alloy a strength decrease with increasing temperature is observed.  

b)  In case of both free machining alloys, AA6262 and AA6023, the decrease of impact strength with 
increasing temperature is slow at first, however, at a certain critical temperature, Tk, a sharp 
decrease occurs. The critical temperature is 250 °C for the AA6262 alloy, whereas for the AA6023 
alloy it is lower, only 150 °C (Fig. 6). 

c)  Certain transition ranges can be defined, i.e., temperature intervals within which the notch impact 
strength KU of an alloy decreases sharply. This temperature transition range is 250-300 °C for the 
AA6262 alloy. Within this temperature range, KU decreases from 6 J to approximately 4 J. In case of 
the AA6023 alloy, the transition temperature range is lower by approx. 100 °C, being 150-200 °C. 
Within this temperature range the notch impact strength of the alloy drops from 5.5 J to 2 J (Fig. 6).        
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Fig. 6 Charpy impact energy (KU) versus temperature curves for AA6082 and AA6262 with  
denotation of  the transition ranges 

d)  The different dependence of KU on the temperature is related to different phase composition in the 
structure of alloys tested. Whereas the AA6082 alloy does not contain any low-melting phases, the 
structure of AA6262 alloy contains disperse phases comprising low-melting metals lead and bismuth 
and that of AA6023 alloy dispersion phases comprising low-melting metals tin and bismuth.  These 
metals form diverse variants of low-melting phases. It is important to mention that the phases in the 
AA6262 alloy, containing Pb and Bi, exhibit, with only one exception, higher melting points than 
phases containing Sn and Bi in the AA6023 alloy (Table 3). These results were confirmed by DTA 
measurements [4]. These analyses confirm a melting of the phases in the AA6023 and AA6262 alloys 
at temperature of 189 °C and 257 °C, respectively.  

 

Table 3. Low-melting phases in AA6262 and AA6023 alloys, their melting points and presence in the 
structure [2, 3, 5, 6] 

Alloy Phases  Melting point Presence in structure 

AA6262 

Pb 327 °C High 
Bi 271 °C Low 
(43,5%)Pb-Bi 125 °C Very low 
(99,5%)Bi-Mg3Bi2 260 °C Very high 
(97,8%)Pb-Mg2Pb 253 °C Low 

AA6023 

Sn 232 °C Mddle 
Bi 271 °C Low 
(43%)Sn-Bi 139 °C Low 
(99,5%)Bi-Mg3Bi2 260 °C High 
(98%)Sn-Mg2Sn  200 °C Very high 
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Fracture properties from impact tests 

Fracture properties from impact tests were studied by methods of both light microscopy (LM) and scanning 
electron microscopy (SEM) using DSM 940 and FEI Quanta 200 FEG microscopes. The results of the 
experiments could be summarized as follows: 

a)  At ambient temperature, the fractures of all three studied alloys exhibited a ductile dimple rupture. 
In the AA6082-T8 alloy, the bottoms of dimples were either empty or complex intermetallic phases 
were present containing Fe, Si, Mn, in some cases also Mg. In the AA6262 alloy, there were 
predominantly phases containing Pb, Bi and Mg observed at bottom of the dimples, and in case of 
the AA6023 alloy the phases containing Sn, Bi and Mg (see Fig.7). 

20 °C - SE mode    

   

a) b) c) 

20 °C - BSE mode  Phases Pb and/or Bi (+Mg) Phases Sn and/or Bi (+Mg) 

   

d) e) f) 

Fig. 7 Fracture properties from Charpy impact tests of AA6082-T8 (a, d), AA6262-T8 (b, e) and 
AA6023-T8 piece (c, f) at ambient temperature (Magnification: 500 x) 

 

b)  The appearance of fracture changed at elevated temperatures. The AA6082 alloy exhibited a 
pronounced ductile fracture at 300 - 350 °C. In AA6262 and AA6023 alloys the fracture quality was 
similar as that at ambient temperature. However, in contrast to fractures at ambient temperature, 
the branched fractures with many side cracks were observed at elevated temperatures.  The number 
of side cracks in the AA6023 alloy was higher as compared with AA6262 alloy (Fig. 8, 9).  
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                                      Small area of the branched 
fracture with side cracks 

Big area of the branched 
fracture with many side cracks 

  

a) b) c) 

Fig. 8  Fracture properties from Charpy impact tests of AA6082-T8 (a), AA6262-T8 (b) and 
AA6023-T8  (c) on longitudinal section of the piece at 300 °C (Notch is on the right) 

300 °C - SE mode   

   

a) b) c) 

300 °C - BSE mode Side cracks Side cracks 

   

d) e) f) 

Fig. 9 Fracture properties from Charpy impact tests of AA6082-T8 (a, d), AA6262-T8 (b, e) and AA6023-
T8 piece (c, f) at 300 °C (Magnification: 500 x) 

 

5 CONCLUSIONS 

a)  Unlike common construction AA6082 alloy, the free machining AA6262 and AA6023 aluminium alloys 
show a significant decrease in notch impact strength (impact energy KU) at elevated temperatures. 
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This drop of KU, caused by melting of disperse phases containing low-melting metals, takes place 
within a certain relatively narrow transition range of temperature.   

b)  In AA6262 alloy, this transition range of "warm embrittlement" is between temperatures from 250 to 
300 °C, in case of the AA6023 alloy it was assessed between temperatures 150 and 200 °C. It is 
important to mention that the notch impact strength KU of the AA6262 alloy drops from 
approximately 6-6.5 J to the value of 4 J, which is much less as compared to the AA6023 alloy, 
showing a decrease from 6 to 2 J.    

c)  From theoretical considerations on machining it implies that a temperature of a thin part machined 
using a high cutting speed may considerably rise above ambient temperature in case of insufficient 
cooling. Such an increase may exceed the temperature of embrittlement of free-cutting aluminium 
alloys and leads to damage of the piece during machining process. Since the transition temperature 
of embrittlement is lower and the embrittlement itself more intense for the alloy AA6023 (Stanal 32) 
as compared with the AA6262 alloy, the probability of fracture occurrence in parts made of the 
AA6023 alloy is higher than in case of the AA6262 alloy.    

d)  The lower transition temperature of embrittlement and the deeper decrease of KU in case of alloy 
AA6023 as compared to AA6262 are related to three main aspects:  

i)  Melting temperatures of low-melting phases containing Sn and Bi in the AA6023 alloy are 
lower than those of phases containing Pb and Bi in the AA6262 alloy.  

ii)  Owing to the lower surface tension, tin wets more the surrounding matrix as compared to 
lead.   

iii)  Since a phenomena of so called "separated eutectics" occurs in the Al-Sn system, tin, as 
compared to lead, exhibits a higher tendency to be interdendritic separated in the form of thin 
layers that may more impair the coherence of material at elevated temperatures during 
subsequent melting.  
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ABSTRACT 

Nowadays, an addition of Sc and Zr into aluminium alloys is studied widely. The main attention has been 
given to high purity aluminium and non-age treatable alloys of Al-Mg type. In these materials, simultaneous 
addition of Sc and Zr enhances the mechanical properties and the hardening Al3(Sc,Zr) phase provides an 
appreciable anti-recrystallization effect. In the case of age treatable alloys, especially the Al alloys alloyed 
with lithium for aeronautics and space industry application have been the subject of research. 
Furthermore, alloys containing zinc (7xxx series) and Al-Mg-Si alloys (6xxx series) have been also partially 
under investigation. The present paper deals with a non-heat treatable Al-Mn alloy (3xxx series) alloyed 
with Sc and Zr (0.2 wt.%). Structure and properties of Al-1.5Mn alloy with and without Sc and Zr addition in 
the as-cast and homogenised states have been investigated. The high-temperature homogenisation of as-
cast structure was performed using 610°C/18h regime finished by water cooling. Precipitation processes, 
occurring in solid solution of Mn, Sc and Zr, were studied indirectly using the measurement of hardness and 
conductivity changes during isochronal annealing of both cast and homogenised states in temperature 
interval from 90 to 630°C.  This investigation has shown that the maximum hardening of Al-1.5Mn-0.2Sc-
0.2Zr alloy by Al3(Sc,Zr) dispersoids (peak-aged state) occurs at temperatures about 300°C, as well as in the 
case of high purity aluminium and Al-Mg alloys. Moreover, the effect of long-time homogenisation 
annealing at 610°C leads to both dissolution and growth of Al3(Sc,Zr) phase connected with its coherency 
loss. Simultaneously, a solid solution depletion of Mn occurs during homogenisation treatment. 

Keywords: Al-Mn alloy, Al3(Sc,Zr) phase, homogenisation treatment, conductivity, TEM, SEM. 

 

1.  INTRODUCTION 

Nowadays, an addition of Sc and Zr into aluminium alloys is studied widely. The main attention has been 
given to high purity aluminium and non-age treatable alloys of Al-Mg type. In these materials, simultaneous 
addition of Sc and Zr enhances the mechanical properties and the hardening Al3(Sc,Zr) phase provides an 
appreciable anti-recrystallization effect [1-4]. In the case of age treatable alloys, especially the Al alloys 
alloyed with copper, lithium, and zinc, have been the subject of research [5-10]. For these alloys the heat 
treatment at higher temperatures is an important factor regarding the precipitation of phase containing Sc 
and Zr. It is especially solid solution annealing temperature, which ranges in the range from 470 to 530°C in 
dependence on the alloy type. Besides the solution annealing, which is performed at the end of the 
manufacturing process, the other high-temperature heat treatment is homogenisation annealing. This 
annealing type comes within the beginning of the manufacturing process prior to a forming or working, and 
not only in the case of the age treatable alloys, but often also in non-age treatable alloys. The 
homogenisation annealing results in elimination of segregation, i.e., a uniform distribution of alloying 
elements in the material volume is achieved. Thereby, homogeneity of properties increases and above all 
the material formability is improved. The subject of the experiments summarized in the present 
contribution is an AlMn1.5 alloy, when the effect of homogenisation annealing on the structure and 
properties of two its variants was investigated – an alloy with 0.2 wt.% Sc and 0.23 wt.% Zr, and a non-
alloyed one. The present paper reassumes the investigations aimed at the effect of Sc and Zr on the 
structure and properties of Al alloys [11-16].  
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2.  EXPERIMENTAL 

The experimental programme, with the aim of quantification of the Sc and Zr effect on structure and 
properties of AlMn1.5 alloy, was based on a comparison of two AlMn alloy variants of chemical 
composition listed in Tab. 1.  

 

Table 1 Chemical composition of investigated alloys [wt.%] 

Alloy Designation Si Fe Mn Sc Zr 

AlMn1.5 Al-Mn 0.025 0.056 1.47 - - 

AlMn1.5Sc0.2Zr0.2 Al-MnScZr 0.034 0.072 1.35 0.27 0.23 

 

Purposely prepared Al2Sc and standard Al10Zr and Al8Mn master alloys were used for the addition of 
alloying elements (Sc, Zr and Mn) to aluminium. Both AlMn alloy variants were cast into small ingots of 
dimensions of 145 x 245 x 40 mm, from which the experimental samples were taken.  

During the experiments, both the as cast and the after 
high-temperature homogenisation annealing states were 
assessed simultaneously. The long-time homogenisation 
treatment was performed at 610°C for 18 hours with slow 
heating rate and final water quenching (20°C). The chart of 
temperature-time dependence of the homogenisation 
annealing is shown in Fig. 1.  

Structure of the experimental materials was studied using 
light and scanning electron microscopy (SEM). The content 
of alloying elements in observed intermetallic phases was 
estimated qualitatively using point and linear energy-
dispersive X-ray analysis (EDX) in SEM. Microstructure and 
distribution of dispersoids in Al-MnScZr alloy in as cast and 
homogenised state were assessed by means of transmission electron microscopy (TEM) at 200 kV. TEM 
foils were prepared by electrolytic twin-jet polishing (-15°C, 15 V) using a 30 vol.% solution of HNO3 in 
methanol. The changes of mechanical properties and phase transformation processes during an isothermal 
and an isochronal annealing were studied using Vickers hardness HV10 and electrical conductivity (eddy 
current method) measurements. The property changes in the course of the isothermal annealing were 
assessed in temperature interval of 200-500°C. The isochronal annealing was performed in the regime of 
30°C/30min in temperature interval of 90-630°C, i.e., gradually increasing temperature with the step of 
30°C, dwell time of 30 min, and following water quenching.  

 

3.  RESULTS AND DISCUSSION 

Initial structure of the both alloys was very similar. Structures of the Al-MnScZr alloy in as cast and 
homogenised state are shown in Figs. 2 and 3. The as cast microstructure of the experimental materials is 
characterized by Al6Mn, eventually Al6(Mn,Fe) intermetallic phases occurring at cast grain boundaries. 
These phases are coarser and rounded after homogenisation treatment (Fig. 3).  
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Fig. 1 Homogenisation annealing diagram 
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Fig. 2 As cast microstructure of the Al-MnScZr  
alloy 

Fig. 3 Microstructure of the Al-MnScZr alloy after 
homogenisation treatment 

In contrast to the Al-Mn alloy, other particles of dual morphology were present in addition to these 
Al6(Mn,Fe) type phases in the alloy containing Sc and Zr – either long rods (up to 0.1 mm in length) or 
irregular sharp-edged polygons. These phases were present in the both as cast and homogenised state 
(Figs. 4 and 6). The homogenisation did not cause any change of their shape or size. Linear EDX analyses in 
SEM showed that they are the particles containing Sc and Zr. Point analyses of these coarse primary phases 
revealed an approximate content of the Sc and Zr elements in ratio of 1:2. A presence of Mn and Fe in 
these particles was not ascertained (Figs. 5 and 7). The linear analysis carried out on the homogenised 
sample in Fig. 5 was performed not only through the phase containing Sc and Zr, but also through the 
Al(Mn,Fe,Si) type phases. Owing to very low Si content (0.034 wt.%) in the alloy, no Si was detected in these 
particles in contrast to Mn and Fe elements.  

The Al3(Sc,Zr) dispersoids which precipitate from solid solution of Al, Sc and Zr (two latter in 2:1 ratio), 
observed in as cast and homogenised state, are not detectable using light microscopy (as their size usually 
ranges in 10-8 m) and by means of SEM was possible observe only the particles of dimensions higher than 
100 nm.  

  

Fig. 4 Intermetallic phases of the as cast Al-MnScZr 
alloy 

Fig. 5 Intermetallic phases of the Al-MnScZr  
alloy after homogenisation along with the 
results of linear EDX/SEM analysis 
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Fig. 6 Intermetallic phases of the as cast Al-MnScZr 
alloy 

Fig. 7 Intermetallic phases of the Al-MnScZr  
alloy after homogenisation along with the 
results of linear EDX/SEM analysis 

 

TEM observations revealed a different distribution and size of Al3(Sc,Zr) dispersoids in as cast and 
homogenised state of the Al-MnScZr alloy (Fig. 8). While significantly inhomogeneously distributed particles 
of size of 5-20 nm were present in as cast state (Fig. 8a), a uniform and dense (approx. 1019 m-3) distribution 
of substantially coarser dispersoids could be observed in the material after high-temperature 
homogenisation annealing (Fig. 8b). The coarse particles often reached a size greater than 0.1 mm (Fig. 8c). 
Hence, not only a loss of their coherency, but also the decrease of solid solution supersaturation (depletion 
of Sc and Zr) occurred, which affects the precipitation processes during following heat treatment of this 
material (see below the results of hardness and electrical conductivity measurement). Besides these 
particles still coarser Mn particles (of the size of 2-3 μm) were present mainly at grain boundaries in both 
material states. 

 During assessment and comparison of the Al3(Sc,Zr) dispersoids size and distribution in as cast and 
homogenised materials it is necessary to consider different thermal conditions of these structure 
formation. The observed Al3(Sc,Zr) dispersoids in cast structure grew in the course of relatively slow ingot 
cooling rate, whereas dispersoids in homogenised material formed during long dwell time at high 
temperature (610°C). The quenching after homogenisation annealing resulted in retention of dissolved Sc 
and Zr in solid solution. In the case of similar cooling rate after homogenisation as during the casting, the 
structure would contain not only the coarse particles, but also the dispersoids of a size observed in the as 
cast state.    

The occurrence of observed relatively large and variously morphologic intermetallic phases containing Sc 
and Zr (Figs. 5 and 7), which were formed already during melt crystallization, is most probably caused by 
high Zr content in the alloy (0.23 wt.%). From this point of view, the high Zr content is unfavourable, since it 
results in decreasing of Sc content in solid solution after casting and, thereby, decrease of Sc amount 
available for precipitation of Al3(Sc,Zr) dispersoids. Therefore, Zr alloying above 0.15 wt.% was shown as 
counterproductive (maximal solubility of Zr in binary peritectic  Al-Zr system is 0.11 wt.% [17]). 
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Fig. 8 Distribution of Al3(Sc, Zr) dispersoids in Al-MnScZr alloy in as-cast (a) and after homogenisation 
treatment state (b), resulting in coarsening and coherency loss of these particles (c) 

 

The results of isothermal and isochronal annealing experiment are plotted in Figs. 9 and 10. The observed 
hardness-time dependences imply the significant effect of Sc and Zr on changes of Al-Mn1.5 alloy 
properties. Whereas the hardness changes of both variants of Al-Mn1.5 alloy are negligible during 
isochronal and isothermal annealing, the alloys containing Sc and Zr exhibits substantial hardness changes 
in dependence on annealing temperature. Maximum hardening of the Al-MnScZr alloy is achieved at 300°C 
(Fig. 9a), which is a part of indistinctive flat hardness maximum, i.e., the hardness changes are very small in 
the interval from 60 to 960 minutes. Hardness evolution for homogenised variant is similar to that of as 
cast material; however, the curve is shifted to the lower hardness values. The effect of homogenisation is 
also evident for the annealing temperature of 500°C (Fig. 9b) – whereas there is a noticeable increase in 
hardness in the case of the as cast structure (but the maximum is lower than for 300°C and is shifted to 
shorter times), the hardness changes in homogenised material are independent on the annealing time.  
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Fig. 9 Hardness evolution of studied alloys during isothermal annealing at 300°C (a) and 500°C (b) 

         (L)-as cast, (H)-homogenised 

The shift of the curve towards the lower hardness values for the homogenised variant containing Sc and Zr 
could be also observed in the case of isochronal annealing curves (Fig. 10). This shift, which occurs towards 
the lower hardness and higher conductivity values for curves of homogenised state, is caused by lower 
content of Sc, Zr and probably also Mn in solid solution Al. This is indirectly confirmed by electrical 
conductivity measurements during isochronal annealing (Fig. 10b).  

a) b) 

(a) (b) (c) 



Symposium E  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 418

20

40

60

80

0 120 240 360 480 600

H
V

1
0

 

Temperature /°C/

Al-MnScZr (L)

Al-MnScZr (H)

Al-Mn (L)

Al-Mn (H)

 

12

13

14

15

16

17

18

0 120 240 360 480 600

C
o

n
d

u
c

ti
v
it

y
 /

m
/(

O
h

m
.m

m
2
)/

Temperature /°C/

Al-MnScZr (L)

Al-MnScZr (H)

Al-Mn (L)

Al-Mn (H)

 
Fig. 10 Evolution of hardness (a) and electrical conductivity (b) during isochronal annealing 
           (L)- as cast, (H)-homogenised 

From Figs. 10a,b could be apparently seen that the hardness and electrical conductivity of the experimental 
materials are differently affected by alloying of Sc and Zr. While the increase in hardness is significant in the 
range of 270-330°C, the conductivity is changed only slightly at these temperatures. On the contrary, the 
maximum value of conductivity is achieved at 540°C, when the hardness gets its minimum values. The 
different evolution of the hardness and conductivity results from Al3(Sc,Zr) dispersoids formation. In the 
range of maximal hardening (close to the temperature of 330°C and higher) the depletion of solid solution 
is connected with a gradual increase of conductivity, which points out that the range of maximal hardness 
increase (Fig. 10a) is not in coincidence with significant change of conductivity (Fig. 10b). The maximum 
conductivity is achieved at 540°C, when the Al3(Sc,Zr) phase is already oversized and its contribution to the 
hardening is only very small. Above the temperature of 540°C, a redissolution of some Al3(Sc,Zr) phases 
together with a transition of Sc and Zr back into solid solution occur, and thereby a decrease in conductivity 
is detected.  
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Fig. 11 Comparison of hardness (a) and electrical conductivity (b) changes during isochronal annealing 
of three non-hardenable aluminium alloys containing Sc and Zr in as cast condition 

The influence of homogenisation performed at 610°C is very interesting during this treatment, the 
dissolution and formation of new Al3(Sc,Zr) dispersoids occur simultaneously, and the growing particles 
losing their coherency reach a size of up to 0.2 mm (see Fig. 8). Moreover, simultaneously a precipitation of 
dispersoids containing Mn is observed. These changes occurring in the initial states prior to the isochronal 
annealing result in a hardness decrease (Fig.10a) and an increase in conductivity (Fig.10b) as compared to 

a) b) 

a) b) 
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as cast non-homogenised state. The hardness and electrical conductivity curves for homogenised material 
are so shifted to the lower and higher values, respectively, in the whole temperature range of the 
isochronal annealing. The hardness curve for homogenised variant as well exhibits an apparent change of 
its shape in the temperature range of 360-480°C as compared to the as cast state (Fig.10a). Whereas a 
continuing decrease in hardness above the temperature of 360°C is observed in homogenized material, the 
as cast state exhibits an evident plateau with local hardness maximum at 450°C. The reason of these 
changes is probably connected with the different Sc and Zr contents in solid solution and thereby also with 
dissimilar precipitation processes. For the sake of their understanding and explanation it is necessary to 
perform purposeful experiments and detailed investigation of microstructure of selected states by means 
of TEM. 

From the assessment of isochronal annealing curves of hardness and electrical conductivity it could be 
consider that precipitation of the Al3(Sc,Zr) dispersoids and their effect on hardening are not influenced by 
Mn, i.e., Mn does not actively participate in solid solution decomposition of Sc, Zr and Al. This assumption 
could be also supported by the comparison with the isochronal annealing curves of Al-Sc-Zr and Al-Mg-Sc-Zr 
alloys [12,13,16].  In Figs. 11a,b, the corresponding annealing curves are plotted for these alloys together 
with the experimental Al-MnScZr alloy. From these graphs, it results that all curves exhibit similar shape, 
with local changes and extremes at the same temperatures. Their mutual shift is caused by other alloying 
elements, Mg and Mn.  

 

4.  CONCLUSIONS 

Results of the investigation of Sc and Zr alloying and homogenisation annealing effects on the structure and 
properties of Al-Mn1.5 alloy could be summarised as follows: 

1) High Zr content results in occurrence of the coarse, sharp-edged, and rod-shaped primary phases 
containing Sc and Zr (1:2 ratio) of the dimensions up to 0.1 mm. These phases originate already in the 
course of crystallization and do not change substantially during the homogenisation treatment. The 
occurrence of these coarse phases influences the Sc and Zr content in solid solution unfavourably 
and, thereby, also a positive effect of Al3(Sc,Zr) dispersoids on age-hardening. 

2) Homogenisation annealing at 610°C for 18 hours followed by water quenching results in 
simultaneous dissolution and growth of Al3(Sc,Zr) dispersoids.  

3) In comparison with the as cast state, the homogenised variant of AlMnScZr alloy exhibits more 
uniform distribution of dispersoids, which are however considerably coarser (up to 0.2 mm as 
compared to 5-20 nm in as cast state). During homogenisation treatment, not only a loss of their 
coherency, but also the decrease of solid solution supersaturation (depletion of Sc and Zr) occurred. 
This was also confirmed by hardness and electrical conductivity measurements during the annealing 
experiments. 

4) The hardness changes of both variants of Al-Mn1.5 alloy are negligible during isochronal and 
isothermal annealing, whereas the alloys containing Sc and Zr exhibits substantial hardness changes 
in dependence on annealing temperature – a maximal hardening of the as cast Al-MnScZr alloy 
variant was achieved using isothermal annealing at 300°C for 4h. 

5) Different behaviour of as cast and homogenised states during annealing above temperature of 360°C 
is probably related to different content of Sc and Zr in solid solution and, thereby, also to different 
precipitation processes. 

6) The hardness evolution as a function of temperature during isochronal annealing is for AlMn1.5ScZr 
alloy similar as in the case of AlMg3ScZr and AlScZr alloys. Effect of Mn, as well as of Mg, on nature of 
Al3(Sc,Zr) dispersoids precipitation is manifested only by a shift of the curves to the higher hardness 
values. 
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ABSTRACT 

Iron is the most problematic element in recycled aluminum alloys. Significant decrease of mechanical 
properties of alloy was observed if the iron content is relatively high. There is neither economical method 
nor technological process allowing to remove the iron from alloy or at the least to reduce the iron content 
in the aluminum alloys significantly. The influence of thermal history on microstructure of alloy was studied 
in this work. Sequential transformation of intermediate phases with plate-like morphology into a more 
compact - polyhedral phases takes place during the annealing between solidus and liquidus temperatures. 
These phases have a tendency to settle to the bottom of the crucible. Significant decrease of the iron 
content in alloy above the sediment was achieved. The influence of annealing temperature between the 
solidus and liquidus on the microstructure of alloy and chemical composition of present intermediate 
phases was studied. 

Keywords: aluminum alloys, intermediate phases, annealing, sedimentation, recycling 

 

1. INTRODUCTION 

Iron is the most pervasive and detrimental impurity element in aluminum alloys, and comes from the 
bauxite ore and ferrous metals such as melting tools. Iron has a very low solid solubility in aluminum (max. 
0.05 %), and most of the iron in aluminum alloys forms, together with other alloying elements, such as 
silicon, manganese and copper, intermediate iron-rich phases which are detrimental to mechanical 
properties, especially ductility. These iron-rich phases are very brittle and their Young´s modulus and 
expansion coefficient differ from the α-Al matrix, so they act as stress raisers and points of weak 
coherence, leading to a reduction in mechanical properties of the Al alloys. Iron-rich phases with plate-like 
morphology have the worst effect on mechanical properties of alloy [1]. 

Negative effects connected with the presence of iron-rich intermediate phases in aluminum alloys can be 
reduced by use the three basic methods, which are shown in fig.1. 

First method is based on the change of the crystallization of iron-rich phases by the mean of addition of 
some elements (Mn, Co, Cr, Be, Ni) into a melt. Addition of mentioned elements causes the crystallization 
of iron-rich compact intermediate phases with Chinese script morphology. These phases do not decrease 
mechanical properties of alloy contrary to plate-like iron-rich phases [2]. Iron content in alloy do not 
change using this method.  

Second method (II.) presents a heat treatment of alloy. Heat treatment of the melt (II.A) can be used for 
affection of nuclei as a result of strong melt overheating above a liquidus temperature. Microstructure of 
the casting can be changed by the cooling of the alloy with various cooling rates during the crystallization. 
Microstructure of casting can be also influenced by annealing under the solidus temperature of alloy (II.B). 
Selected types of iron-rich intermediate phases fragment into a smaller particles. Spheroidization of 
mentioned particles proceeds simultaneously with coarsening of other present phases, especially silicon. 
Positive effect of fragmentation process is thus degraded by coarsening process hence increase in 
mechanical properties did not occur [3,4]. Iron content in alloy also remains in the same level using these 
methods.  
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Fig. 1: Principles of reduce the deleterious effect of iron on the properties of aluminum alloys  

Third principle presents decrease of iron content in alloy into the acceptable level or full removing of iron in 
ideal case. It is main difference between this method and previous possibilities. Formation of large, hard 
and brittle intermetallic phases with high density and settling of these phases to the bottom occur after the 
addition of selected elements into a melt with relatively high iron content. This is the basic principle of 
sedimentation method. This sedimentation process can be used for decrease the expressive amount of iron 
from the melt. High difference between the iron content in upper and bottom regions of crucible can occur 
after sedimentation process. Upper part of system is the refined melt. The bottom part contains high 
portion of iron-rich sludge phases and its mechanical properties are low [3]. This part of the material is not 
usable in practice. 

Metal foundries fabricate continually more portion of recycled aluminum alloys at this time. Recycling 
technology presents inconsiderable part of world production of aluminum, especially to rapidly decreasing 
nature resources and ore. Chemical composition of recycled materials is very variable. Situations in which 
melt contains high content of impurities (especially iron) during the treatment of high volumes recycled 
resources are very frequent at this time. Main reason of this is the heterogeneity of input raw material 
formed by waste from basic industry (rejected castings, shrink heads, gating systems), processing scrap 
from secondary manufacturing (rod and sheet metal cuttings), raw materials carried by separating of 
salvage (used drink cans), raw materials from mechanical cutting, dross and furnace salt slag. 

The possibility to take advantage of sedimentation method for decrease the level of iron in aluminum alloys 
was indirectly suggested in research, which deals with the formation of the multicomponent polyhedral 
intermediate iron-rich phases in die-casting process. Intermediate phases forming in die-casting process are 
referred to sludge phases. These phase have polyhedral or branched morphology and their dimension can 
reach to several centimeters in holding furnaces [1,5-7]. Presence of these phases in casting decreases the 
strength and ductility of material. In consideration to high hardness of these phases there are difficulties 
with surface machining of castings. Troubles mentioned above forces the alloy manufacturers to solve 
these questions. 

Sedimentation factor SF of alloy was defined (see eq.1) on the basis of empiric experiences. Its value is 
given by chemical composition of alloy by iron, manganese and chromium content. 

 SF = % Fe +  2.% Mn +  3.% Cr                                                                  (1) 
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Effect of chromium and manganese is much more significant than iron content. It was found that the 
sedimentation of sludge phases did not took place if some alloy (characterized by sedimentation factor) 
was held at the temperature higher than certain “critical” temperature. Formation of sludge phases is 
started if the temperature of alloy decreases under the “critical” temperature. This situation is illustrated in 
fig.2 for three aluminum alloys. Behavior of AlSi6Cu3FeMnCr and AlSi9Cu3FeMnCr alloys in term of 
segregation of sludge phases is similar. „Critical“ temperatures are situated to lower values in the case of 
AlSi12CuFeMnCr alloy. 

Our previous experiments showed the presence of sludge phases in castings which melt was held at the 
temperatures higher than “critical” temperature and pouring the melt into a metallic cast. It shows that 
formation of sludge phases is much complicated and the high significancy have also another factors, 
especially the holding time of the melt and the presence of another elements in the melt [4]. 

Usage the additions of manganese and chromium for decrease the iron level in aluminum alloys is not 
optimal method because the chemical composition of sludge phases is variable and all added amount of 
manganese and chromium is not used only for formation of sludge phases but also for creation of another 
intermediary phases. Their effect on mechanical properties of alloy can be the same like effect of needle-
like iron-rich intermetallic phases. Therefore another research is focused to influence of another elements 
on the formation and sedimentation of iron-rich sludge phases. 

 

Gao, Shu, Wang a Sun [1] focused their 
experiments to affecting the 
crystallization of intermediary iron-rich 
phases in AlFe0.33 alloy by salt slag with 
active boron (NaCl + KCl + Na2B4O7 salt 
slag). Decrease in iron level from 0.33 % 
to 0.18% was observed after application 
of salt slag by reason of formation and 
sedimentation of Fe2B intermediary 
phases.  

Boron also causes refining the 
microstructure of alloy by reason of its 
inoculation effect. Nevertheless the 
chemical composition of alloy used for 
this experiment is very different from 
the composition of common commercial 
alloys. 
Another works deal with the influence of 
other elements (e.g. Li, Sr, Ce, Be) on 
crystallization of iron-rich intermediary 
phases. Secondary effects (modification 
of Al-Si eutectic) were observed except 
of effect of these elements on 
crystallization of iron-rich intermetallic 
phases [7-10]. 

Fig. 2:  Influence of „Critical temperature“  
           on segregation factor of alloy [6]   

 

2. EXPERIMENTAL  PROCEDURE 

Experiments were performed with aluminum alloys with chemical composition given in tab. I.  
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Tab. I.: Chemical composition of studied alloys and their sludge factor [wt.%] 

Alloy Si Fe Cu Zn Mg Mn SF 

A 9.34 2.88 2.39 0.24 0.19 0.23 3.34 

B 9.54 3.89 2.41 0.27 0.29 0.25 4.39 

C 16.12 7.65 1.72 0.47 0.12 0.39 8.43 

 

Chemical composition of used alloys was analyzed with optical emission spectrometer GD Profiler 2. 
Experimental alloys were melted in electric resistance furnace without the use of both the protective salt 
slag and the protective atmosphere. 

Cooling curves of used alloys were measured in the first period of experiment. Melt was poured into a 
graphite mould to guarantee the relative low cooling rate during crystallization of alloy. Temperature of the 
cooled system was measured by Ni-NiCr10 thermocouple, located to central part of the crucible. Annealing 
temperatures in our experiments were determined from following cooling curves of studied alloys. 
Annealing temperatures were chosen on the basis of liquidus temperature of alloys.  Annealing was 
realized in electric resistance furnace without use protective slag. The influence of holding time on 
sedimentation of intermetallic iron-rich phases during annealing was studied. The graphite crucibles were 
removed from the furnace and slowly cooled to a laboratory temperature. Annealing conditions used in our 
experiments are summarized in tab. II. 

 

Tab. II.: Annealing conditions of studied alloys 

Alloy Anealling temperature [°C] Holding time [h] 

A 598 603 608 250 
B 623 628 633 250 
C 614 619 624 250 

 
Annealed alloys were cut and metallographic samples were prepared from these samples by classical 
metallographic technique (grinding, polishing, etching). Metallographic samples were studied by light 
microscope OLYMPUS PME 3, Hitachi S-450 scanning electron microscope with KEVEX DELTA 5 EDS 
analyzer. Chemical composition of selected regions in samples were analyzed with optical emission 
spectrometer GD Profiler 2.The analyzed area had diameter of about 3 mm. Chemical composition of 
present intermediary phases was analyzed with EDS analyzer. 
 

3.  RESULTS AND DISCUSSION 

Microstructures of studied alloys strongly differ in the type of the primary phases. A primary FeSiAl5 
intermetallic phases with plate-like were observed in the case of alloy A. In the case of alloy B the plate-like 
particles of Fe2SiAl8 phases were observed. In alloy C, the primary intermetallic phases of FeSi2Al2 with 
polyhedral morphology were documented. Microstructure of studied alloy is further formed by dendrites of 
-Al solid solution and various types of eutectics on the base of -Al, Si, iron containing intermediary phases 
(FeSiAl5, Fe2SiAl8, FeSi2Al2) and CuAl2 and Mg2Si intermediary phases [3]. The microstructures of bottom and 
upper parts of castings of alloys A and C annealed under various conditions are in the fig.3.  

Microstructures of alloy B annealed under various conditions are in the fig.4. There are evident large 
particles of iron-rich intermediary phases (sludge phases) in bottom parts of the casting of all studied alloys. 
These phases did not occur in the upper part of castings. 
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Fig.3a: Alloy A, annealed 603ºC, 250h,  

             bottom part 

Fig.3b: Alloy C, annealed 619ºC, 250h,  

             bottom part 

  

Fig.4a: Alloy B, annealed 623ºC, 250h,  

             upper part 

Fig.4b: Alloy B, annealed 623ºC, 250h,  

             bottom part 

  

Fig.4c: Alloy B, annealed 628ºC, 250h,  

            upper part 

Fig.4d: Alloy B, annealed 628ºC, 250h,  

             bottom part 
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Fig.4e: Alloy B, annealed 633ºC, 250h,  
            upper part 

Fig.4f: Alloy B, annealed 633ºC, 250h,  
            bottom part 

 

 

Iron contents in upper and bottom parts of 
castings of studied alloys are in tab.III. The 
distribution of large iron-rich phases in the casting 
of alloy B (633°C, 250 h) is in fig.5.  Analyzed areas 
are marked with blue and red colors. There are 
areas with high portion of sludge phase in the 
bottom part of casting. These phases can be 
observed even by naked eye. The porosity is 
present in the central part of the casting. 

 

Fig.5: Casting of alloy B, annealed 633ºC, 250h 

Tab. III.: Iron content in upper and bottom part of casting [wt.%] 

Alloy A 
Iron content 

Initial  Upper part Bottom part 

598ºC, 250h 2.88 0.98 3.83 
603ºC, 250h 2.88 0.94 4.02 
608ºC, 250h 2.88 0.94 3.35 

Alloy B 
Iron content 

Initial Upper part Bottom part 

623ºC, 250h 3.89 1.17 5.50 
628ºC, 250h 3.89 1.33 12.80 
633ºC, 250h 3.89 1.07 8.28 

Alloy C 
Iron content 

Initial Upper part Bottom part 

614ºC, 250h 7.65 1.52 7.09 
619ºC, 250h 7.65 0.63 8.27 
624ºC, 250h 7.65 1.09 7.27 

Significant decrease of iron content in upper parts (above the sludge region) of casting was achieved by 
sedimentation method. Significant decrease of iron content in annealed alloy with high initial iron content 
can be reached after separation of bottom part from casting. The final iron content in upper part of casting 
was about 1 % independently on initial iron content in all studied alloys. This conclusion can be simply used 
in casting practice in metallurgical foundries where the die-casting technology is used.   
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Chemical composition of studied iron-rich intermediary sludge phases is in tab.IV. The iron content in these 
phases reached approximately the same value. 

 

Tab. IV.: Chemical composition of sludge phases [wt.%] 

Alloy Si Fe Mn Cr Cu Al 

A 14.35 28.78 2.45 0.17 0.75 bal. 
B 17.22 32.45 2.74 0.19 0.76 bal. 
C 24.50 31.22 1.12 0.16 0.67 bal. 

 

4. CONCLUSIONS 

Sedimentation method based on long-time annealing of alloy between liquidus and solidus temperatures 
was found to be very efficient in decrease iron content in the alloy. Iron content approximately of about 1% 
was reached by this method when the initial iron content was 2.88-7.65%. Iron level of 1% is the acceptable 
value for die-casting of aluminum alloys. Sedimentation method appears to be the very prospective 
method for decrease the iron content from recycled aluminum alloys. 
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ABSTRACT 

Casting defects such as gas pores and shrinkages typically occur in castings. Since defects favor early fatigue 
crack initiation, the total fatigue life is controlled by porosity. Usually the fatigue life decreases when the 
volumetric fraction of porosity increases and also depends on defect size, morphology and location with 
respect to the free surface of casting. Experiments show that shrinkage pores are especially detrimental 
because of considerable size and irregular morphology. Eutectic Si particles and intermetallic phases have a 
minor role compared to casting pores on the fatigue properties. 

In this contribution unmodified and Sr-modified specimens of a cast Al-Si alloy were used. Metallographic 
specimens were extracted from broken fatigue specimens and pore population investigated using image 
analysis software. Murakami’s statistical method based on the “Largest extreme value distribution” (LEVD) 
theory for predicting the largest defect size in real castings from a metallographic investigation was used. In 
this paper, alternative extrapolation criteria for critical pore size prediction are examined. Two different 
approaches of statistical evaluation of the largest defect sizes measured by metallographic method were 
compared here with results from fatigue tests. A threshold size of casting defects for fatigue crack initiation 
was also taken to the consideration. 

Keywords: Al-Si alloy, Largest extreme value distribution (LEVD), SDAS,  

 

1. INTRODUCTION 

Aluminum alloys are increasingly used in structural applications controlled by low weight requirements, 
(i.e. aircraft and automotive industry) for their excellent specific strength (i.e. strength-to-density ratio). 
The Al-Si alloys are the most used Al–alloys when the casting process is considered [1].  

Formation of porosity and microshrinkage cavities are almost inevitable in the sand casting process [2]. 
They often result in limited mechanical properties including low strength, ductility and fracture toughness, 
erratic crack initiation and crack propagation characteristics, potentially accompanied by a lack of pressure 
tightness [3]. The presence of pores reduces fatigue life of an order-of magnitude or more compared to a 
defect-free material because the crack initiation phase is practically eliminated. There is, however, a 
threshold defect size (i.e. in the range 25-50 μm) for fatigue crack initiation from a pore, [5]. Below this 
threshold size, fatigue crack initiation will occur at oxides or by slip band formation [5].  

Casting defects have a detrimental effect on fatigue life by shortening not only fatigue crack propagation, 
but also the initiation period. The decrease in fatigue life is directly correlated to the increase of defect size 
[4, 5]. Therefore, the quality of the castings is strictly related to porosity control [2]. 

Metallographic measurements of the pore size population are one of the earliest characterizations 
available for new components. Unfortunately, random 2-D sections through pores do not provide good 
estimates of the defect size without further data analysis. Pores observed on fracture surfaces are 2 to 5 
times larger than those observed on the metallographic planes regardless of alloy and casting process [6]. 
Pores responsible for fatigue failures are normally the largest in the stressed volume, and can be 10 times 
larger than the ‘‘maximum pore size’’ measured in random metallographic sections. In this case, the 
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maximum pore size in a cast component can be estimated from the metallographic data using EVS (extreme 
value statistics) [6]. 

The present work adopts the Murakami’s statistical method, [7], for the prediction of the largest defect 
sizes in real castings based on the application of LEVD to polished cross-sections of metallographic 
specimens. The digital image analysis software (NIS Elements 3.0) was used for the evaluation of size and 
morphology of porosity. The aim is the comparison of the predicted defect sizes from the LEVD plots for all 
measured data and from LEVD plots for values larger than a threshold size as determined from data bi-
linearity.  

 

2. MATERIAL AND EXPERIMENTAL PROCEDURE 

The unmodified and Sr-modified cast hypoeutectic AlSi7Mg alloy heat treated to the T6 regime was used as 
experimental material.  

  
a) specimen S1 b) specimen S6 

  
c) specimen S9 d) specimen 3B 

  
e) specimen 5B f) specimen 6B 
Fig. 1 Typical microstructure of tested specimens, etched by 0,5% HF 
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The specimens for microstructure analysis and porosity evaluation were delivered after fatigue tests from 
the University of Parma (Italy) where the fatigue tests were performed. Three batches of unmodified 
specimens (S1, S6 and S9), three specimens in each batch, were delivered. Three modified specimens 
extracted from real casting (3B, 5B and 6B) were used for the porosity characterization and metallographic 
evaluations. All the modified specimens were modified by the optimal amount of Sr. Specimens from the 
batch S1 were cast separately and the specimens from the batches S6 and S9 were extracted from real 
castings. Experimental materials were sand cast.  

After the fatigue tests, metallographic specimens from the tested bars were extracted. The structural 
analysis was carried out applying metallographic techniques and digital image analysis software on polished 
cross-sections. Typical microstructures are shown in Fig. 1. The microstructure is characterized by primary 
dendrites of α-phase (solid solution of Si in Al with maximum solubility limit 1.59 % at eutectic temperature 
577 °C) and by a eutectic structural component (α + Si) located between the secondary dendrite arms. The 
eutectic silicon particles in the case of specimens S1, S6 and S9 have a needle shape because of the 
unmodified liquid metal, Fig. 1 a-c. In the case of the specimens 3B, 5B and 6B the eutectic phase grew as 
thin, interconnected rods between α-dendrites because the liquid metal was modified by an optimal 
amount of Sr. The modified silicon rods appear as round particles on the metallographic section, Fig. 1 d-f. 
Intermetallic phases are also located in the interdendritic areas. Evaluation of the secondary dendrite 
arm spacing (SDAS) was performed according to the linear method (i.e. line with the length = 12 cm) 
[7]. 

The porosity was evaluated on metallographic specimens using a light optical microscope at the 
University of Žilina. Typical pores are shown in Fig. 2. For the porosity evaluation the digital image 
analysis software (NIS Elements 3.0) was used. The Largest Extreme Value Distribution (LEVD) and 
Murakami’s approach, [7], were used for the statistical description of the largest observed pore size in 
metallographic specimens and for the prediction of the largest defect sizes in real castings.  

   
a) specimen S1 b) specimen S6 c) specimen S9 

   
d) specimen 3B e) specimen 5B f) specimen 6B 

Fig. 2 Typical pores  

 

3. EXPERIMENTAL RESULTS AND DISCUSSION  

3.1  Fatigue tests results 

The fatigue test results are presented in Tab.1. Several smooth specimens, except the specimens from the 
batch S9, were tested at different stress amplitude levels (from 80 to 60 MPa) according to the rotating 
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bending configuration at 50 Hz frequency. The specimens from the batch S9 were tested on pull-push 
loading and the specimens from the batches S1 and S6 were tested under rotating bending loading. The 
specimens 3B, 5B and 6B modified by the optimal amount of Sr were tested under rotating bending 
loading. 

Since the objective was the correlation of stress amplitude, number of cycles and largest pore size on a 
specimen to specimen basis, a preliminary characterization of microstructure uniformity as described by 
SDAS was carried out. The SDAS results are also shown in Tab. 1. The values were similar in the cases of the 

modified specimens 3B, 5B and 6B (from 53 m to 58 m), but there were a quite large scatter in the SDAS 

results for the unmodified specimens S1, S6 and S9 (from 40 m to 100 m).  

In the case of the stress amplitude Sa = 80 MPa the fatigue lives of the tested specimens are different. The 
fatigue life of the specimen 3B was the longest one compare to all other specimens. The specimen S9 and 
3B were tested at the same stress level but under different loading conditions so it is not possible to 
compare the number of cycles to the fracture. At the stress amplitude Sa = 70 MPa the specimens S6 and 5B 
were tested and their fatigue lives were similar. Quite small differences in the number of cycles to the 
fracture were observed in cases of the specimens S1 and 6B which were tested at the stress amplitude Sa = 
60 MPa. The number of cycles to fracture was smaller for the unmodified specimens compare to the 
modified ones. The differences and similarities in fatigue lives can be explained by the inhomogeneity of 
cast materials and by the presence of the porosity with the large scatter in size. 

 

Table 1 Fatigue tests results, SDAS results and the largest pores sizes predictions 

Specimen 
Sa 
[MPa] 

Nf 
[cycles] 

SDAS 

[m] 

Estimated largest pore size (A)1/2 in [μm] 
from LEVD plots for S = 10 mm2 
All data Only data larger than threshold  

S1 60 403 170 40 106 no threshold 
S6 70 619 149 86 58 no threshold 
S9 80 588 151 100 310 353 
3B 80 2 074 770 53 60 14 
5B 70 669 562 56 71 70 
6B 60 870 745 58 113 30 

 

3.2  LEVD plots 

The size of casting porosity was studied on metallographic specimens in a light optical microscope. The 
Largest Extreme Value Distribution (LEVD) and Murakami’s approach, [7], were used for the statistical 
description of the largest observed pore sizes in metallographic specimens and for the prediction of the 
largest defect sizes in real castings as shown in the plots of Fig. 3. As a representative measure of a casting 
pore size, the (A)1/2 parameter was used with A the largest pore area found under 50 x magnification in a 
statistical significant number of control windows.  

The statistical distribution obtained by fitting largest pore size data for a specific control area S0 (i.e. here S0 
= 1.86 mm2) was then used to estimate the size of the largest defect size in a given area S larger than S0 

using the return period T = S/S0 also shown in the plots of Fig.3 [7]. In the present study the largest defect 
sizes expected on an area S = 10 mm2, representative of the highly stressed area of the rotating bending 
fatigue specimen, were determined by extrapolation of the regression line in the LEVD plot. 

In the case of Fig. 3 a-b the data in the LEVD plot are appreciably linear. In the other cases, the data in LEVD 
plots do not show a unique linear behavior, Fig. 3 c-f. The experimental nonlinearity identifies a defect size 
where a transition occurs. Two different lines, one for defects smaller and one for defects larger than the 
transition value, respectively, can be fitted to the data. The transition data can be interpreted as a 
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threshold value below which pore sizes are not critical for fatigue. In all cases the threshold defect sizes are 
in the range 30-50 m, in accordance with [5]. 

  
a) specimen S1 b) specimen S6 

  
c) specimen S9 d) specimen 3B 

  

e) specimen 5B f) specimen 6B 

Fig. 3 LEVD plots 

The sizes of the largest defects which can occur in real casting predicted from the LEVD plots of all 
measured values will be different than the sizes predicted from LEVD plots for defects larger than the 
threshold. The predicted largest defect sizes are shown in Tab. 1. In all cases the largest defect sizes 
predicted from the LEVD plots for all measured values were larger than the critical defect size for the 
fatigue crack initiation. 
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In the cases of the specimens 3B and S9 tested at the highest stress level (see Tab. 1) the differences 
between the two predictions of a largest defect size predicted are large. The fatigue lives of those 
specimens corresponded with the predictions from the LEVD plots for all values. The explanation can be in 
the presence of a large number of defects smaller than the threshold for the change of distribution which 
was also similar as the critical defect size for the fatigue crack initiation. The sizes of defects observed on 
the polished cross-sections of the metallographic specimen 3B were predominantly smaller than the critical 
defect size for the fatigue crack initiation and just few defects bigger than this critical size were measured 
there. This porosity population can be the explanation for the largest number of cycles to the fracture 
measured during the fatigue tests. The largest defect size predicted for the area S = 10 mm2 for this 
specimen (60 m) from the LEVD plot for all measured values was bigger than the critical defect size for the 
fatigue crack. But the predicted largest defect size (14 m) from the LEVD plot for values bigger than the 
threshold for the distribution change (50 m in this case) was smaller than the critical defect size. The 
predicted largest defect size for the specimen S9 tested at the same stress level were quite big, (Tab. 1) and 
as we assumed the fatigue life of this specimen was shorter than the fatigue life of the specimen 3B even 
loading was different. 

The predicted largest defect sizes for the area S = 10 mm2 for the specimens S6 and 5B tested for fatigue on 
the stress level 70 MPa were quite similar, (Tab. 1), with the difference 12 m between the largest defects 
predicted for those specimens. The values for the specimen S6 fitted the criterion of linearity and so they 
were described just by one line. The distribution of the largest defects sizes measured on the specimen 5B 
changed and it prompts for the description of values by two lines for the defects smaller and bigger than 
the threshold for the distribution change (25 m). But the sizes of the largest defects from LEVD for all 
measured values and from LEVD for values bigger than the threshold are in this case almost the same. 

The specimens S1 and 6B tested at the stress level 60 MPa reached similar fatigue lives as the specimens 
tested on the stress level 70 MPa. This corresponds with the largest defect sizes for the area S = 10 mm2 
predicted from the LEVD plot for all measured values, which were quite large (Tab. 1) and so they have a 
big influence to the fatigue life. The largest defect size predicted for the specimen 6B from the LEVD plot 
from the defects bigger than the threshold is small compare to the one predicted from LEVD for all values 
(Tab. 1) and it is smaller than the critical defect size for the fatigue crack initiation.  

Comparison of the size of defects observed on the unmodified specimens (S1, S6 and S9) it is not assumed 
that the Si particles had just the minor influence to the fatigue live of tested specimens. 

The predicted largest defects sizes do not correlated with the SDAS measurements results in the case of 
unmodified and modified specimens. The size of SDAS is dependent on casting process and cooling rate 
which is done by thickness of walls. Specimens were taken from real castings (except specimenS1) where 
the thickness is different and because of this reason it is complicated to compare SDAS results. 

 

4. CONCLUSIONS 

Casting pores occur typically in Al-Si casting. Because of their negative influence, the fatigue behavior 
should be estimated on the basis of the largest pore size expected in the part. Therefore the prediction of 
the largest defect size in the Al-Si casting is a key-step in the prediction of its fatigue properties. The 
following conclusions are reached from this study: 

- Casting pore sizes do not quite correlate with SDAS measurement.  

- In all cases the largest defects sizes predicted from LEVD plots for all measured values were bigger 
than the critical defect size for fatigue crack initiation 25-50 μm. 

- Two trend lines for small and large pores are in some cases more suitable for statistical description of 
measured data. The sizes of largest defects, which can occur in real castings, predicted using LEVD 
plots from data larger than the threshold would be larger as the sizes predicted from all measured 
data. 
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Abstract 

The modeling of semi continuous direct chill casting process has been used to investigate brass billets 
owing to its ability to produce high quality billets at relatively low operating costs. From the standpoint of 
defect control, the start-up phase of the direct chill casting process is typically the most problematic. The 
quality issues of major concern include hot tearing, cold cracking, and dimensional control. In these 
processes, the formation of some macro defects such as thermal cracking, hot tearing, surface cracking, 
and dimensional control has been found to initiate during the starting phase of the operation and has been 
affected by the transient fluid flow, heat transfer and solidification that are dynamically evolving during 
that period of time. In this paper, a numerical study of transient flow phenomena such as oscillations of the 
jet and free surface during the start-up phase is presented. The modeling of semi continuous casting 
process is concerned with the liquid/solid phase change problems in which three dimensional convective 
heat transfer in liquid metal has an effect on the growth of the solidified shell. The realistic model for start 
up phase of casting involves solidification drag modeling which has an important effect on solidification 
patterns within metallurgical zone of solidified brass billet. The software Flow3D has been used to model 
the start-up process. 

Keywords: semi continuous casting, continuous casting, start-up phase, solidification drag, three 
dimensional turbulent flow, solidification pattern, brass billet. 

 

1.  INTRODUCTION 

The semi continuous direct chill casting process has been used to produce brass billets owing to its ability to 
produce high quality billets at relatively low operating costs. At the start of the cast, an entry nozzle is 
partially inserted into an open cylindrical water cooled mold which is typically 300-400mm in height (Fig.1). 

The process starts with the introduction of the 
superheated liquid metal to the mold.  

Once the molten metal fills the mold to a prescribed 
height, the entry nozzle is gradually submerged into a 
liquid metal and the partially solidified billet is 
withdrawn from the mold. The billet is lowered at a 
predetermined casting speed. The process is semi 
continuous, in that, once the ingot has reached the 
desired length (usually 8 to 10m), the casting is 
stopped and the flow of liquid metal is suspended. 
During this process, the ingot is first cooled by the 
mold (primary cooling) and then cooled through a 
direct contact with water as it emerges from the 

 

Fig. 1 Cylindrical water cooled mold 
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mold (secondary cooling). At steady state, which is usually achieved within a cast length of 0.5 to 1m, 
approximately 80% of the total heat is removed by the secondary cooling and approximately 20% is 
removed by the primary cooling. In the start-up phase, this breakdown is different as a substantial amount 
of the heat is initially transferred to the cupper mold and bottom block. 

The trend in the industry has been to control the rate of heat transfer during the critical start-up phase by 
varying the bottom-block filling rate, casting speed and water flow rates. Relatively little fundamental work 
has been done to rationalize the design of the casting process with regard to controlling the final ingot 
quality. The development of numerous 3D computer models to describe the heat transfer, fluid flow and 
evolution of stress and strain in direct chill cast ingots has begun to have an impact on the evolution in the 
design and operation of the process. However, improvements are needed to capture the various inter-
related transient fluid flow and heat-transfer phenomena occurring during the process, particularly during 
the start-up period. 

From the standpoint of defect control, the start-up phase of the direct chill casting process is typically the 
most problematic. The quality issues of major concern include hot tearing, cold cracking and dimensional 
control. In these processes the formation of some macro defects such as thermal cracking, hot tearing, 
surface cracking and dimensional control has been found to initiate during the starting phase of the 
operation and has been affected by the transient fluid flow, heat transfer, metallurgy [5] and solidification 
that are dynamically evolving during that period of time.  

In this paper, a numerical study of transient flow phenomena such as oscillations of the jet and free surface 
during the start-up phase is presented. The presented modeling of casting process is concerned with the 
liquid-solid phase change problems in which three dimensional turbulent convective heat transfer in liquid 
metal has an important effect on the growth of the solidified shell. The overview of mathematical modeling 
of the continuous casting process is dedicated work of Konieczny, Dobrzanski, Hufenbach, Czulak, Horňak 
[1] and Thomas [2]. 

 

2.  MODEL DEVELOPMENT 

The calculation domain for the 3D coupled fluid flow-thermal analysis necessarily includes the fluid region, 
nozzle, cylindrical mold and bottom block presented in Fig. 2. Continuous casting process involves moving 

solid billet that controls the flow of liquid metal. Simulation of 
this process requires modeling the motion of the solid metal 
and the interaction between metal and rigid mold. The motion 
is modeled as rigid mold and nozzle moving up through fixed 
rectangular grid. 

The elemental size used for the fluid region of billet and nozzle 
ranged from a minimum of 6.2mm to maximum of 8.8mm in 
side length. A higher mesh density along the horizontal x and y 
directions was used to ensure proper accounting of the liquid 
metal splash inside of the mould.  

The finite volume software Flow3D was used in the present 
analysis to simulate coupled turbulent fluid flow, heat transfer 
and solidification. 

This study considers the liquid, mushy and solid zones where 
the solidification starts to develop at the liquid-solid interface 
and the effect of the latent heat release is incorporated. The 
D’Arcy-type drag model for the liquid phase flow in the mushy 
zone was adopted to model fluid flow in the mushy region to 
include additional flow effects at low and high solid fractions. 

 

Fig. 2 3 D model of fluid region, mold, 

bottom block and submerged 
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The drag should be effectively infinite when material is in the solid phase. At intermediate states consisting 
of a mush, the drag should assume an intermediate value. In Flow3D [3] the drag coefficient is 

K=
( )3

2

1 F

FT

S

SSDRG

−

          

where Fs is the local solid fraction. When Fs=FSCR, the drag coefficient K becomes effectively infinite. FSCR is a 
user defined constant denoting the critical solid fraction value at which all flow in the mushy zone seizes. 
TSDRG is a user defined constant. Its value depends on the mushy zone microstructure the modeling of which 
is outside the scope of the solidification model in FLOW-3D. When the value of TSDRG is set to zero, then no 
drag force is applied to the fluid in the mushy region. The value of TSDRG used to model fluid flow in the 
mushy zone has been set to one, than drag force is applied. The actual choice for TSDRG is likely to depend 
on the specific application, and in general, will require some confirmation with experimental data. 

The heat transfer associated with the primary cooling to the mold has been applied over a region extending 
from the top of the ingot (meniscus) to the base of the mold. For the boundary conditions, the heat-
transfer coefficient is assumed to be 2000 W m-2 K-1. 

Sengupta et al. [4] did fundamental work on the mechanisms cooling with the secondary cooling water in 
casting processes and found that during the start-up phase it is typical to have stable film boiling develop at 
certain locations on the ingot surface, which can result in water being ejected from the surface. A heat 
transfer coefficient of 1000 W m-2 K-1 to simulate reduced heat transfer associated with water ejection was 
applied to the regions of the calculation domain located below the base of the mold. 

At the beginning of the casting process, when the liquid metal enters the bottom block, the rate of heat 
transfer from the molten metal to the cold bottom block will be high. After a short time, a small gap at the 
interface forms due to solidification and the rate of heat transfer will drop. For simplicity, the heat transfer 
coefficient appearing in boundary condition was set constant to 2000 W m-2 K-1. 

The thermo physical properties, solidus and liquidus temperatures and the latent heat of solidification used 
in the simulations are presented in Table 1. 

 

Table 1. The used thermo physical properties of  CuZn30 alloy 

Thermo physical properties Units Values 

Solidus temperature K 1190 

Liquidus temperature K 1230 

Thermal conductivity (liquid) W/m K 77 

Thermal conductivity (solid) W/m K 154 

Specific heat J/kg K 490 

Density (liquid) kg/m3 7500 

Density (solid) kg/m3 8420 
Latent heat J/kg 1.78E05 

 

The alloy composition can affect properties of brass and also defects of billets. The effect of alloy 
composition on properties of brass melt has been analyzed by Bobok, Schützová and Vasková [5], but there 
exist no quantification of the effect of alloy composition on defects. 
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3.  RESULTS AND DISCUSSION 

The figure 3 and 4 show a variation of flow 
patterns in the cross-section through the axis of 
the billet for a time 103 and 240 seconds. The 
molten brass, supplied through the submerged 
nozzle, impinges on the bottom block and 
returns along the cylinder wall in the opposite 
direction. The return flow follows the vertical 
solidified shell on the surface of the billet and 
forms recirculation zones. The zone is confined 
by the meniscus on the top and solidified shells 
on the bottom and by cylindrical surface of the 
mold. Such overall pattern appears within the 
whole process similarly. There is, however, a 
substantial change in magnitude and pattern of 
velocity on the bottom zone where the strong 
impingement causes erosion of the solidified 
shell and the upward flow can cause turbulence 
on a free surface. 

Figures 5 and 6 show solid fraction contours 
near the interfacial boundary between 
solidified shell and liquid melt. We can see 
three different zones in the pictures. The first 
zone is mushy region at the top of metallurgical 
zone – there is very low gradient of contours 
due to drag of solid crystals from second zone. 
At low solid fraction values the crystals of the 
solid phase are sparse in the second zone and 
are dragged by the jet of melt from the second 
zone to the first zone (Fig. 6). The second zone 
shows very high gradient of fraction solid 
contours due to high cooling effect and high 
velocities near the interface solid-liquid. The 
second zone occurs between the first zone and 
the third zone. The third zone can be found on 
the bottom of the metallurgical zone. The third 
zone shows increasing in the thickness of 
mushy zone near the solidified shell. This is due 
to heating effect of hot melt from nozzle and 
recirculation of the melt within the zone. 

                          

Fig. 3 Calculated velocity contours and vectors inside 

metallurgical zone t=103 s 

                          

Fig. 4 Calculated velocity contours and vectors inside 

metallurgical zone t=240 s 

             

Fig. 5 Calculated fraction of solid ratios at billet 

geometry t=103 s and t=125 s 
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• Solidification pattern during the start up phase of 
continuous casting of brass billet is irregular. This 
irregularity is due to the effect of the turbulent 
flow phenomena by strong impinging jet and 
recirculation within the metallurgical zone of 
solidified billet. 

•   Strong impingement causes erosion of the 
solidified shell and the upward flow can drag 
crystals to the upper part of mold. 

•   Three different zones of solidification are visible 
during the start-up phase of continuous casting 
of brass billets. 

These conclusions can be substantiated by the fact that 
in a real continuous caster, in the upper part, a narrow 
mushy region seems to develop. This is due to the 
highly turbulent state of the molten metal from the 
inlet nozzle flow. In this narrow mushy region, one can 
assume an equiaxed solidification process to prevail. 
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Abstract 

Magnesium alloys are suitable materials for the reversible hydrogen storage. Generally, hydriding is 
performed at high temperatures and pressures of gaseous hydrogen which is associated with several 
problems. In the paper, a new hydriding method – electrochemical hydriding – is presented. This process 
does not need either high temperatures or pressures. By using this method we prepared an alloy with a 
relatively high hydrogen content. 

Keywords: hydrogen storage, magnesium, hydride, electrochemistry 

 

1.  INTRODUCTION 

Hydrogen is considered as a pure fuel for the future, because it does not produce carbon dioxide when 
reacting with oxygen. Hydrogen is a very light gas, explosive when mixed with air. It is capable of 
penetrating through various solid materials. For this reason, a great attention has been paid to find safe 
methods of hydrogen storage. At present, three methods are considered [1]: 

-  liquefying and storage in thermally insulated containers or in pressure containers 

-  compression and storage in pressure containers 

-  storage in a solid phase, either in the form of metallic hydrides or absorption in materials with high 
specific surface. 

The first two methods are most widely used at present. However, their disadvantage is a high energy 
consumption associated with liquefying and compression of hydrogen. It is reported that liquefying 
consumes up to 30% of the total energy that can be obtained from hydrogen. For this reason, hydrogen 
storage in a solid phase is extensively studied. 

Solid state hydrogen storage includes compounds of metals with hydrogen – hydrides. To achieve the 
maximum gravimetric density of hydrogen in a hydride, it should be based on light metals. Therefore, 
hydrides derived from magnesium hydride MgH2 are extensively studied. This hydride contains 7.6 wt. % of 
hydrogen, which means that volume of stored hydrogen is about 1200 times higher than volume of hydride 
itself. The main drawback of this compound is a relatively high thermodynamic stability, resulting in high 
decomposition temperatures above 300°C. This is not suitable for practical use, because hydrogen release 
would consume excessive energy. To reduce the hydride stability, various approaches have been adopted. 
These include alloying with suitable additives, nanocrystalline structure, additions of fine oxide particles 
etc. [2]. 

Preparation of hydrides usually includes high-pressure and high-temperature synthesis from metals and 
gaseous hydrogen. Such method is relatively expensive and energy-consuming. An alternative to the direct 
synthesis is an electrochemical synthesis of hydrides. During electrolysis of an appropriate water solution, a 
hydrided alloy is a cathode. On its surface, atomic hydrogen released by an electrochemical reaction 
diffuses inward and transforms the cathode material into hydrides. This method is simple, inexpensive, 
because it does not require either high hydrogen pressures or temperatures.  
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In the present paper, application of electrochemical hydriding of a magnesium alloy is demonstrated. Mg-Ni 
alloy was selected for hydriding because nickel significantly reduces the hydride stability. The alloy was 
prepared in the form of a rapidly solidified (RS) ribbon. We assumed that the rapidly solidified alloy consists 
of a refined nano-crystalline structure which accelerates hydrogen diffusion in the material.  

 

2.  EXPERIMENTAL PART 

The Mg-14wt.%Ni alloy used in our experiment was prepared by melting of pure metals in a vacuum 
induction furnace under argon. Afterwards, the alloy was subjected to melt spinning procedure under 
argon to prepare rapidly solidified ribbons with a thickness of 80 µm and a width of 2 mm. Melt spinning 
consisted in ejecting the melted alloy through a nozzle onto a fast rotating copper wheel. Structure of the 
rapidly solidified alloy was investigated by scanning (SEM) and transmission (TEM) electron microscopy.  

Electrochemical hydriding was realized in a water solution of KOH and hydriding duration was 2 hours. The 
RS ribbons were connected as a cathode, while graphite rods served as anodes. 

Phase composition of the hydrided alloy was determined by x-ray diffraction analysis (XRD) and hydrogen 
gravimetric density was measured by LECO analyzer. This analysis includes heating of a sample in a flow of 
an inert gas. Evolved gases, except hydrogen, are then absorbed in appropriate sorbents and hydrogen is 
then analyzed by a thermal conductivity detector. 

Beside the total hydrogen content, temperatures at which it releases from hydrided materials are also 
important in practice. These temperatures were determined by the thermogravimetric analysis (TGA) 
measuring temperature dependence of sample weight. Heat effects associating chemical reactions at 
elevated temperatures were monitored by the differential scanning calorimetry (DSC). It can be expected 
that thermal decomposition of hydride is accompanied by endothermal effects. 

 

3.  RESULTS AND DISCUSSION 

3.1  Structure of rapidly solidified Mg-14wt.%Ni ribbons 

Mg-Ni phase diagram is presented in Fig.1. According to this diagram, the Mg-14wt.%Ni alloy is slightly 
hypoeutectic and consists of primary α(Mg) solid solution and α(Mg) + Mg2Ni eutectic. In Fig.2a, there is a 
SEM image of the cross-sectioned ribbon. It is observed that the structure shows a gradient and depends 
on the distance from the cooling wheel. On the right-hand side, which was in contact with the cooling 
wheel and where the melt was cooled most rapidly, the structure is significantly finer as compared to the 
opposite side. TEM image in Fig.2b shows that the RS alloy is composed of primary α(Mg) dendrites (light, 
dendritic branches of about 400 nm in size) and Mg2Ni eutectic phase (dark).  

 
Fig.1. Mg-Ni equilibrium phase diagram [3]. 
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a) 

 

b) 

 

Fig.2. Microstructure of rapidly solidified Mg-14wt.%Ni ribbon: a) cross-section (SEM), b) TEM. 

 

3.2  Properties of electrochemically hydrided Mg-14wt.%Ni ribbons 

By using the LECO hydrogen analyzer, a hydrogen gravimetric density of 1.2 % was determined in the 
hydrided alloy. This value is surprisingly high and approaches those in transition metal hydrides (usually less 
than 2 % of hydrogen). Hydrogen is a very light element. Volumetrically, volume of hydrogen absorbed in 
the hydrided alloy is approx. 300 times higher than the volume of the alloy. 

Fig.3 presents XRD patterns of the RS ribbon and of the ribbon after 2 hour electrochemical hydriding in 
KOH solution. At first sight, both XRD patterns are almost identical. It was shown in Fig.2b that the RS alloy 
contains two phases - Mg a Mg2Ni. However, in the hydrided alloy, there are additional phases, namely 
MgH2 a Mg2NiHX hydrides. Therefore, we assume that two chemical reactions occur during electrochemical 
hydriding: 

Mg2Ni + X H → Mg2NiHX         (1) 

Mg + 2 H → MgH2          (2) 

The Mg2NiHX hydride is an interstitial 
solid solution of hydrogen in the Mg2Ni 
phase. Both Mg2Ni and hydride have 
the same hexagonal crystal structure 
(space group P6222). X value depends 
on H content and it can vary between 0 
and 0.3. However, it is difficult to 
exactly determine the X value from XRD 
patterns in Fig.3. 

Mechanism of hydride formation 
includes diffusion of atomic hydrogen 
into the cathode. Atomic hydrogen is 
produced by electrochemical reaction 
on the cathode surface. In the Mg 
phase, a hydrogen solubility is 
negligible. Therefore, particles of MgH2 
hydride rapidly precipitate on structural 
defects in this phase. Formation of a 

compact layer of MgH2 would probably significantly retard further hydrogen diffusion into the alloy. 
Fortunately, a large fraction of hydrogen diffuses along the dendrite boundaries where the eutectic Mg2Ni 

 

Fig.3. X-ray diffraction patterns of rapidly solidified (RS) Mg-
14wt.%Ni alloy and after 2 h hydriding in KOH solution. 
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phase is located (Fig.2b). Hydrogen in part dissolves in this phase to form the Mg2NiHX hydride which may 
contain up to 0.28 % of hydrogen. Simultaneously, hydrogen reacts with the surrounding Mg grains and 
produces additional MgH2 particles. 

Diffusion coefficient of hydrogen D in the Mg2Ni phase at room temperature is about 9⋅10-14 m2s-1 [4]. 
Diffusion distance X may be estimated by using the simplified version of the second Fick´s law which relates 
the diffusion distance to the diffusion time τ: 

X2 = 2Dτ.           (3)  

By taking X=120 min, we obtain a diffusion distance of 40 µm, about a half of the total RS ribbon thickness. 

In practical applications of hydrides as 
hydrogen storage materials, it is important to 
know temperatures at which hydrogen evolves 
from these materials. Fig.4 shows results of 
TGA and DSC analyses of the hydrided alloy. It 
is seen that the alloy weight progressively 
reduces due to heating. The reduction starts 
already at 50°C and continues slowly up to 
about 300°C. Above 300°C the weight 
reduction becomes faster. On the DSC curve 
there are various endothermal effects at above 
80°C corresponding to the weight changes. It is 
important to note that the observed weight 
reduction and thermal effects are attributable 
not only to hydrogen evolution but also to 
decomposition of other compounds present in 
the sample. It can be assumed that hydroxides 

are formed on the alloy surface during the reaction in the alkaline KOH solution. 

It is known, for example, that magnesium hydroxide Mg(OH)2 decomposes to MgO and water vapor at 
about 300°C, suggesting that the weight reduction below 300°C may be assigned to hydrogen release. Low 
hydrogen evolution temperatures are positive from the practical point of view. Moreover, the total weight 
reduction within a temperature range of 50-300°C is about 1 %, being very close to the measured hydrogen 
gravimetric density.   

 

4.  CONCLUSION 

New electrochemical method for preparation of Mg-based hydrides is presented in this work. In this 
method, atomic hydrogen is formed by an electrochemical reaction on the surface of a cathode, followed 
by its diffusion into the cathode material. It is demonstrated that electrochemical hydriding is efficient, 
particularly for alloys with fine structure where hydrogen diffusion proceeds rapidly. By electrochemical 
hydriding of the Mg-14wt.%Ni alloy, a relatively high hydrogen gravimetric density of above 1 % was 
obtained. Probably, the major part of hydrogen releases at relatively low temperatures. Further research in 
this field which is now in progress is aimed to find alloys and electrochemical hydriding parameters which 
would provide higher hydrogen gravimetric densities and lower decomposition temperatures. Such 
materials might then serve as portable sources of hydrogen. 
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Abstract 

Ferritic stainless steels have been paid significant attentions for high temperature applications such as 
interconnects for oxide fuel cells and in-core and out-core materials for the Generation IV nuclear reactors 
[1]. For these applications the materials are usually strengthened by carbide dispersions; these are 
considered not to be effective in the high temperature applications for its coarsening nature. Oxide 
dispersed ferrous alloys were nominated to address the practical problems of carbide dispersion 
strengthened alloys. In recent work we have successfully produced nano composite with Al2O3 dispersoids 
in Cu matrix by use of mechano-chemical reaction in high energy ball mill at low temperature(~210 K)[2]. 
Efforts were made to synthesized a ferrous nano composite with Al2O3 to perform the feasibility study by 
the same fabrication route of the nano composite Cu in the present work[2,3]. 

Keywords: nanocrystalline Fe, STEM-EDS (Scanning Transmission Electron Microscope), Micro Vickers 

 

1. Experimental 

A mixture (100g) of ingredients powder (Fe, Fe2O3 and Al) was reactive-milled in a high energy attritor mill 
for 16 h in Ar atmosphere with ball to powder ratio 15:1. To prevent the cold welding at early stage, the 
millings were performed at 210 K using LN2 (liquid nitrogen) for the first 2 hours. The powder mixture of 
the reactants was prepared in a molar proportion according to reaction (1):   

Fe2O3 + 2Al + 85Fe → 87Fe + Al2O3  ----  (1) 

The milling process was periodically monitored by XRD up to completion of the reaction, using Mo Kα 
radiation. A button type of sample (16mm(φ) × 7 mm) was prepared at 1323 K under a load of 80 MPa for 2 
h in vacuum hot press (HP). The volume fraction (4 %) of the Al2O3 dispersoid was estimated by calculation 
assuming that all Al and O react to form Al2O3 by reactive milling; an image analysis of STEM-EDS (Scanning 
Transmission Electron Microscope) micrographs was also done to identify the presence/size of Al2O3. To 
prepare thin-foil specimens for TEM observation, the specimens were milled by FIB(Focused Ion Beam) 
down to 150 nm.  

For a preliminary study of the mechanical properties of the HPed materials, micro-Vickers hardness test 
was done on the consolidated materials. The Details of the processing and characterizing techniques are 
described in elsewhere [3]. 

 

2. Results 

A XRD pattern of the powder obtained from milling times of up to 16 h illustrated that Fe2O3 and Al peaks 
progressively disappeared with 16 h of milling time; these peaks were already well below the resolution 
limit of XRD after 6 h milling, which is indicative of the completion of milling. The presence of the Al2O3 and 
Cr oxides was traced on the XRD of HPed materials whereas insignificant evidence of Al2O3 was found even 
after 16 h milling.  

TEM micrographs are given in Fig. 1, revealing the distributions of Al2O3 and the ferrite matrix. The result 
shows that the various sizes of the milled powders after HPing at 1323K for 2 h. TEM observation also 
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revealed a bimodal size distribution of the dispersoids: ~10 and ~100 nm in Fig 1(b). It is worth noting that 
the coarse particles are preferentially distributed on the grain boundaries whilst fine ones are dispersed 
throughout in the grains. The grain size but not the powder size was estimated by using the Scherrer’s 
formula; it was found to be approximately 15nm. 

A result of STEM-EDS element mapping for Al, Cr and O is presented in Fig 2; it confirmed the presence of 
the Al2O3 dispersoids (~ 10 nm) and Cr oxide (~100 nm). It is likely that the coarse particles were introduced 
by collision/grinding of the steel balls (13% Cr) while fine ones are created by interaction with Al and 

Oxygen while the reactive milling.  

 

Fig 1  

Micrographs of Fe-Al2O3 nano 
composite showing the 
distribution and size of 
dispersoids: low magnification (a) 
and high magnification (b) 

 

Fig 2  

STEM image (a) and the corresponding EDS element 
mapping images of Oxygen((b), Al(c) and Cr(d): selected 
area of Fig 2(b)  

 

Micro Vickers hardness test was performed to investigate 
the preliminary study of the mechanical properties of the 
materials. The result showed a significantly higher 
hardness than pure Fe that was prepared under same 
process conditions for comparison. 

 

Fig 3  

TEM micrographs of Fe-Al2O3 nano composite 
at 2 different higher magnifications (see the 
size of Al2O3) 

 

Summary  

A ferrite alloy with nano sized Al2O3 dispersoids has been successfully produced by reactive milling at low 
temperature; the milled powder was consolidated by hot pressing, resulting in a homogeneous dispersion 
of Al2O3 dispersoids. To investigate the compressive strength and ductility of the materials, we are 
preparing the compressive test at room temperature and will be able to present the result at the Metal 
2009. 
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ABSTRACT 

The most promising materials for production of ADDT (Acceleration Driver Transmutation Technology) loop 
components for spent nuclear fuel transmutation are nickel superalloys. The excellent mechanical 
properties, creep resistance, corrosion resistance in an environment of fused fluoride salt and resistance 
against radiation embrittlement are required for these alloys. These alloys have to show good technological 
properties. The creep behaviour and high-temperature corrosion in molten fluoride salts of two 
experimental nickel alloys (MoNiCr type) and a comparative alloy (Hasteloy B type) have been investigated. 
The creep tests were performed at temperature 700 °C in stress range from 80 to 160 MPa. The longest 
times to rupture were achieved for samples after forging however the scatter of results was rather higher. 
Hasteloy B revealed slightly better creep resistance in comparison with alloys of MoNiCr types. The 
corrosion tests have been performed in a protection nitrogen/hydrogen atmosphere at a temperature of 
710 °C in environment of molten mixture of NaF and LiF. The corrosion losses have been measured. The 
corrosion speeds of all alloys are on comparable level. Surface structure changes were observed using 
electron microscopy and microanalysis and corrosion mechanisms during tests were specified. 

Keywords: ADDT (Acceleration Driver Transmutation Technology), Ni-alloys, alloy Hasteloy B type 

 

1. INTRODUCTION 

Transmutation of spent nuclear fuel represent one of the most promising alternative conception of 
recycling of spent nuclear fuel, which is nowadays stored in underground repository without reprocess. 
During the transmutation in a transmutation reactor radioactive elements with a long disintegration half-
time contained in the spent fuel acting of a intensive neutron flux are converted into isotopes with a short 
disintegration half-time or stabile non-radioactive ones. The main target of this process is an important 
shortening of a period of safety storage of the spent nuclear fuel from 106 to 102 years. 

Nowadays theoretical as well as experimental studies of several transmutation systems have been 
performed. They are based on utilization of a nuclear fission or on a trapping of thermal neutrons. One of 
the most promising technologies is a system called as ADDT (Accelerator Driven Transmutation 
Technology). The ADDT system has to be supplied by a continual removal of the transmuted constituents of 
the spent fuel from the reactor and a return of the not yet transmuted constituents of the fuel back to the 
reactor. The best way to provide these demands is to use a transmutation reactor with the liquid fuel. One 
of the possibilities is using of the liquid fuel on the base of fluoride and boride salts. A Czech conception of 
the transmutation of the spent nuclear fuel is this approach [1]. 

Realization of reactors using liquid fluoride fuel is conditioned with a development of convenient materials 
acting in evironment of molten fluoride salts at working temperatures in range from 600 to 700 °C. This 
environment is of course strongly aggressive and only some of nickel-base alloys can satisfy its conditions. 
In addition to the high corrosion resistance also the creep resistance and the resistance to radioactive 
embrittlement are required. 

Nickel alloy Hasteloy N is one of the convenient materials for production of parts of reactors containing as 
working medium molten salts. It shows the superior corrosion resistance in this environment. However its 
resistance to radioactive embrittlement was not sufficient. That is why this alloy was modified with an 
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addition of titanium or niobium. These alloys show excellent mechanical properties at elevated 
temperatures. On the other hand it causes worse formability. 

Mixtures of molten fluoride salts containing LiF, BeF2, UF4, ZrF4, PuF3 and ThF4 in various concentrations are 
used as a base circulating medium in the ADDT reactors. In these mixtures of molten fluoride salts a fission 
reaction occurs simultaneously they serve as a heat-exchange medium. The temperature ranged from 500 
°C to 750 °C. The mixture of molten salts of NaBF4 and NaF are used in a cooling circuit [2 – 6, 9]. Materials 
of reactors have to show long-term corrosion resistance in service for tens of thousands hours and a speed 
of corrosion should be up to 2.5 μm per year at approximately 650 °C [7]. Used steels or alloys should 
exhibit a resistance again pitting and corrosion cracking. Hydrofluoric acid arising in the molten fluorides in 
a presence of moisture causes these kinds of local corrosion [7]. Operating tests showed that the best 
properties (from point of view of mechanical parameters, corrosion resistance in the environment of 
molten fluoride salts, creep resistance, resistance again radiation embrittlement) exhibit nickel-base alloys. 
The most used Ni based alloys are Hasteloy N (or its modification with an addition of titanium) and Hasteloy 
B. 

In frame of development of an experimental ADDT system in company ŠKODA JS a.s. an alloy termed with 
MoNiCr was developed in ŠKODA VÝZKUM s.r.o. Its chemical composition is outside of patent specification 
of other producers. Its chemical composition and technology of production were modified in new alloys 
termed with OK1 and OK 2 [10]. These materials showed relatively good properties but there were a lot of 
troubles with their formability. Two new alloys with rather different compositions and essentially different 
technology of production were prepared. A new MoNiCr alloy with an addition of titanium exhibited a 
formation of cracks during forging and its development was interrupted. This work deals with a study of 
both the creep and corrosion resistance of two nickel-base alloys – modified MoNiCr alloy and a 
comparative alloy of Hasteloy B type. 

 

2. EXPERIMENTAL MATERIAL AND PROGRAMME 

2.1  Experimental material 

Three trial ingots of a total weight of 40 kg have been cast; the first alloy was of MoNiCr type (termed with 
Mo), the second one of MoNiCr type with titanium addition (termed with Ti) and the third corresponded to 
alloy Hasteloy (termed with B). Both types of alloys (MoNiCr and Hastelloy) differed in contents of Cr, Mo 
and Co. Chemical compositions of the alloys are given in Table 1. 

 

Table 1. Chemical composition in weight % 

Melt Cr Mo C Mn Fe Co Cu Ti Ni 
Mo 1.05 26.82  1.42 0.55 1.33 0.07  bal 
Ti 6.97 14.17 0.02 0.1 2.54 0.11 0.19 2.05 bal 
B 6.25 14.44 0.02 0.1    0.1 bal 

 

The cast bars of 40 x 40 x 120 mm were forged in six steps to a final diameter of 20 mm at initial 
temperature of 1200 °C. Alloy B exhibited a lot of cracks after the forging, while Mo alloy had good 
formability and in the bar of Ti alloy only a few cracks was found on the surface. Structures of both alloy B 
and Ti were non-homogeneous. Areas of non-recrystallized grains and coarse casting grains were observed 
at metallographic samples prepared in the cross-sections of the bars. Samples for the following 
experiments were prepared from parts of the bars that did not contain cracks. Mechanical properties and 
microstructures of forgings as well as material in conditions after annealing at temperature of 1300 °C were 
examined. Creep tests and corrosion tests were performed only for specimens in conditions after 
annealing. 
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2.2  Microstructure examination 

All samples for microstructure examination were prepared as cross sections of the forged and/or annealed 
bars. Samples etched with MARBLE reagent were observed using light microscopy (LM) as well as scanning 
electron microscopy (SEM). Chemical composition was determined using EDX microanalysis. 

Material of alloy Mo has homogenous fine microstructure, which consists of equiaxed polyhedric grains 
with many twins. Size of austenitic grains ranged from 20 to 100 m. Non-metallic inclusions of chromium 
oxides were found in the alloy. Their size was about a few micrometers. Fine particles precipitated within 
grains. A distinct increase of grain size up to 1 mm occurred after annealing.  

Material of alloy Ti after forging showed similar homogenous fine microstructure. Size of equiaxed 
polyhedric grains was from 20 to 100 m. Inclusions of chromium and manganese oxides contained also 
additions of nickel, molybdenum, titanium, and aluminium. A lot of fine particles precipitated on the grain 
boundaries as well as within the grains. A significant coarsening of grain size was observed after annealing. 

Microstructure of cast material of B alloy was heterogeneous – it contained both predominant fine-grain 
areas with grains of a size of several tens micrometer and coarse-grain areas with a grain size above 100 
m. Fine particles of chromium and manganese oxides are present in the structure. Grain boundaries are 
decorated with many particles of fine precipitates. After annealing a growth of grain size occurred up to 
several tenths of millimetre. Fine particles previously precipitated on grain boundaries persisted even after 
annealing. 

The distinct coarsening of grain size occurred in all alloys after annealing. This coarsening should have a 
favourable effect for the corrosion resistance of alloys. The effect of creep resistance has not been 
elucidated yet. 

 

2.3  Creep tests 

Creep test of two variants of modified nickel-base alloys Ti and B were performed at temperature of 710 °C 
at stresses of 160, 140, 100 and 80 MPa. Both samples after forging (signed as NZ) and samples after 
annealing at temperature 1300 °C for 10 hours (signed as N) were examined. Results of tests are 
summarised in Table 2. Small number of test and a large scatter of results do not allow extrapolating them 
for long time. However the performed tests indicate that the samples after forging exhibit better creep 
resistance in comparison with the annealed ones and that alloy B is moderately better then alloy Ti. 

 

Table 2. Results of creep test 

Stress 
[MPa] 

Time to fracture [h] 

Ti Ti (Z) Ti (NZ) B B (Z) B (NZ) 

160 9.5 0.037 3.8 75.43 0.017 2.36 

140 61 0.035 8.7 72.75 0.120 12.10 

100 21.3 14.6 37.8 101.6 
Fracture at 
loading 

79.4 

80 --- 101.6 80.5 --- 2.4 86.2 

 

Fractographical analysis using scanning electron microscope was performed on ruptured creep test bars. 
Firstly, it should eliminate the presence of defects influencing the creep results and secondly it should find 
the growth mechanisms of failure. Samples fabricated from alloy Ti failed without a significant contraction. 
Fracture surfaces are covered with a oxide layer, so in is rather difficult to determinate real fracture micro-
mechanism. However it is possible to observe individual cavities. Fracture surfaces of samples coming from 
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alloy B showed a similar appearance. Fractures occurred without the significant contraction and fracture 
surfaces are covered with the surface layer. However there are clearly visible intercrystalline facets on the 
fracture surfaces of all three samples. No defects were found out at the fracture surfaces. Failure of 
samples of alloy B occurred by intercrystalline rupture. The resistance again high temperature oxidation is 
better for alloy B then for alloy Ti 

  

2.4  Corrosion resistant tests 

A comparison of creep resistance of trial Ni-base alloy Mo and comparative alloy B was performed in a 
mixture of molten fluoride salt. Alloys were tested in both the state after forging and after annealing at 
temperature of 1300 °C for 10 hours. The mixture contained 50 weight percent of NaF and 50 weight 
percent of LiF (i. e. 38 : 0.62 mol. %). The test was carried out in a protective atmosphere of nitrogen 
containing 5 % of hydrogen. The test temperature was 710 °C. 

Testing samples of a cylindrical shape (thickness 6 mm and diameter 13 mm for B alloy and 15 mm for alloy 
Mo) were fabricated of the forged bars. Five samples of each alloy were used for the test. Testing weighing 
boats were filled with the mixture of NaF + LiF (50 : 50 weight %) and put into a furnace heated at 710 °C 
for three hours to ensure complete melting of the mixture. Then a removing and refilling of boats with the 
mixture of NaF + LiF followed. Samples were put into the furnace and heated at avtemperature of 710 °C in 
the environment of the mixture of argon and 5 % of hydrogen. The flow of gasses was 7.5 l per hour. 
Samples were kept in the mixture of molten fluorides for 320 hours. Then they were cooled with testing gas 
to a temperature of 200 °C. A visual evaluation was performed after removing of samples. Then samples 
were weighed and corrosion attack was evaluated. 

Surfaces of samples after the corrosion test were relatively clear with a thin protective layer strongly 
bonded to the surface. Samples were weight, gains of sample mass were determined and mass gains in gm-

2 were calculated. Results in form a average values from five measurements are given in Table 3. 

 

Table 3. Results of corrosion tests test 

Melt State 
Corrosio gain 
for 320 hours 

[g/m2] 

Speed of 
corrosion in term 

of growth of 
oxidation layer 

[mm/year] 

Speed of 
corrosion in term 

of growth of 
thickness loss 

[mm/year] 

HASTELLOY B 
Non annealed 63.46 0.21 0.0198 

Annealing 1300°C/10h 56.74 0.19 0.0177 

MONICR 
Non annealed 87.39 0.30 0.0273 

Annealing 1300°C/10h 80.32 0.28 0.0251 

 

Both surface and cross-sections of corrosion tested samples were examined using light as well as scanning 
electron microscopy. Chemical composition of individual phases and constituents was determined by ED 
microanalysis. 

Examination of cross-sections of samples of HASTELOY B after corrosion tests showed that corrosion attack 
is predominately focused in edges of cylindrical samples; while on the “flat” surface corrosion layer is 
significantly thinner and more or less uniform. The depth of a corrosion layer after the exposure 710 °C/200 
hours is about 1 mm. The corrosion layer in its deeper part consists of molybdenum rich particles of spread 
in the matrix. Particles have like-plate shape and they are perpendicular to the surface. Their dimensions 
are of several tenths of millimetre. Corrosion channels created along these particles. Amount and total 
volume of these particles rich of molybdenum increase in direction to the surface. These partially oxidized 
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particles together with residuals of the matrix are distributed in the mass formed of salt of corrosion 
environment. 

Observation of cross-sections of samples of MoNiCr after corrosion tests showed that corrosion attack is 
again predominately focused in edges where the depth of corrosion layer is about 4 mm. The depth of the 
corrosion layer on the flat parts of samples is approximately 0.5 mm. It consists from fine particles 
containing higher concentration of molybdenum (about 70 weight %) and chromium (about 3 weight %) in 
nickel matrix. The size increases towards to surface and particle form needles and plates. Their longest 
dimensions are oriented perpendicularly to the surface. The subsurface layer is form from non-compact 
mass containing predominantly molybdenum and also sodium with isolated residues of matrix. A compact 
layer of oxides together with rests of corrosion environment molybdenum rich particles are on the top of 
the corrosion layer. Structure of corrosion layer at the edges is rather different. Molybdenum rich particles 
immediately from the corrosion front showed needle or plate like shape. Their thickness increase towards 
to the surface. Structure on the top of the layer is similar as that present on the flat parts of samples.  

 

3. CONCLUSIONS 

On the basis of the performed creep tests it can be concluded that the best creep resistance show samples 
after forging. The other tests are necessary for confirmation of this statement. Creep resistance of alloy B is 
better then creep resistance of alloy Mo. The results of tests show significant variation.  

Failures of creep tests bars occurred by combination of both the integranular and transgranular ductile 
fracture. The high-temperature oxidation resistance is higher for alloy Hasteloy B in comparison with alloy 
MoNiCr + Ti. 

Corrosion tests performed in environment of molten mixture of NaF and LiF in the protection nitrogen/ 5 % 
hydrogen atmosphere at a temperature of 710 °C for 320 hours show, that mass gain of alloy Mo are 
comparable with alloy B. The protective oxidation layer formed on the surfaces of both the alloy. No 
significant difference between the mass gains was found for forged material and material annealed at 1300 
°C. 

The corrosion speeds expressed in form of the growth of the oxidation layer in millimetres per year ranged 
from 0.2 to 0.3 mm/year, which corresponds to loss of wall thickness up to 0.025 mm/year. 

Mechanism of formation of the corrosion surface layer is similar for both the alloys. Molybdenum rich 
particles are formed in the under-surface layer. During the exposure their number and sizes increase. 
Particles are predominantly of plate-like shape and are oriented perpendicular to the surface. They are 
surrounded by corrosion channels.   

Considering better formability and lower production cost, the MoNiCr alloy is the most promising candidate 
for application in the ADTT reactors. From the point of view of the nowadays market situation these 
reactors offer an opportunity to gain an environmental-friend energy and solve a problem of a liquidation 
of nuclear spent fuel. 

This work was supported by Grant project 106/06/1352 of Grant Agency of the Czech Republic. 
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ABSTRACT 

Rapid Manufacturing became important in the field of medical engineering recently. Newly developed 
methods increase the demand on overall properties and the new approaches are needed. In the multi-
material functionally graded implants the mechanical, physical and chemical properties change from one 
side of the product to the other. Thus, the disadvantage of joint requirements in bioimplants can be 
eliminated and the risk of screw connections or corrosion of welding avoided. This study is focused on 
properties which are important from the biocompatibility point of view, namely contact angle, hardness, 
roughness and surface porosity. 

Keywords: Rapid Manufacturing, biocompatibility, Material Printing Process (MPP) 

 

1. INTRODUCTION 

Material Printing Process (MPP) is a novel Rapid Prototyping and Manufacturing technology that aims to 
produce bio-implants, customized to the needs of individual patients [1]. The bio-implant is manufactured 
from a powder material which is sintered layer-by-layer, without need of final tooling. Moreover, MPP 
enables production of multi-material functionally graded structures, so that the material, mechanical 
properties and structure (especially porosity) is changing from one side of the implant to the other. This 
enables the final properties of the implant to match with the bone.     

In general, a material or combination of materials for hard tissue replacement should have the following 
properties: 'biocompatible' chemical resistance, excellent corrosion resistance, acceptable strength, low 
Young's modulus to avoid implant-bone stress shielding and high wear resistance. Furthermore, implant's 
surface properties such as surface chemistry, surface energy, topography and roughness influence the 
initial cell response at the cell-material interface, ultimately affecting the rate and quality of new tissue 
formation [2]. Especially, controlled surface roughness and porosity are a key to excellent osseointegration 
[3]. These requirements on a bio-implant can be technically met when the MPP technology is utilized. A 
biomaterial which has a low Young’s modulus and controlled porosity gradient can achieve excellent 
osseointegration on one side of the implant while on the other side a biomaterial with improved 
tribological properties is used. This arrangement is promising for various bio-applications. For example, the 
disadvantage of joint requirements in bioimplants can thus be eliminated and the risk of screw connections 
or corrosion of weldings avoided [3]. 

Fundamental materials which are recommended especially for joint and bone implants are pure Ti, Ti-6Al-
4V alloy and Co-28Cr-5Mo alloy. Especially titanium and its alloys currently constitute the most favored 
implant materials for joint replacement and osteosynthesis. In comparison to other metallic implant 
materials, titanium is characterized by a high biocompatibility, a good workability and corrosion resistance 
with suitable mechanical properties (low Young’s modulus – high strength) [4]. Among all implant 
materials, Co-Cr-Mo alloys demonstrate the most useful balance in strength, fatigue and wear along with 
resistance to corrosion. The cast alloy containing 28 wt%Cr and 6 wt%Mo (balance Co) has been used for 
many years to produce medical implants such as hips, knees, ankles and bone plates. The wrought Co-Cr-
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Mo alloys exhibit superior mechanical and chemical properties compared with the cast alloys due to a finer 
grain size and more homogenous microstructure. Although fabrication of surgical implants by conventional 
methods are common, powder metallurgy (P/M) route offers additional advantages [5]. These materials 
can also be used in metal powder production. Development of biomaterials for powder metallurgy has 
recently received much attention. New compositions and sintering process parameters are widely 
investigated in order to produce optimal microstructures [3]. It is known that during co-sintering of 
composite layers, the two components must have the same or similar sintering behaviour in order to 
reduce mismatch stresses during the heating and cooling cycles [5]. 

Implant surface roughness influences osteoblast proliferation, differentiation, and local factor production. 
The success or failure of an implant is largely dependent on the degree to which it integrates into the bone. 
The physical, chemical, and biological events at the bone–implant interface play a major role in the ability 
of an implant to osseointegrate into the bone and are dependent on the chemical composition, surface 
energy, topography, and roughness of the implant. The interactions of different type of cells with various 
solid substrates depend mainly on surface characteristics such us wettability, chemistry, charge and 
roughness. The effect of wettability on the cellular adhesion is more difficult to evaluate. Surface roughness 
affects wettability in different ways depending on the topographical features, and wettability is one of the 
most important parameters when biomaterials for implant devices are designed [6]. There is accumulating 
evidence that surface roughness is a particularly important variable in this regard. In vivo studies have 
shown that implants with rough surfaces achieve better osseointegration than those with smooth surfaces, 
as evidenced by greater pull-out strength and increased bone–implant contact. 

In this study MPP Ti6Al4V and CoCr alloy multi-material graded samples were investigated. The MPP 
samples were produced at various sintering temperatures to find optimal processing conditions. The 
surface structure and properties were analyzed in order to provide information basis for interpretation of 
bio-compatibility results. 

 

2. MATERIALS AND METHODS 

2.1  Materials 

 Ti6Al4V and CoCr alloys were supplied in a powder form by Arcam AB. The powder was produced by a gas 
atomization process and particle sizes laid within a size range from 10 to 70 μm. Multi-material functionally 
graded samples of CoCr alloy and Ti6Al4V alloy were manufactured by the MPP. They consisted of one part 
of CoCr and one part of Ti6Al4V, see Fig. 1. These were built in the shape of disks (30mm diameter, 3mm 
thickness) by the successive application of 10 to11 pattern layers of CoCr and Ti6Al4V on a foundation of 
pure Ti6Al4V powder, consolidated at various temperatures as derived in Fig. 1. For comparison, one 
sample of pure CoCr alloy and one of pure Ti6Al4V alloy where also manufactured by a similar procedure. 
The consolidation took place in a protective atmosphere of 95% Ar and 5% H, while the compaction 
pressure during consolidation was set to 170 MPa. 

 

Fig.1. Layout of testing samples 
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2.2 Contact angle measurement 

Contact angle was measured by Surface Energy Evaluation System which is a computer-based instrument 
for contact angle measurement and surface energy calculation (Advex Instruments s.r.o). The samples were 
ultrasonic cleaned in ethanol bath and dried with agitated air. The sessile drop technique was used to 
measure the water contact angle. In this technique a small drop of distilled water was placed on the surface 
of a sample using a micropipette and the contact angle was measured using the See System software. The 
contact angle was measured three times on each specimen. 

 

2.3 Hardness measurement 

Hardness was measured with the help of Brinell tester, where the hardened steel ball-shape indenter was 
used. The diameter of indenter was 2.5mm and the applied load was 612.9N for 10 seconds. Specimens 
were measured at Ti6Al4V part and CoCr part three times to determine an average value. 

 

2.4 Roughness measurement 

Roughness measurement was carried out using Hommel Tester T 1000. The important roughness features 
for the measurement of porous samples were profile depth Pt (total height of P-profile, which is the sum of 
the largest profile peak height and the largest profile valley depth of the P-profile within the evaluation 
length), waviness height Wt (total height of W-profile, which is the sum of the largest profile peak height 
and the largest profile valley depth of the W-profile within the evaluation length), maximum peak-to-valley 
height Rt (which gives vertical distance between the highest peak and the deepest valley).  

 

2.5 Porosity investigation 

Surface porosity was evaluated using the confocal microscope Olympus LEXT OLS 3000. 3D-view images 
were taken to show the most realistic information about the surface topography of the samples. The 
Scanning Electrone Microscopy images of surface were taken as well. 

 

3. RESULTS AND DISCUSSION 

3.1 Contact angle measurement 

The contact angle results are given in Fig. 2. The contact angle of graded materials lay above those of pure 
Ti alloy and CoCr alloy. Furthermore, it can be seen that the contact angle value decreases with increasing 
sintering temperature. This can mean that at the higher sintering temperatures of 1020°C and 1040°C the 
graded samples are more compacted, which leads to a better surface wettability (lower contact angles). So 
far, it seems that the highest wettability is reached at pure CoCr sample. All MPP samples soaked the 
testing liquid in after a time period of about 5 seconds, which also evidences open porosity in the material. 
With regard to cell seeding, it can be assumed, that the moderate hydrophilic behaviour (e.g. of sample No. 
4) will result in higher possibility of fluids’ access to the implant surface and thus in greater 
osseointegration.  

 

3.2 Hardness measurement 

The Brinell hardness increases with sintering temperature, as shown in Fig. 3. The fact that Ti parts gave 
higher hardness values can be explained by a lower open porosity of Ti part than of CoCr part. This was 
changed at higher temperatures when CoCr part was partially melted. 

 



Symposium E  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 456

 

Fig.2. Results of contact angle measurement   Fig.3. Results of hardness measurement 

3.3 Roughness measurement 

The roughness parameters of MPP samples are given in Fig. 4, where the average value for Ti6Al4V part and 
for CoCr part is presented. It can be seen, that roughness characteristics of CoCr differ quite significantly 
from Ti alloy even though the powder size distribution was of the same interval 10-70m. The profile depth 

Pt is close to the upper value of the powder size 
interval. This means that the top layer surface is 
formed by particles that are locally placed one on each 
other creating high peaks and deep valleys or that the 
top layer was locally incomplete. The typical 
wavelength RSm was about 140m for Ti6Al4V alloy 
and about 190m for CoCr alloy and the vertical 
distance between the highest peak and deepest valley 
Rt reached to 25 m for Ti6Al4V alloy and about 40m 
for CoCr alloy. 

 

Fig. 4. Results of surface roughness measurement 

3.4 Porosity investigation 

3D topography images were acquired with the help of confocal microscope (Fig. 5) using a reflected light, a 
contrast between the highlighted powder peaks and darkened valleys can give some suggestion of surface 
porosity and surface structure. Samples’ surfaces were observed using electron microscopy (Fig.6). It is 
apparent that the top sintered layers were lacking large areas of powder particles. The surface porosity was 
not determined numerically since it was not possible to define an exact top reference layer and to exclude 
open pores from the measurement. The presence of open pores was also evidenced during contact angle 
measurement. 

 

 

 

 

 

Fig. 5. Topography results – confocal microscope 
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Fig. 6. Results from Scanning Electron Microscope - topography 

 

CONCLUSION 

Different characteristics were investigated within the MPP samples. The contact angle decreased at higher 
sintering temperatures, thus improving wettability of the samples. This fact is quite positive for the 
material-cell interaction. The Brinell hardness increased with sintering temperature and reached the 
highest value when CoCr part was partially melted, probably when pores in the material were less frequent. 
Higher hardness promises better wear properties and thus lower possibility of toxicity due to the worn 
debris of material. The roughness of CoCr part of MPP graded samples was higher than roughness of Ti 
parts, which might in some cases encourage the cell proliferation. Observed open pore structure would 
enable cells to grow easily on the surface. Samples prepared by this innovative method proved their ability 
to be used as bioimplants from their surface characteristics point of view. Nevertheless, further 
investigation in terms of biocompatibility has to be done to obtain detailed behaviour of these materials in 
presence of human body cells. 
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ABSTRACT 

The contribution deals with the relationship between the casting structure of AlSi9Cu3 alloy and its failure 
resistance. After the crash and fatigue tests the metallographic analysis of casting microstructure was 
performed. The objective of this work was to define causes of reduced resistance to mechanical damage 
that had occurred for several types of castings. Macro- and micro-porosity, metallographic structure and 
presence and distribution of particular phases were investigated. Micro-analysis of phase composition was 
carried out. All of samples showed pores and cavities. The distribution of these flaws was so much 
different, even in near sections of the same casting, that no significant correlation has been found. Based 
on the metallographic analysis it is possible to assume that the structure of mechanically more resistant 
castings is coarser grained with larger alpha-phase aluminum surfaces and features ferrum only in form of 
tiny edgy -shaped particles always accompanied by manganese. The structure of less resistant castings 
contains larger stellar-shaped particles of Al15(MnFe)3Si2 intermetallic phase, and more importantly, it has 
sharp, hard and brittle needles of Al5FeSi intermetalic phase, which dramatically  deteriorate mechanical 
properties due to their notch effect.  The creation of these particles is connected with solidification 
conditions.  

Keywords: silumine, casting, failure resistance, structure analysis, metallography. 

 

1.  INTRODUCTION 

The crash and fatigue tests were carried out for the several casting versions during the development of high 
mechanically loaded casting part. In some period of the component development after the reinforcement 
of the critical areas the lower mechanical properties of the structure turn up. Based on these results it was 
apparent that mechanical properties of the component are significantly influenced by manufacturing 
technology, firstly by solidification rate in the critical areas, gas trunk during the cooling and pressure 
conditions during the casting. These factors influence the macrostructure and microstructure of the 
material with strong impact to the mechanical and fatigue behaviour of the product. Therefore the 
objective of the paper is to find relationship between the microstructure and the failure resistance of the 
casting. 

 

2.  MATERIAL AND SPECIMEN DESCRIPTION 

Six pieces of the casting were used for the metallographic analysis.  Particular specimens were marked by 
number with respect the fact that number:  

-  1 corresponds to the first version of component.  

-  2 corresponds to the version with geometry extension of critical cross sections (and at the same time 
with the worst failure resistance) both with original technological process of the casting.  

-  3 represents version with cross sections modification (a little bit smaller cross section compared with 
the second version) and with three different casting conditions (a, b, c). 

-   4 represents final version of the component with the best mechanical properties. 
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Castings were made from hypoeutectic unmodified silumine EN AC-46000 (EN AC-Al Si9Cu3(Fe), ČSN 42 
4339), that approximately corresponds to US material AA 380.0. Chemical composition of the alloy 
illustrates Table 1. This material is often used mainly in the automotive industry. The mechanical and 
fatigue properties of products made from this material depends not only on average chemical composition 
but also on macro and micro structure. The relevant parameters influencing the properties of the structure 
are: 

 a)  Porosity - cavities (bubbles, microshrinkage, gas pores).  

 b)  Type, size, number and shape of intermetallic phases.  

 c)  Structural parameters (dendrite cells size, morphology, etc.).   

 

Table 1. Typical chemical composition of Al Si9Cu3 alloy [ wt %]. 

Alloy Si Fe Cu Mn Mg Ni Zn Pb Sn Ti Al

EN AC-46000 8.0-11.0 1.3 2.0-4.0 0.55 0.05-0.55 0.15 0.55 1.2 0.35 0.25 0.05 0.25 Remainder

Others

 

 

The needle of eutectic silicon with typical branching, particles with iron and manganese in the shape of the 
star and “Chinese script”, particles with cuprum and single sharp needles of iron occur in alloy AlSi9Cu3 [1], 
[2], [3], [4]  and [5]. 

 

3.  EXPERIMENT 

Samples were cut out by IsoCut4000 saw and prepared by standard metallographic procedures (grinded, 
polished with diamond suspensions and some of them etched by Dix-Keller or 0.5%HF). After it the 
microstructural details were analysed using optical microscopy (Olympus GX51, SZ40) with different 
magnifications up to 1000x. Also Nomarski DIC illumination technique was used. All samples were analysed 
with respect to the documentation of porosity.  

Other samples (one from 1, 2 and 4 specimens) were prepared during the “New trends in metallographic” 
seminar organized by Faculty of Mechanical Engineering, Brno University of Technology.  

The chemical composition of the intermetallic phases was determined by scanning electron microscopy 
equipped with EDAX. Mrs. Ing. Jandová carried out the microanalysis of two specimens during the above 
mentioned seminar. Based on this analysis the shape of different particles was identified. The content of 
intermetallic particles for samples 1 (first version), 2 (the worst mechanical behaviour) and 4 (final version 
with the best mechanical properties) was determined. 

  

4.  RESULTS AND DISCUSSION 

4.1  Porosity 

Porosity was documented on all cutting surfaces of specimens. Fig. 1 illustrates the typical macrographs 
corresponding to specimen 2 (the worst mechanical behaviour) and specimen 4 (the best failure 
resistance). Fig. 2 shows the largest and typical cavity on micrographs. 
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Fig. 1.  Typical macrographs of specimen 2 (top) with 5 mm cavity and specimen 4 (bottom). 

  

The cavity and pores were detected in all specimens. The considerable inhomogeneity from point of view of 
bubbles, shrinkages and pores distribution was documented in the different sections of castings. Even if the 
several cutting surfaces were cut out from the same casting very close each other (distance between each 
of them was from 4 to 8 mm) the porosity there is very different. The maximum size of the cavity is about 5 
mm (see Fig. 1 - top left). Such big and deep bubble was found in one cutting surface of specimen 2 only. In 
the other cuts of this specimen the cavities had not been bigger then in the other castings. Next highest 
sum of length cavity (see Fig. 2 - bottom) was found in one of metallographic sample of specimen 4 (the 
best failure resistance). This cavity seems to be more like shrinkage and it is very shallow. Smaller and 
shallow combination of bubbles and shrinkages or tiny pores was detected only. This is a reason why we 
were not successful to find any significant relation between the biggest cavity shape and failure resistance. 
We can consider the big and deep bubble as dangerous from point of view of failure resistance. 
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Fig. 2. Micrographs of typical cavities corresponding to metallographic sample of specimen 2 (top),  
specimen 4 - with shallow cavity and its revolved part (total length of these cavities is 5 
mm)(middle), specimen 3a - small pores in the left bottom and specimen 3c – cavities and porosity 
in the right bottom (magnification 50x, without etching). 

 

4.2  Material microstructure 

Microstructure of the castings 1, 2 and 4 which were analyzed more in detail by optical methods was found 
to be not much different. Material with the best mechanical properties (specimen 4) has a little coarser 
grained structure in general, with larger areas of dendrite alpha phase of aluminium. In this structure there 
are no big star shaped particles but edgy shaped and smaller ones only. Fig. 3 shows the microstructure 
comparison of castings 1 and 4. 
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Fig. 3.Microstructure comparison of castings 1 and 4. Structures of casting 1 with a big star shaped particles 
(left), structures of casting 4 with tiny particles (right). 

 (Magnification 500x, Nomarski DIC illumination) 

 

4.3  Material microanalysis 

Microanalysis had been performed on the metallographic samples of castings 1 and 4.  The micrographs of 
structure acquired from electron microscope with marks on analyzed points are in Fig. 4 and Fig. 5. 

  
 Fig. 4. Micrograph of casting 1 structure.  Fig. 5. Micrograph of casting 4 structure. 

 

Sample made from specimen 1 (Fig. 4): In the big star shaped particle (spot 1) was detected presence of 
iron, manganese and smaller amount of chrome.  It is possible to consider these particles as the brittle and 
hard intermetallic phase Al15(MnFe)3Si2 as can be found in the literature. 

Iron and manganese presence was detected also in the tiny edgy shaped particle – spot 6 and in the particle 
marked 7. Particle 3 and white margins around particle 1 (spot 2) and part of needle 4 shows high 
percentage of copper with Mg and Ni traces. In the similar way it is in spot 8. Needle 5 contains Fe with 
very low percentage of Mn, which corresponds with very hard and brittle phase Al5FeSi. Even its shape 
effects in very negative way. Very similar composition was determined in spot 9. Tiny bright point 10 is Pb-
rich particle. Hardly detectable needle 11 is  Si-rich. This is needle of eutectic silicon. Sample made from 
specimen 4 (see Fig. 5): Microanalysis shows that edgy, approximately hexagonally shaped particles contain 
Al, Si, Fe, Mn and Cr. In the needles (spot 3) and neighbouring areas (spot 2) there is high content of Si. 
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4.4  Intermetallic phase analysis 

Comparison of intermetallic phase occurrences was performed on the base of former analyses by 
comparison of micrographs with 1000x magnification. Fig. 6 and Fig. 8 document the presence of single 
particles which are in the microstructure. In Fig. 6 and Fig. 8 which were acquired using different 
techniques for scratch pattern we can find particles containing Fe, or Fe and Mn as plastically emerging 
differently from Fig. 7 where single particles are detectable, but without the 3D topography. Cu features by 
significant perforation, eutectic Si differs by colour only. 

In the individual pictures there are marked: 

Particles A – intermetallic phase Al15(MnFe)3Si2.  

Needles and facets B – eutectic silicon. 

Particles C – Cu presence.  

Needles D – Fe needle of phase Al5FeSi. 

Comparisons of presence and morphology of phases in the samples made from casting 1, 2 and 4 lead to 
the following conclusions: 

In the more failure resistance structures there are only smaller edgy shaped particles containing iron and 
manganese. No iron-rich needles of phase Al5FeSi are present in these structures. 

  

Fig. 6. Image of phases in the metallographic sample of specimen 1.  

 (Magnification 1000x, Nomarski DIC illumination) 

  

Fig. 7. Image of phases in the metallographic sample of specimen 2.  

 (Magnification 1000x, Nomarski DIC illumination, etching with 0,5 % HF) 
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Fig. 8. Image of phases in the metallographic sample of specimen 4.  

 (Magnification 1000x, Nomarski DIC illumination) 

 

5.  CONCLUSIONS 

Microstructure of higher failure resistance castings is a little coarser grained with larger areas of Al α-phase.  
In castings like this iron is present in smaller particles only and always with manganese together. No sharp, 
hard and brittle needles of ferrous phase Al5FeSi occurs. These particles would have a negative notch effect 
which significantly degradation of the mechanical properties of material. Occurrence of these particles is 
probably the main reason of castings failure resistance decreasing. Other cause of mechanical properties 
degradation can be the presence of cavities. The big deep bubbles seem to be peril for material behaviour; 
shallow shrinkages have probably no influence to the failure resistance.  
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ABSTRACT 

The effect of pre-annealing at 800 °C in argon atmosphere on high temperature corrosion at 1050 °C in air 
was studied on two high purity nickel grades and compared to a commercial purity nickel. Moreover, the 
influence of fabrication was analyzed in the case of cast and cold-rolled Puratronic® nickel samples. The 
mutual grain orientation was measured by means of electron backscatter diffraction and grain boundaries 
were characterized in terms of the coincidence site lattice model. The scanning electron microscope 
characterization of cross sections of all the oxidized samples has been performed and compared with the 
literature. The influence of purity and fabrication on the high temperature oxygen ingress in nickel was 
discussed in terms of grain boundary character distribution. 

Keywords: grain-boundary character distribution (GBCD), Grain boundary engineering (GBE), coincidence 
side lattice (CSL) 

 

1. INTRODUCTION 

It is well known that the grain boundary is an important microstructural element and hence the grain-
boundary character distribution (GBCD) is one of the most effective parameters by which the mechanical, 
physical, chemical and electrical properties of the grain boundaries can be classified. Grain boundary 
engineering (GBE) involves the use of the controlled modification of the microstructure to improve bulk 
material properties and enhance resistance to creep, fatigue, impurity segregation, fracture and 
intergranular degradation and corrosion. GBE is based on the generation of large proportions of "special" 
low energy grain boundaries (mostly annealing twins) through a combination of cold working and 
recrystallization heat treatment. 

In this paper, GBCD was compared in as-received state and in samples subjected to the GBE pre-annealing 
in argon atmosphere at 800 °C. The thermal treated specimens and non-GBE specimens were then put to 
the test annealing in air and their cross-sections were analyzed by means of scanning electron microscopy.  

 

2. THEORY 

GBCD is used to quantitatively describe the type and frequency of grain boundaries present in a 
microstructure. A wide variety of material properties can be achieved by suitable modification of the 
microstructure through thermo-mechanical treatment, as was first suggested by Watanabe [1]. This 
process is referred to as GBE. GBE is based on increasing the fraction of special grain boundaries 
(coincidence side lattice (CSL) boundaries) with low energy, which may improve the engineering 
performance of the material. In the CSL framework, grain boundaries are classified by a Σ value, which gives 
the reciprocal number density of lattice points that are coincident in the two adjacent grains. The increase 
in the fraction of low Σ CSL type grain boundaries decreases the weight loss/penetration depth by 
intergranular attack. 

According to the Brandon criterion [2], a boundary is considered to be a CSL boundary when the 
misorientation falls in an interval ∆Θ around the exact CSL misorientation angle, 
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2

1
−

ΣΘ=∆Θ m
, (1) 

with Θm = 15° being the limit of a low-angle grain boundary that can be established by geometrically 
necessary dislocations only. 

With regards to the prediction of susceptibility to inter-granular cracking, much recent work has shown that 
the connectivity of random GBs is a more reliable criterion than the originally proposed total frequency of 
special CSL boundaries [1]. 

The connectivity of random GBs can be quantitatively evaluated using both the triple junction distribution 
and/or the random boundary cluster length. An increase in the frequency of resistant 2-CSL and 3-CSL triple 
junctions (that are composed of two or three special boundaries) can enhance corrosion resistance of 
polycrystalline materials even if the grain boundary character distribution is the same. 

The relative fraction of twin variants (Σ3n/Σ3, n>1) has recently been considered [3] as an additional 
criterion related to the connectivity of random GBs. The twin variants (mainly Σ9 and Σ27) form in the 
process of twin-twin interactions during GB migration and contribute to disrupting the random GB network. 
On the contrary, a low ratio of Σ3n/ Σ3 indicates the presence of twins predominantly within the grains and 
GB connectivity persists. Also, according to this approach, neutral-twin boundaries that do not yield other 
low-Σ CSL boundaries (e.g., twin variants) along neighboring interfaces have no effect on random boundary 
connectivity, and must therefore be discounted from the total special boundary fraction if the depth of 
inter-granular attack is to be accurately predicted. Assuming Σ9 GBs and Σ27 GBs in the microstructure 
arising solely from twin interactions, the number of effective Σ3 GBs from which these variants originate 
can be estimated [3] as 
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By way of the outward migration of cations and electrons, nickel forms only one oxide, NiO, which is a p-
type semiconductor with cation deficit [4]. The scale morphology has also been found to vary significantly 
with the purity of the metal [4]. Using nickel of high purity, a compact, adherent, single-layer scale of NiO is 
formed. Nickel with high concentrations of impurities showed a fundamentally different scale, which 
consists of two layers, both of NiO, the outer one compact and the inner one porous [4]. Peraldi et al. have 
shown that the interface between inner and outer subscales is flat and marks the location of the initial 
metal surface [5]. 

The oxidation of cold-worked Ni has been observed to be more rapid than that of annealed Ni [6]. These 
results have been interpreted in terms of oxide grain boundaries providing easy diffusion paths through the 
fine-grained oxide formed on the cold worked Ni. 

 

3.  EXPERIMENTAL 

3.1  Sample preparation 

The samples designated as C (cast) were prepared from the Puratronic® 99.995% nickel slug (pure, 
designated as P) in induction furnace under an argon atmosphere and cast to rod. The rod was reduced in 
diameter to 10 mm with a lathe and cut to specimens of about 3 mm height by spark erosion.  

The samples designated as R (cold-rolled) were spark cut (diameter 10 mm) from the 99.9945% 
(Puratronic®, designated as P) and the 99.5% (commercial purity nickel, designated as T) cold-rolled nickel 
foils 2 mm thick. 
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Table 1. Chemical composition (ppm) of nickel materials (values taken from the producer’s certificate of 
analysis)  

material Al Mg Cr Mn Fe Co Cu Si Ti C O S 

4N5 Ni slug 0.01  0.01 0.03 10  0.08 0.04 0.85 25.5 7.5 2 
4N5 Ni foil 0.7 0.03 0.07 0.01 0.8 0.1 0.2 0.9  <10 66 22 

2N5 Ni foil 70 50 ND 2440 90 250 80 1540 570 150  60 

One flat surface of each coin-shaped specimen was ground on silicon carbide laps, then polished 
successively on diamond paste laps to a 1 μm finish and finally cleaned in an ultrasonic bath filled in turn 
with ethanol, acetone and chloroform (p. a. purity grade).  

Subsequently, one half of samples was wrapped in tantalum foil and then encapsulated in argon (4N purity) 
filled quartz tubes prior to the heat treatment at 800 °C for 26h. The argon-annealed samples were found 
to be bright and shiny and showed a well-defined microstructure as a result of thermal etching so that the 
direct EBSD measurement was possible. 

 

3.2  EBSD measurements 

For evaluation of GBCD, a Jeol JSM 6460 scanning electron microscope with Oxford Instruments Inca Crystal 
EBSD analyzer was used. The obtained data were further analyzed in terms of the CSL model. All detected 
boundaries were categorized as follows: (i) low angle boundaries (4.8° ≤ angle ≤ 15°, often referred to as Σ1 
type boundaries), (ii) CSL boundaries (3 ≤ Σ ≤ 29), (iii) frequently occurring twin boundaries with Σ=3 (from 
51.3° to 60° according to the Brandon criterion [2], see Eq. (1)) as a special case or, if none of these, as (iv) 
random boundaries. 

 

3.3  High temperature corrosion 

All the samples were subjected to annealing in open quartz tubes (i. e. in laboratory air) at 1050 °C. After 
three hour annealing, the samples were found to be covered by an oxide layer. Samples were then 
transversely spark cut into two parts and their cross-sections were metallographically treated: polishing 
with SiC paper (to 4000 grid), OP-S suspension treatment and, finally, etching in mixture HNO3/HF 80:3 for 
15s. The cross-sections were examined using scanning electron microscopy (Jeol JSM 6460). The details of 
microstructure (oxygen map) were measured on a Jeol JSM 7600F scanning electron microscope. 

 

4. RESULTS 

4.1  EBSD 

The results of GBCD in measured nickel samples are summarized in Table 2 and Figs. 1 and 2. In Table 2, the 
calculated values (Eq. (2)) of fraction of the effective Σ3 boundaries are also shown. 

Table 2. GBCD in nickel samples and proportions of the effective Σ3 GBs 
sample annealing 

temperature 
[°C] 

fraction of GBs [%] 
measured calc. 
Σ1 Σ3 Σ9 Σ27 random eff. Σ3 

4N5 Ni cast 
PC 

as-received 27.8 0.05 0 0.3 86.9 - 
800 10.9 38.5 5.4 1.3 52.0 31.4 

4N5 Ni roll. 
PR 

as-received 4.5 42.4 2.7 0.4 51.9 22.9 
800 1.2 46.2 4.9 3.1 43.2 36.0 

2N5 Ni roll. TR as-received 5.6 32.8 3.0 1.2 59.3 26.1 
800 1.5 46.2 4.9 1.4 45.4 32.2 
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a)   b)  
Fig. 1. Orientation maps from nickel for a) as-received 99.995% cast Ni b) 99.995% cast Ni after 

annealing for 26h at 800 ºC. Low-angle, Σ3 and remaining boundaries are green, blue and 
yellow, respectively 

 

 

 

 

 

 
as-received 99.9945% cold-rolled Ni  99.9945% cold-rolled Ni after annealing 
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as-received 99.5% cold-rolled Ni  99.5% cold-rolled Ni after annealing 

 
Fig. 2. Orientation maps from nickel samples both in as-received state and after annealing for 26h 

at 800 ºC. Low-angle, Σ3 and remaining boundaries are colored green, blue and yellow, 
respectively 

 

4.2 High temperature corrosion 

Fig. 3 shows the comparison of the high temperature corrosion in the three grades of nickel after annealing 
for 3h at 1100 ºC in laboratory air. 

 

 

 
99.995% cast Ni 
a) as-received  b) pre-annealed for 26h at 800 ºC 
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99.9945% cold-rolled Ni 
c) as-received  d) pre-annealed for 26h at 800 ºC 

 

 

 
99.5% cold-rolled Ni 
e) as-received  f) pre-annealed for 26h at 800 ºC 

Fig. 3.SEM micrographs of nickel cross-sections oxidized at 1200 ºC for 3h: comparison of both as-
received and pre-annealed samples 

5.  DISCUSSION 

The results of both the EBSD study and the high temperature corrosion can be summarized as follows: 

In all three grades of nickel, an increase in proportion of Σ3s and effective Σ3s was observed in samples 
after pre-annealing (see Table 2) comparing to the as-received ones. In the case of cast pure Ni, the gain in 
Σ3s was even nearly 40%.  Nevertheless, concerning the SEM micrographs of the oxidized cross-sections, 
there is no significant difference between the as-received and the pre-annealed samples of cold-rolled 
nickel (compare Figs. 3c-3d and 3e-3f), even though results of EBSD analysis show higher proportion of both 
twins and effective twins in nickel samples after pre-annealing (see Table 2). This situation is even more 
surprising in the case of pure cast nickel: grain boundaries in the oxidized sample after pre-annealing are 
highly corroded in comparison with the sample without GBE, although fraction of twins and effective twins 
is doubtless higher (see Table 2). The cast pure nickel before oxidation does not contain twins (see Table 2) 
but still the corrosive attack is minimal from all the samples tested. 

Selective intergranular oxidation was observed that depended on the type of grain boundary. It was found 
that annealing twins showed high oxidation resistance (for a pair of twins, see Figs. 3d right up and 3e left 
up) by contrast to random boundaries, which are highly corroded independently of their position with 
respect to surface in both pure nickel samples. On the other hand, in nickel of commercial purity, corrosion 
of random boundaries is restricted only to the internal oxidation zone (see Figs. 3e, 3f and 4) and does not 
proceed to the sample interior. At the same time, twins do not corrode even in the zone of internal 
oxidation (see Fig. 3e up left) in 99.5% Ni. 
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The form of damage after air exposure of the three grades of nickel studied varies as a function of the 
impurity content and manufacturing method. Only an external oxide layer is present in pure nickel (PC and 
PR, see Figs. 3a–d), whereas in commercial purity Ni, a duplex oxide layer is formed (see Figs. 3e, 3f and 5) 
with an external columnar structure corresponding to outward diffusion of nickel and an inner part 
composed of equiaxed oxide grains due to inward penetration of oxygen. 

 

 

 

Fig. 4.Oxygen map of particles in internal 
oxidation zone of commercial purity Ni 
oxidized for 3h at 1050 ºC 

 Fig.5. Orientation map of duplex oxide layer in 
commercial purity Ni oxidized for 3h at 
1050 ºC  

6.  CONCLUSIONS 

The effect of GBCD on the high-temperature intergranular oxidation at 1050 ºC in nickel has been 
investigated. The main findings are: 

1. an increase in the frequency of low Σ CSL boundaries does not improve the resistance of all tested 
nickel samples to intergranular high-temperature corrosion, as was verified by the observations of 
the cross-section of oxidized samples by SEM 

2. analyzing the cross-sections of oxidized samples, there is no significant effect of pre-annealing at 800 
ºC/26h on corrosion resistance of nickel samples   

3. the main difference between pure and impure specimens was in the structure of oxide layer: simple 
oxide layer was present in pure Ni samples while the duplex oxide layer was observed in Ni of 
commercial purity  

4. annealing twins were not oxidized in cold-rolled pure Ni and even in internal oxidation zone in cold-
rolled Ni of commercial purity 

5. the internal-oxidation depth at the grain boundaries and in the grain interior is roughly the same in 
the cold-rolled Ni of commercial purity. 

Finally it can be said that mainly the nickel purity and also the manufacturing method influence the 
corrosion behavior more than the variations in the proportion of special boundaries.  
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ABSTRACT 

In this paper, the influence of processing conditions (annealing atmosphere and temperature) on grain 
growth and microstructure evolution in nickel of two purity grades (99.5% and 99.9945%) was investigated. 
As regards pure nickel, the kinetic and thermodynamic parameters describing grain growth and the 
resulting evolution of twins during annealing in argon at 600–1100 °C has been studied and compared with 
the literature data. By the help of cross-sections of commercial purity nickel after annealing in air and/or 
argon, the effect of environment on grain growth was explained in relation to the depth of internal 
oxidation zone. 

Keywords: grain growth (GG), grain boundary character distribution (GBCD), coincidence side lattice (CSL) 

 

1. INTRODUCTION 

In the literature, the effects of various processing parameters on the gain in special boundaries such as 
percent reduction in thickness by cold rolling, annealing temperature and time, and number of cycles were 
extensively studied in recent years.  

In the present work, the influence of a commonly neglected processing parameter - annealing environment 
- on grain growth (GG) and twin evolution in nickel is investigated. As regards the material-environment 
interactions, purity of the test samples is another factor that cannot be ignored, since the presence of 
impurities with a strong affinity to oxygen can fundamentally change the material behavior during heat 
treatment in air. It is also the intent of the present work to monitor the evolution of the grain boundary 
character distribution (GBCD) during recrystallization and GG in the commercial purity nickel as a 
representative of the wide range of nickel-based industrial alloys. Thus, the overall scope of this paper is to 
increase understanding of the impact of environment on microstructure and grain size evolution. In the 
preceding meeting [1], we presented a detailed study of GG phenomena in commercial purity nickel after 
annealing in argon atmosphere in comparison with the corresponding literature data on annealing in air [2].  

This study is also focused on the more detailed explanation of the role of the environment in grain growth 
and twin evolution in nickel of two purity grades after thermal treatment at various temperatures. 

 

2. THEORY 

For the evaluation of the kinetic and thermodynamic characteristics of grain growth, we followed the same 
procedure as in our previous work [1]. In the case of the parabolic GG, the following relation holds 

)/exp(2

0

2
RTEktdd −=− , (1) 

where d is the grain size after annealing at temperature T and during time t, d0 is the initial grain size, k is a 
constant, E is the activation energy of grain growth and R is the universal gas constant. By comparing E with 
the activation energies of the various diffusion processes, one can determine the major process controlling 
the grain growth. 

A wide variety of material properties can be achieved by suitable modification of the microstructure 
through thermo-mechanical treatment, as was first suggested by Watanabe [3]. This process is referred to 
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as grain boundary engineering (GBE). GBE is based on increasing fraction of special grain boundaries 
(coincidence side lattice (CSL) boundaries) with low energy, which may improve the engineering 
performance of the material. In the CSL framework, grain boundaries are classified by a Σ value, which gives 
the reciprocal number density of lattice points that are coincident in the two adjacent grains.  

The ductility of nickel and nickel-base superalloys is severely reduced by intergranular penetration of 
oxygen at elevated temperatures. The morphology of the oxide scales notably differs according to the 
purity of the nickel. Formation of compact simplex layer was observed for pure nickel [4]. Hovewer, NiO 
duplex microstructure was observed also on high purity nickel foils annealed in laboratory air [6]. For 
commercial purity nickel, a duplex structure was observed with an outer columnar layer and an inner layer 
made of equiaxial grains [5]. Under the oxide layers, internal oxidation is observed in the bulk of nickel 
grains and especially along grain boundaries. Analogous to grain growth (Eq. (1)), a parabolic dependence 
holds for the depth of internal oxidation ξ 

)/exp(2 RTEkt −=ξ , (2) 

where ξ is the distance of the front of internal oxidation from the original location of the metal surface, k is 
a constant, E is the activation energy of oxygen diffusion and R is the universal gas constant. 

 

3. EXPERIMENTAL 

3.1  Sample preparation 

The coin-shaped samples were spark cut (diameter 10mm) from the 99.9945% (Puratronic®) and 99.5% 
cold-rolled nickel foils 2 mm thick. One flat surface of each specimen was ground on silicon carbide laps, 
then polished successively on diamond paste laps to a 1 μm finish and finally cleaned in an ultrasonic bath 
filled in turn with ethanol, acetone and chloroform (p. a. purity grade).  

Subsequently, the first set of samples was wrapped in tantalum foil and then encapsulated in argon (4N 
purity) filled quartz tubes prior to the heat treatment at temperatures 600–1100 °C. The argon-annealed 
samples were found to be bright and shiny and showed a well-defined microstructure as a result of thermal 
etching.  Mostly, the direct EBSD measurement was possible. If not, an electrolytic etching was applied in 
order to remove the surface layer.  

The second set of samples was subjected to annealing in open quartz tubes (i. e. in laboratory air) at 
temperatures 900–1050 °C. After three hour annealing, both pure samples and samples of commercial 
purity were found to be covered by an oxidic layer. Samples were then transversely spark cut into two parts 
and their cross-sections were metallographically treated. To create a sharp edge required for EBSD 
measurement, a cross section perpendicular to the surface of a specimen was sputtered by a Jeol SM-
09010 Cross Section Polisher (5.5kV/5h). 

 

3.2  EBSD measurements 

For evaluation of GBCD, a Jeol JSM 6460 scanning electron microscope with Oxford Instruments Inca Crystal 
EBSD analyzer was used. The obtained data were further analyzed in terms of the CSL model. All detected 
boundaries were categorized as follows: (i) low angle boundaries (4.8° ≤ angle ≤ 15°, often referred to as Σ1 
type boundaries), (ii) CSL boundaries (3 ≤ Σ ≤ 29), (iii) frequently occurring twin boundaries with Σ=3 as a 
special case or, if none of these, as (iv) random boundaries. From the grain size evaluation by means of 
standard software, all Σ1 GBs were excluded.  

 

 

 



Symposium E  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 475

4. RESULTS AND DISCUSSION 

4.1  Grain growth – influence of purity 

Using Eq. (1) and the values presented in Table 1, a combined thermodynamic/kinetic expression for grain 
growth in cold-rolled 99.9945% Puratronic® nickel was derived 

)/9.173exp(10484.2 152

0

2
RTmolkJtdd

−−×=− [m2]. (3) 

In Eq. (1), the initial grain size d0 = 35 μm was used (see Table 1). This corresponds to the lowest value in 
the temperature interval 600–800 °C so that it well describes the grain size after recrystallization but, at the 
same time, currently below the temperature of grain growth. A comparison of this result with our 
previously published data on grain growth in commercial purity nickel [1] is shown in Fig. 1.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

The estimated activation energy (E = 173.9 kJ mol-1) for grain growth in 4N5 Ni is found to be considerably 
lower than that presented in [1] for 2N5 Ni (285.5 kJ mol-1) or in [7] for 2N3 Ni (283.7 kJ mol-1). The latter 
two values well corresponds to the activation energy for volume self-diffusion in Ni (280–290 kJ mol-1, for 
details see [8]). Concerning this work, a lower value of activation energy (173.9 kJ mol-1) in the case of 4N5 
Ni suggests an interface diffusion controlled process, as has been also observed in [7] (143.5 kJ mol-1) for 4N 
Ni and in [9] (63 kJ mol-1) for 5N Ni.  

 Respecting the grain boundary self-diffusivity in nickel, a broad spectrum of published data exists in the 
literature [8]. Activation enthalpy varies from 115 kJ mol-1 [10] to 187 kJ mol-1 [11], thus a high scatter in 
grain growth activation energies is not surprising in the case of pure nickel. On the other hand, enthalpies 
lower than 70 kJ mol-1 [8] seems to be associated with surface diffusion. 

In summary, it can be concluded that grain growth in nickel of commercial purity is commonly controlled by 
diffusion in bulk in contrast to the pure nickel, where some type of interface diffusion operates. 

 

4.2  Grain growth – influence of environment 

In order to reveal the effect of environment on grain growth in cold-rolled nickel of commercial purity, two 

Table 1. Grain size after various anneals of 
99.9945% Puratronic® nickel 
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1100 1000 900

temperature [°C]

literature data [9]
99.999% Ni
99.5% Ni

this work
99.9945% Ni
99.5% Ni [1]

 

annealing 
grain 
size 

temperature 
[°C] 

t 
[ks] 

d 
[μm] 

1100 10.8 257 

1000 10.8 144 

950 10.8 106 

as-received – 77 

700 500.4 35 = d0 

 

            Fig 1.Comparison of grain growth in pure            
                     and commercial nickel 
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specimens were annealed in an open air and argon atmospheres at 1050 °C for three hours. The transversal 
cross-sections of both samples were analyzed by EBSD orientation mapping (see Figs 3 and 4). 

In order to obtain a qualitative estimation of grain size in various distances from the original location of the 
metal surface, an enumeration of the random grain boundary intersections with the lines parallel to the 
surface (see Figs 3 and 4) was carried out. The results are summarized in Table 2. 

 

Table 2. The number of intersections of random GBs with lines at various depths under surface and the 
estimated grain sizes for 99.5% Ni annealed in air and/or Ar 

depth under surface [μm] 10 20 30 40 50 60 70 80 90 100 
air intersections 22 16 7 6 6 4 4 4 4 4 

grain size [μm] 39 53 121 142 142 213 213 213 213 213 
Ar intersections 5 5 6 6 6 6 5 5 5 5 

grain size [μm] 233 233 194 194 194 194 233 233 233 233 

 

The results of the approximate estimation of the grain size after annealing at temperature are presented in 
Figs 5 and 6. It is quite evident that the air-annealed sample shows the persistent increase in grain size to 
213 μm until about 60 μm below sample surface, whereas grain size at larger depths is almost constant. 
This depth roughly corresponds to the distance of the front of internal oxidation from the metal surface ξ (ξ 
= 70 μm at 1050 °C, see Table 3 and Figs 7 and 8). In Fig. 5, the zone of internal oxidation is highlighted by 
an “precipitate” pattern style. 

By contrast, the grain size in argon-annealed sample is approximately constant; the mean is 217 μm (see 
the dashed line in Fig. 5).  

In conclusion, both these values of grain size well correspond to our results published previously [1] – see 
the black cross and the red triangle (labeled by “≥ 60 μm“) close to the solid line in Fig.6.  

Fig. 6 shows also the comparison of our data with the analogous results related to grain growth in 99.5% Ni 
annealed for 6 h in air [2]. However, contrary to our results, the growth follows a sigmoid (S-shaped curve) 
– for details see [1]. It is worth to note that the curve looks linear in the middle part (about 950 °C) and, in 
this part, it follows roughly the Arrhenius dependence of grain growth recalculated from [1] for six hours 
(see the dashed line in Fig. 6). At higher temperatures, grain growth seems to be being impeded by some 
obstacles. 

On the basis of the results presented above and by comparing the depth of internal oxidation with the 
depth of an appearance of the constant grain size in air-annealed sample, one can speculate that the 
obstacles mentioned above are, with a high probability, the oxide particles present in the internal oxidation 
zone (see Fig 7). 

Finally, it should be pointed out that the grain size in air-annealed 99.5% nickel increases from the surface 
towards bulk within the zone of internal oxidation. Below this zone, the grain size is constant and agrees 
well with that in Ar-annealed 99.5 % nickel. The activation energy of internal oxidation 308.8 kJ mol-1 (see 
Fig. 8) well corresponds with that of the volume diffusion of oxygen in nickel (301.4 and 309.4 kJ mol-1 in 
[12] and [13], respectively). 
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Fig. 5.Dependencies of grain size on distance 
from sample surface of 99.5% Ni after 
annealing at 1050 °C in air (solid line 
serves merely to guide the eye) and Ar 
(dashed line indicates the mean grain 
size)  

 Fig. 6. Dependencies of grain size in 99.5% Ni on 
temperature, ambient atmosphere and 
distance from sample surface (see labeling 
near red triangles) in comparison with the 
literature 

Fig. 8. Dependence of the depth ξ of internal 
oxidation on the annealing temperature (t = 3h). 
Note, that the original surface was located between A 
and B layers (see Fig. 9) 

 

Table 3. The depth ξ of internal oxidation after anneals at various temperatures for 3h 

temperature [°C] 900 950 1000 1050 

Fig. 7. Light micrograph of a cross-section of 99.5% 
Ni air-annealed at 1050 °C/3h.  
A: external oxide layer  
B: internal oxide layer  
C: internal oxidation zone 
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distance ξ [μm] 11.4 23.5 40.0 70.0 

4.3  GBCD – influence of purity 

The results of EBSD studies on the GBCD in pure nickel are presented in Table 4 and in Fig. 11 in comparison 
with our previously published data [1] and with data from the literature [2], both concerning 99.5% Ni. Fig. 
11 shows the dependence of the fraction of Σ3 GBs and effective Σ3 GBs (for method of evaluation, see [1]) 
on reciprocal temperature in pure Ni after anneals in Ar (this work) and air ([1] and [2]). It stands to reason 
that the proportion of both types of GBs in pure Ni is more balanced in whole temperature range than in 
the case of commercial purity Ni and there are more effective twins in pure Ni at high temperatures. 

 

Table 4.Measured data on GBCD and calculated fraction of effective Σ3 GBs 

Fig. 11. The proportion of Σ3 GBs and    
effective Σ3 GBs in nickel 

 

At the same time, there are more effective twins in pure Ni at higher temperatures. A hindrance of the 
mechanism of twin formation by impurities can be a possible explanation. 

 

5. CONCLUSIONS 

 Our results can be summarized as follows: 

[1] Grain growth in 99.5% nickel is commonly controlled by diffusion in bulk in contrast to the pure 
nickel, where some type of interface diffusion operates. 

[2] Grain size in air-annealed 99.5% nickel increases from the surface towards bulk metal within the zone 
of internal oxidation. Below this zone, the grain size is constant and corresponds to that in argon-
annealed 99.5 % nickel. 

[3] Proportion of the Σ3 GBs and the effective Σ3 GBs after annealing of pure nickel is less affected by 
temperature than in 99.5% nickel. A possible explanation can be the hindrance of twin formation by 
impurities. 

 

annealing 
fraction of GBs [%] 

measured calc. 

temp. 
[°C] 

T [ks] Σ1 
all 
Σ3 

Σ9 Σ27 random 
effectiv

e Σ3 

1100 10.8 3.9 53.1 2.4 0.6 40.6 22.7 

1050 10.8 4.7 42.5 4.4 1.7 47.7 31.2 

1000 10.8 2.1 47.0 3.0 1.0 46.0 26.1 

950 10.8 1.9 42.6 3.9 1.3 50.0 29.5 

900 10.8 2.3 46.7 3.1 1.3 58.5 27.2 

800 93.6 1.2 46.2 4.9 3.1 45.4 36.0 

700 500.4 2.5 39.8 2.5 0.6 54.0 23.1 

600 669.6 1.6 47.0 4.8 2.1 43.2 33.6 
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ABSTRACT 

In this paper, the iron-based alloy was studied that is perspective for preparation of bulk metallic glass. The 
nominal composition of investigated material is given by the formula Fe56Co7Zr10Mo5W2B15. Two casting 
techniques were applied: (i) conventional casting into a copper mould in the induction furnace and (ii) 
casting in the arc furnace in the copper mould. In the first case, the diameter of the ingot was about 11 
mm. In the second case, the special two-parts copper moulds differing in diameters of the casting inlet hole 
(3 and 1 mm, respectively) were used. The microstructure of alloys prepared by both techniques was 
studied using the light optical microscopy, SEM (Scanning Electron Microscopy) and XRD (X-ray diffraction). 
The material prepared by the first technique (conventional mould casting) shows polycrystalline 
microstructure with very fine crystallites in the amorphous matrix. The samples prepared by the second 
technique had a needle-like form – the diameter of ingots was given by the diameter of the inlet-casting 
hole. When the mould inlet hole 3 mm in diameter was used, the material had similar microstructure as 
that prepared by the convention casting in the induction furnace. Arc melting using the mould inlet hole 1 
mm in diameter, however, led to a structure with very low number of fine crystallites. The X-ray spectrum 
taken in the latter case have shown several peaks revealing certain amount of -Fe and crystallized FexMoy 
solid solution. 

 

1. INTRODUCTION 

Metallic glasses (MG) represent technologically very interesting group of materials that was intensively 
investigated in the last decades [1]. Due to an absence of microstructural features like grain or phase 
boundaries and related properties (e.g. segregation) that are typical for crystalline materials, MG exhibit 
excellent properties as high yield strength [2], advantageous soft [3] and hard magnetic [4] properties, high 
corrosion resistance [5], biocompatibility [6], etc. On the other side, there are several limiting factors: high 
cost of components and processing, brittleness, instability above Tx (Tx stands for temperature of 
crystallization), etc. 

Nevertheless, they have high application potential in industry. Due to the excellent magnetic properties 
(above all Fe-base MG), they are used in transformers, power suppliers, magnetic sensors, etc. [7]. There 
are also several, actual and potential, applications of MG as structural materials, e.g. scalpel or knife edges, 
parts of the sport goods, information storage media, application in fashion industry or in microelectronics 
[6]. 

The MG are usually prepared by fast cooling of an alloy melt through so-called glass transition 
characterized by glass transition temperature Tg. The typical critical cooling rate Rc of MG is in order 106 K s-

1. So prepared glasses are called conventional metallic glasses (CMG). The first one was prepared by 
Klement et al. in 1960 [8]. The authors presented metallic glass made from an Au-Si melts by rapid cooling. 
In the following years, the experimental techniques for preparation of the CMG like, e.g. melt spinning or 
planar flow casting were developed. These techniques make possible to produce CMG in form of thin 
ribbons or sheets (< 100 m). If we take a temperature-time transformation diagram for crystallization (TTT 
diagram), then the typical time scale of a crystallization nose of CMG lies in the interval 0.1 – 1 ms. 

However at the beginning of 90’s of the 20th century, a big number of new so-called bulk metallic glasses 
(BMG) were synthesized in the various alloys systems, see in [9-14]. The much slower cooling rate is 
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sufficient for preparation of BMG than for CMG; typical Rc is from interval 1-103 K s-1 and the crystallization 
TTT diagram of BMG has the tip of the nose in the range 1 – 100 s or more. This fact allows producing BMG 
in form of cylindrical rods with diameter from 1 mm up to 25 mm by conventional casting methods. Some 
multicomponent alloys have excellent glass-forming ability (GFA) comparable with oxide glasses. 

The CMG are typical Fe-, Co- or Ni-based systems. They include well-known FINEMET, NANOPERM, 
VITROPERM or HITPERM family-type alloys based on Fe, Co-Zr or Ni-Zr systems, respectively. On the other 
hand, the BMG show a wide group of systems of Mg-, Ln-, Zr-, Ti-, Pd-, Pt-, Cu- and also Fe-, Co- or Ni-based 
alloys. There are three empirical rules for BMG alloys: (i) The system consists of more then 3 elements; (ii) 
The atomic size of main three constituent elements differs more than 12%-ly; and (iii) there is negative heat 
of mixing among the main elements. The detailed classification of BMG based on these rules was detailed 
made by Inoue [15]. The new classification based on atomic size difference, heat of mixing and period of 
constituent element was proposed by Takeuchi and Inoue [16] in 2005. According to the authors, this 
classification is important above all for further development a prediction of new BMG alloys. 

Although the preparation and design of new MG accomplished high perfection, but a large number of 
possible combinations of the constituent elements could be taken into account. Therefore, the selection of 
suitable system, the optimization of casting process, etc., gain an importance for next investigation. 
Further, both CMG and BMG as cast have amorphous structure and therefore they are thermodynamically 
instable. There are two features that characterize this instability: (i) MG can crystallize and (ii) the 
properties of MG may depend obviously on the thermal history of material. 

In general, the annealing of glass above crystallization temperature Tx results in transformation to one or 
more phases. However, in the case of CMG, crystallization can occur before Tg, since Tg is close to Tx. 
Whereas BMG has Tx more or less higher than Tg and therefore can be annealed for some time in so-called 
supercooled liquid state (SLS) without crystallization.  

There are several methods to study crystallization and identification of phases in MG. The most frequently 
used are Differential Scanning Calorimetry (DSC), Mössbauer Spectroscopy (MS), microscopic methods like 
SEM and TEM or X-ray analysis, etc. The crystallization in MG was intensively investigated in last decades. 
The short list of publication is below, for CMG see in [16-23] and for BMG in [24-29]. Several types of 
phases were observed by crystallization. Fro example, the -Fe precipitates in rest amorphous phase are 
typical for NANOPERM alloys [16-19,22]. On the other hand, the recrystallized FINEMET alloys contain 
typically Fe3Si phase [19,21]. The size of precipitates is in nanometers; therefore these amorphous alloys 
serve as precursors for preparing of nanocrystalline materials. 

When the glass is annealed below the glass transformation temperature (T <Tg), its structure and properties 
like density, Young’s modulus, enthalpy, electric resistivity, magnetic anisotropy, Curie temperature, 
positron lifetime, diffusivity, etc. may change due to a process called structural relaxation. This process is 
connected with local atomic rearrangements and decreasing of free volume and the glass changes from a 
less stable to a more stable, but still metastable state. The first investigation on influence of the structural 
relaxations on various properties MG was published by Chen [30]. Influence of structure relaxation is 
expressive, for example, in the case of diffusion. Rapid decreasing of diffusion coefficient was observed in 
metallic glasses isothermal annealed for various time, see e.g. in [31,32]. An example of changes in 
magnetic properties caused by structural relaxation was observed e.g. in [33]. Therefore, it should be paid 
attention to the thermal treatment of the glasses before the experimental measurements itself. 

A number of open questions remain in the field of MG, contrary to the fact that a lot of effort has been 
devoted the problem, as can be seen form above introduction. Therefore, the present paper reports on 
preparation of selected Fe-based alloy Fe56Co7Mo5W2Zr10B5 as bulk metallic glass. The microstructure of the 
so prepared alloy was studied by light optical microscopy, SEM and XRD. 
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2. EXPERIMENTAL 

2.1  Selection of suitable composition 

The selection of an experimental composition was based on known literature data on preparation of Fe-
base bulk metallic glasses (see Table 1).  

 

Table 1 Candidates for experimental alloys. (dmax – maximal diameter of an ingot, Tg – glass transition 
temperature, Tx = Tx - Tg – interval of supercooled liquid state) 

Alloy dmax [mm] Tg [K (°C)] Tx Reference 

Fe41Co7Cr15Mo14C15B6Y2 16 838 (565) 38 [34] 

Fe48Cr15Mo14Er2C15B6 12 843 (570) 70 [35] 

Fe68Mo4Y6B22 6.5 915 (642) 29 [36] 

Fe56Co7Zr10Mo5W2B15 6 898 (625) 64 [37] 

Fe69Mo3Y6B22 6 908 (635) 50 [36] 

Fe43Cr16Mo16C15B8Sm2 5 875 (602) 75 [38] 

Fe43Cr16Mo16C15B6Sm4 5 836 (563) 59 [38] 

[(Fe0.5Co0.5)0.75B0.2Si0.05]96Nb4 5 820 (547) 50 [39] 

Fe50Mn10Mo14Cr4C16B6 4 803-823 (530-550) 45-55 [40] 

Fe49Mn10Mo14Cr4W1C16B6 4 803-823 (530-550) 45-55 [40] 

Fe51Mn10Mo14Cr4C16B6 4 803-823 (530-550) 45-55 [40] 

The following criterions were applied: 

1. The maximal value of dmax – the usual diameter of the diffusion samples is about 10 mm. 

2. The maximal value of Tx – the possibility to study of diffusion behavior in wide temperature interval 
of the supecooled liquid state 

3. The price of pure elements 

The alloy with Fe56Co7Zr10Mo5W2B15 compositions was chosen as the best candidate. 

 

2.2  Specimen preparation 

The experimental alloy was prepared from pure metals and Fe-B master alloy. Two casting techniques were 
used: (i) conventional casting in the induction furnace and (ii) casting in the arc furnace. In the first case, 
the initial charge was melted in the induction furnace Balzers under the argon atmosphere. Then the melt 
was cast into a copper mould with inner diameter about 11 mm (alloy A). This alloy was afterward remelted 

Fig. 1. Light optical micrograph of as 

cast alloy A. 

Fig. 2. SEM micrograph of as cast 

alloy A (BSE mode). 
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again in the same way and cast into bit smaller inner diameter (about 10) mm (alloy B) to improve 
homogeneity of master alloy. In the second case, the small part of previously prepared alloy was remelted 
in the arc furnace MAM 1 Edmund Bühler GmbH (alloy C). Here, the special two-parts copper mould was 
used. The casting inlet holes were 3 and 1 mm, respectively. 

The specimens of alloy A and B were cut from the ingot using spark erosion. The specimen of alloy C had to 
be sealed into special plastic resin (Dentacryl) due to small ingot diameters. The surface of the specimens 
was polished using standard metallographic methods. The OP-S suspension was used in the final stage. 
Then, the specimens were etched with 0.5 vol.% water solution of hydrofluoric acid in duration of 5 s. 

Fig. 3. Light optical micrograph of 

alloy B. 
Fig. 4. SEM micrograph of alloy B 

(BSE mode). 

Fig. 5. Light optical micrograph of 

alloy C (d = 3 mm). 

Fig. 7. Light optical micrograph of 

alloy C (d = 1 mm). 

Fig. 6. SEM micrograph of alloy C (d 

= 3 mm, BSE mode). 

Fig. 8. SEM micrograph of alloy C (d 

= 1 mm, BSE mode). 
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So prepared specimens were subject to the microstructural 
observation using light optical microscopy, SEM and XRD. 

 

3. RESULTS AND DISCUSSION 

The microstructure of alloys A, B and C prepared by several 
casting methods is shown in Figs. 1-9. 

 

3.1 Alloy A and B 

As can be seen in Figs. 1 and 2, alloy A has polycrystalline 
structure. After remelting under same conditions (alloy B), the 
light optical images (Fig. 1 and 3) do not show any significant 

difference in microstructure between alloy A and B. In the case SEM micrographs, one can see finer 
structure of with crystallites in probably amorphous matrix in alloy B (Fig. 4). 

 

3.2  Alloy C 

In the case of alloy C, the optical observation has been always done in a place of diameter reduction of 3 
and 1 mm casting inlet hole. As can be seen in Figs. 5 and 6, the microstructure of alloy C (d = 3 mm) is very 
similar to alloy A and B. Although, it seems that amount of fine particles in alloy C is lower than in alloy B 
(Fig. 4). The Fig. 7 and 8 show the case of smaller diameter. The fine particles were presented very rarely 
and it was not ever observed in SEM micrograph. 

In the next step, cooling was improved in arc furnace in order to achieve higher cooling rate. The original 
system was designed so that an electrode was cooled first and then cooling medium was led to copper 
mould. However, the microstructure was principally same as that of alloy again with fine particles, but 
some parts of the specimen were free of particles. 

We applied XRD measurement to specimen. The recorded spectrum is shown in Fig. 10. As can be seen, the 
upper spectrum shows several peaks, which correspond to certain amount of -Fe particles and crystallized 
FexMoy solid solution. One can suppose that better result might be achieved with even higher cooling rate. 

As other possibility, it seems to be alloying with small 
amount of yttrium, which is element effectively increasing 
glass forming ability. 

 

4.  SUMMARY 

In the present paper, the Fe-based alloy was prepared by 
two casting methods. The microstructure was studied by 
light optical microscopy, SEM and XRD. Observed 
microstructure was polycrystalline with fine particles in 
matrix. 
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Fig. 10. XRD spectrum of alloy C 

specimen (improved cooling). 

Fig. 9. SEM micrograph of alloy C (d = 

3 mm, BSE mode, improved cooling). 
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ABSTRACT 

Hall-Petch relation for the yield stress as well as evolution of Cu microstructure after severe plastic 
deformation (SPD) realized by the method of the equal channel angular pressing (ECAP) are analyzed. On 
the basis of the experimental results and analyses the different mechanisms of plastic deformation 
generation for coarse grain and nanograin structures were identified.  A final grain size decreased from the 
initial 50 μm to 100-300 nm after ten ECAP passes. Increase and deflection of the yield stress point were 
explained by the dislocation and diffusion theory and grain boundary sliding. 

Keywords: severe plastic deformation (SPD), equal channel angular pressing (ECAP) 

 

1. INTRODUCTION 

Recently, large attention is devoted to the research and development of nanostructured materials. These 
materials with unique microstructure and   grain size less than 100 nanometres (in one direction of 3D) 
have good physical and mechanical properties. The outstanding mechanical properties (superstrength, 
superhardness, enhanced tribological characteristics, enhanced tensile ductility and superplasticity) are of 
special importance. Several different methods for preparing of nanomaterials are elaborated, some of 
them based on powder metallurgy technique [1-5].  Residual porosity, pollution of the material system and 
grain coarsening are the problems that are unresolved satisfactorily up to now.  These negatives can be 
eliminated by severe plastic deformations (SPD) using the method of the equal channel angular pressing 
(ECAP) where the experimental material is pressed in a special matrix through a special die consisting of 
two equal channels at the angle of 90°. The formation of high angle nanograins with the specific 
substructure of lattice and grain boundary  dislocations is studied intensively and  analyzed on models and 
real material systems, too [6-15].     

The analysis of the yield stress point in relation to the evolution of nanostructure by SPD of copper  using 
the ECAP method is the aim of this study. 

 

2. EXPERIMENTAL MATERIAL AND TESTING METHODS 

A pure conventional copper (99.9%) of the grain size ~ 50 μm was used 
like the initial material. Cu bars of Ф 10 x 70 mm were pressed in the 
ECAP hydraulic equipment at room temperature with the maximum 
power of cca 1 MN (Fig.1).  Then static tensile test, hardness 
measurement, metallographic and TEM analyses have been carried out 
on the starting material as well as on ECAP-ed specimens. 

 

Fig.1. Scheme of ECAP 
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3. RESULTS AND DISCUSSION 

Mechanical properties as well as grain size of the initial Cu material are listed in Table 1. Cu is coarse 
grained  with the middle grain size of ~ 50 μm and low yield stress and strength point  but excellent 
reduction in area (65%). 

 

Tab.1.  Mechanical and plastic properties of initial Cu material   

Rp 0.2 [MPa] Rm [MPa] A5 [%]  Z [%] HV dz [μm] 
270 275 13 65 112 50 

 

 

 

Fig.2.  Microstructure of the  initial             Fig.3.     Dependence of the grain size on the  
           Cu material                                                 ECAP passes   

 

The grain microstructure of the initial material observed by light microscopy is shown in Fig.2. Grains are 
polygonal and homogeneous. The grain size decreases with number of passes, Fig.3. Despite of a specimen 
rotation at plastic deformation process in ECAP, the microstructure is heterogeneous, and the grains are 
partially elongated in the pressing direction.  Grains after the maximum plastic deformation (10 passes) are 
already at the limit of the optical metallographic resolution; the mean grain size is < 1 μm. In order to 
estimate the grain size more accurately and to explain the grain formation during subsequent passes, thin 
foils from the neck area of the fractured specimens were prepared. The mean grain size after 10 passes has 

been  estimated cca 100 – 300 nm, Fig. 4,  [6]. The mechanism of 
forming grains with high angle boundaries is supposed to be by 
the forming of a cellular structure, and subgrains forming, which 
are transformed with increasing deformation into nanograins 
with high angle random orientation. 

 

 

 

Fig. 4  

Nanograins with high angle random orientation 
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It is known, that grain boundaries in metal systems play role of obstacles  to the movement of dislocations 
and influence the yield point stress – the limit of  the conventional plastic deformation.  It is described by 
Hall-Petch equation, i. e. the relation between the yield stress point  and the grain size:      

 σy = σo   + k d -1/2  ,            (1)                     

where σy  is the yield stress for a polycrystal, σo is the yield stress for a single crystal or a polycrystal with an 
infinitely large grain size, d is the average grain size, and k is the  Hall-Petch parameter.  

Fig. 5 shows three different areas depending on the orientation of curves, [16]:  

- relevance of Hall-Petch equation is in the range from monocrystal to the grain size  of 1 μm,  an 
exponent n has the value from -0.5 to 1. 

- Hall-Petch equation  is relevant, e. i. with the decreasing grain size  the yield stress increases, but not 
so intensive as in the previous case, whereby n < -0.5 ; the equation is relevant in the grain size range 
from 1 to 100 nm, 

- Hall-Petch equation loses its relevance, e. i. with the grain size decreasing  the  decrease of the yield 
stress occurs; a slope of straight line change occurs and the exponent  can change its value,  whereby 
the grain size is ≤ 10 nm and has extremely high volume fraction of grain boundaries over 50 %.  

 

 

 

 

 

 

 

 

 

 

Fig. 5 Microstructure classification 

 

It has been established in [17] that  for some pure metals the k coefficient decreases with the grain 
refinement, and for copper it passes through zero and even takes on a negative value.  Kozlov  [18] 
analyzed behaviour of the k parameter as a function of the grain size for Fe, Cu, Al, Ni a Ti and he  stated 
that the k parameter  has  the smallest value for  fcc metals.  The coefficient k decreases rapidly as d 
approaches 10 nm. The behaviour of the k governed largely  by the grain boundary sliding i.e. the 
properties of metals with the different crystal lattices  match closely at high grain boundary densities. 
According to [19]  diffusion mechanism, shear mechanism and combined mechanism are the mechanisms 
contributing to the grain boundary sliding. The different kinds of grain boundary shear both of the diffusive 
and dislocation types dominate for the grain size in the range of 10 nm.  For a grain size of > 1μm, the 
dislocation mechanism prevails. The processes involved in deformation are correlated.  

 

  

~ 1 µm     30 µm     10 nm 

grain size [-]-1/2 

grain size [-] 

flo
w

 s
tr
es

s 

ultrafine grain nanosize grain 

coarse grain 

100 nm 10 nm   ~ 1 µm 



Symposium E  May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 491

Fig. 6  

Schematic representation of grain boundary 
sliding (GBS) accommodated by intergranular 
dislocation processes: GD is the gliding of the 
dislocations, MGB is the migrating grain 
boundary, DS is the dislocation sink, SD is the 
source of dislocations, and DC is the dislocation 
climb, [19]. 

 

Fig. 6 is a schematic representation of a 
polycrystal where the several intergranular 
processes are at work. Grain boundary sliding 
activates intergranular dislocation slip. The 

triple grain junctions are the sources of dislocations. The dislocation glide  in grains initiates absorption of 
dislocations by the opposite boundary, sliding along the boundary and migration of the boundary. It is 
necessary  to note that in fine grains ~ 10 nm, generation of dislocations is difficult and could be observed 
only in larger grains  ~ 100 nm on thin foils. 

According to Valiev et al  [8] at the grain size of 100 μm dislocations inside  the grains  were not observed, 
at grain size of 200 nm dislocations generated the cell substructure. It can be followed from these 
considerations that deformation mechanisms at the yield stress changed markedly e. i. shear dislocation 
mechanisms are replaced by combination of grain boundary mechanisms what causes a deflection of the k 
parameter in the Hall-Petch equation.   

The experimental dependence of Rp0.2 on dz
-1/2  for the  ECAP-ed copper  is shown in Fig. 7.  

 

 

 

 

Fig. 7  

Dependence of hardening expressed by the yield 
point  Rp0.2 on the grain size using the Hall-Petch 
equation 

 

It is evident, that the Rp0.2 has the increasing 
tendency in the range of the grain sizes what is 
consistent with the theoretical considerations. 
Related to the deformation mechanisms, gliding of  
dislocations and grain boundary sliding are applied.   

 

 

4. CONCLUSIONS 

The following conclusions have been stated from the obtained results:   

• Decrease of the average grain size from cca 50 μm to 100-300 nm with the increasing deformation by 
the method of ECAP  (after 10 passes of ECAP). 
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• The experimental dependence Rp0.2 versus dz
-1/2 for Cu after 10 passes of ECAP is in agreement with 

the theoretical considerations for the different grain sizes.  Gliding of dislocations and grain boundary 
sliding are feasible deformation mechanisms. 
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Abstract 

In the paper was discussed results of comparison analysis of experimental V(exp) and calculated 

(approximated) aV  of oxidation rate at the initial stage of annealing process. The samples were made as a 

flat discs dia 35 mm and l=10 mm of thickness in gravitational air flow condition in electrical furnace 
chamber. The samples were stored in furnace by 10, 20, 30, 40, 50, 60, 180, 360, 720, 1080, 1440 and 2880 
min. at temperatures 900, 950, 1000, 1050 and 1100 oC. The scale thickness were measured by means of 
micrometer screw, measuring both oxidized samples (with scale) and cores diameter after scale removing 
(mechanical and chemical). Performed analysis was shown that at initial stage of oxidation process appears 

considerable deviation of linear experimental oxidation rates expV  from approximated hyperbolical 

oxidation rates aV . 

Keywords: oxidation rate, air flow, furnace, analysis 

 

1.  INTRODUCTION 

About initial high oxidation rate of low carbon and low alloyed steels has decided thin oxidation layer, it 
hasn’t considerable influence on diffusion to core direction of oxidizers. Further initially intensive and then 
slow decreasing of oxidation rate of steel surface occurs as a effect of growth of porous layer FeO, laid close 
to the specimens core and decreasing of ferrous ions Fe2+ diffusion to the surface direction. Simultaneously 
due to equilibrium number of electrons delivered to the successive phase boundary follow reduction of 
Fe3O4 (magnetite) and Fe2O3 (hematite) what results of growth of  closed layer (wustite).In addition 
according to diffusion of Fe3+ ferrous ions, close to boundary scale – air follow growth of external closed 
layer of Fe2O3 (hematite) as a result of oxidation [1 and 2]. According to parabolic Tammann law, growth of 
scale thickness increases agreeable to parabolic dependence [3]: 

Ctkl p += 22    ,                                                                                                                                    (1) 

where: pk  - parabolic rate constant, C – integral constant, t  - time of oxidation. 

Oxidation rate pV  of steel surfaces is decreasing hyperbolic according to scale thickness growth [4]: 

l

k

dt

dl
V

p

p ==    ,                                                                                                                                    (2) 

The aim of performed analysis was comparison of experimental, expV and approximated pV  values of 

oxidation rate at the initial stage of annealing process. The samples where made as a flat discs, dia 35mm 
and thickness l=10mm in gravitational air flow condition in electrical furnace chamber at 900, 950, 1000, 
1050 i 1100 oC. 

 

 



               Session contribution set up       May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 495

2.  EXPERIMENT 

Comparison examination of experimental expV  and calculated (approximated) pV , values of oxidation rate 

at the initial stage annealing process was conducted on flat surfaces of samples. The samples where made 
as a discs dia 35mm and thickness l=10mm in gravitational air flow condition in electrical furnace chamber 
at temperatures ranges 900 – 1100 oC. Material of samples it was steel made in lab. condition which 
chemical composition can be seen in table 1. 

 

Table 1 Chemical composition of samples,  (5 measurements), 05.0=α  

Chemical composition, % C Cr Si Al Mn Ni P S 

Requirements of experiment 0.22 1.10 0.30 0.026 1.25 0.24 0.026 0.026 

Uncertainty of me an value  0.01 0.2 0.02 0.003 0.03 0.01 0.001 0.002 

Sample in the form of discs dia 35mm and thickness l=10mm were manufactured from steel bar dia 41mm 
and l=1500mm. Samples were grinded and polished by means of proper grinding and polishing discs and 
consumable materials. 

The samples were oxidized in vertical position and laid on special ceramic bases covered by fine silica sand. 
Samples were annealed in electrical furnace in gravitational air flow condition at temperatures 900, 950, 
1000, 1050 and 1100 oC with accuracy ± 2 oC. The samples were stored in furnace by 10, 20, 30, 40, 50, 60, 
180, 360, 720, 1060, 1440 and 2880 min. After oxidation, the samples were removed from furnace and 
cooled down in silica sand up to room temperature. Next samples were cleaned by means of compressed 
air thickness of samples and were measured at ten randomly chosen points. Measuring was done with 
0.01mm accuracy. After measuring the scales from these samples were mechanically cleaned and 
uncovered cores were etched with HCl and HNO3 solution (3:1 ratio) next samples were rinsed in distilled 
water and dryed in warm air and were measured again. Thickness of scales it is subtraction between 
samples thickness after oxidation and cleaning and etching. 

 

3.  RESULTS AND DISCUSSION 

Performed analysis was shown that scale thickness on the sample surfaces (dia 35mm, l=10mm) in 
gravitational air flow condition in electrical furnace chamber at temperatures 900, 950, 1000, 1050 and 
1100 oC increases parabolic, adequate from 0.024, 0.047, 0.088, 0.150 and 0.245mm up to 0.765, 1.425, 
2.531, 4.178 and 6.686mm due to increasing time of oxidation from 10 to 2880min. (Fig.1). 

On the contrary experimental oxidation rate expV : 

exp

exp

exp
2t

l
V =    ,                                                                                                                                       (3) 

where: expl  - experimental scale thickness and expt  - experimental time of flat sample oxidation (dia 35mm 

and l=10mm). 

Oxidation rate at temperatures 900, 950, 1000, 1050 and 1100 oC decreases intensively at initial stage, 
adequate from 0.000542, 0.000992, 0.001225, 0.002847 and 0.004625 [mm/min] due to scale thickness 
growth adequately from [mm/min] 0.024, 0.047, 0.088, 0.150 and 0.245mm after 10min. of oxidation 
period up to 0.195, 0.357, 0.620, 1.025 and 1.665mm after 180min of oxidation and then oxidation rate 
was slowly decreased to 0.000133, 0.000247, 0.000439, 0.000725 and 0.001161 [mm/min] according to 
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scale growth adequately to 0.765, 1.425, 2.531, 4.178 and 6.686mm after 2880min of oxidation period at 
temperatures 900, 950, 1000, 1050 and 1100 oC (Fig.2): 
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Fig.1 Growth of scale thickness on flat surface of samples (dia 35mm, l=10mm) oxidized in gravitational air 
flow condition in electrical furnace at temperatures: 1 – 900, 2 - 950, 3 – 1000, 4 – 1050 and 5 – 1100 
oC 
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Fig.2 Experimental oxidation rate ( )expV  as a function of scale thickness growth of flat surface of samples 

(dia 35mm, l=10mm) oxidized in gravitational air flow condition in electrical furnace at temperatures: 
1 – 900, 2 - 950, 3 – 1000, 4 – 1050 and 5 – 1100 oC 
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Performed approximation of experimental oxidation rates and regression analysis of six initial, 
experimental oxidation rates as a function of scale growth (Fig.2) have shown that approximated oxidation 

rates hV : 

L

k
V

p

h =    ,                                                                                                                                          (4) 

where: pk  - parabolic rate constant of oxidation are decreasing hyperbolic due to scale thickness growth 

from 0.024, 0.047, 0.088, 0.150 and 0.242mm after 10min. of oxidation period up to adequately 0.765, 
1.425, 2.531, 4.178 and 6.685mm after 2880min of oxidation period, properly at 900, 950, 1000 1050 and 
1100 oC (Fig.3): 
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Fig.3 Deviation of experimental oxidation rates 61

exp

−
V  from approximated hyperbolic function of oxidation 

rate, 1000
h

V  at initial stage of oxidation process. Samples with flat surface (dia 35mm, l=10mm) in 

gravitational air flow condition in electrical furnace at temp. 1000 oC 
 

On the contrary regression analysis of six beginning experimental oxidation rates have shown that at the 
initial stage of sample annealing process (dia 35, l=10mm) in gravitational air flow condition in electrical 
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furnace chamber, experimental rates of oxidation at temperatures 900, 950, 1000, 1050 and 1100 oC are 

linear decreasing r

lV : 

LtgVV r

l

r

l ⋅−= α0    ,                                                                                                                        (10) 

where: 0V  - conventional initial oxidation rate, r

ltgα  - regression constant with confidence level 

( )95.01 =−α  according to scale thickness growth adequately from 0.024, 0.047, 0.088, 0.150 and 0.242mm 

after 10min of oxidation period, up to 0.104, 0.200, 0.360, 0.578 and 0.923mm after 60 min. of oxidation 
period at temperatures, properly 900, 950, 1000, 1050 and 1100 oC (Fig.4): 
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Fig.4 Linear regression function of experimental oxidation rates, with confidence level ( )95.01 =−α  at 

initial stage of oxidation scale rate. Samples with flat surface (dia 35mm, l=10mm) in gravitational air 
flow condition in electrical furnace at temperatures: 1 - 900, 2 - 950, 3 – 1000, 4 - 1050 and 5 – 1100 
oC, r

l
V 1100  - linear regression function of experimental oxidation rate at initial stage of oxidation process 

at temperature 1100 oC in air atmosphere, 0V  and expV - properly conventional initial and 

experimental oxidation rate, ( )g
V  and ( )d

V  - upper and lower confidence limit 
 

4.  CONCLUSION 
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On the basis of performed comparison analysis of adequate experimental 
expV  and calculated 

(approximated) hV  oxidation rates of flat samples surfaces (dia 35mm, l=10mm) , annealed in gravitational 

air flow condition in electrical furnace chamber was stated considerable linear deviation of experimental 

oxidation rates, 
expV  (Fig.4) from calculated (approximated) oxidation rates hV   

(Eqs. 5 to 9, fig.3), i.e. from parabolic Tammann law (Fig5): 
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Fig.5  Deviation of experimental oxidation rates from approximated hyperbolic function of oxidation rate at 
initial stage of oxidation process. Samples with flat surface (dia 35mm, l=10mm) in gravitational air 

flow condition in electrical furnace at temp. 1000 oC ),( GG LV  - limit points of oxidation rate 
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Abstract 

Plasma (ion) nitriding is an extension of conventional nitriding processes. Metallurgically versatile, the 
process provides excellent dimensional control and retention of surface finish. Plasma nitriding can be 
conducted at temperatures lower than those conventionally employed. Plasma nitriding also achieves 
repetitive metallurgical results and complete control of the nitrided layers. This control results in superior 
fatigue performance, wear resistance, and hard layer ductility. 

In this study, Böhler TPKN 2204 PDR SBF inserts have been investigated using various nitriding parameters: 
nitriding time, temperature and the composition of gas mixture. The effects of process parameters were 
examined in terms of  hardness and thickness of the nitrided layer. The results have shown that the 
maximum hardness (at the edge of the specimen) could be achieved with 700 °C, 75 % H2 + 25 % N2 mixture 
and 2 hours process time combination. 

Keywords: nitrid, time temperature, substrate, gas mixture 

 

1. INTRODUCTION 

The bond structure in transition metal nitrides consists of a mixture of covalent, metallic and ionic 
components, and is responsible for high hardness, excellent wear resistance, chemical inertness, good 
electrical conductivity and superconducting properties. The interest in thin films of metal nitrides is growing 
rapidly for such diverse applications as wear resistant coatings on cutting tools, selective transmission 
coatings on architectural glass, and as diffusion barriers in integrated circuits.  

Surface engineering recently became a major way to improve cutting tools wear resistance and 
productivity. There are several ways of cutting tool surface engineering evolution. First one (and most 
commonly used) is a development of advanced PVD coating compositions. But application of an advanced 
coating for HSS tools cannot guarantee the optimal result without the special substrate surface treatment 
prior to the hard coating deposition. The surface treatment provides a hardening and load–support effect 
on the lower HSS substrate (FOX-RABINOVICH et al. 2001). 

One of the advanced methods of HSS cutting tools surface modification is the ion plasma surface 
treatment. The most widely used method of the type is ion nitriding. This method allows to increase HSS 
tool life at cutting by 1.3–1.5 times (FOX-RABINOVICH et al. 1996). 

Cutting tools made of HSS usually operate under conditions of intensive attrition wear, where seizure 
associated with build-up occurs at the work piece/cutting tool interface (KOSTETSKY et al. 1985, FOX-
RABINOVICH et al. 2004). 

In this study, ion nitriding parameters were examined to reveal optimal nitriding conditions originating 
from gas mixture, temperature and duration to extend service life. 
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2. EXPERIMENTAL PROCEDURE 

In this study, Böhler TPKN 2204 PDR SBF cutting tools supplied by Böhler (Böhler Sert Maden, Turkey) were 
used. Carbidic content of test parts were given in Table 1. 

 

Table 1. Carbide composition of cutting tools 

Chemical Composition (%) 
WC TaC TiC 

0.37 4.90 2.90 

Test parts were nitrided using different gas mixtures, nitriding temperatures and times. Details of process 
parameters were given in Table 2. 

 

Table 2. Plasma nitriding parameters 

Temperature (°C) Nitriding Duration (min) Gas Mixture (%, H2/N2) 

500 1 75/25 
500 2 75/25 
500 1 50/50 
500 2 50/50 
700 1 75/25 
700 2 75/25 
700 1 50/50 
700 2 50/50 

Plasma nitriding apparatus used in experiments was designed according to the schematic given in Figure 1. 

 

Fig 1. Schematics of plasma nitriding apparatus (ÖZDEMİR et al. 2003). 

 

After plasma nitriding process, test parts were cut cross-sectional and examined using Vicker’s Hardness 
method throughout the cutting surface. Surface then was polished with 3 m diamond paste and depth of 
nitrided layer was measured using optical microscope equipped with image analysis system (Leica DMRX). 
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3. RESULTS AND DISCUSSION 

The results obtained from hardness and nitrided layer measurements are exhibited in Table 3. Different 
nitriding time and temperature have resulted in dramatic change of hardness and depth of nitrided layer as 
well. The change in thickness of nitrided layer has reached values over 100% which will probably provide 
superior service life. 

 

Table 3. Test results of hardness and layer thickness measurements 

Temperature 
(°C) 

Nitriding Duration 
(min) 

Gas Mixture  
(%, H2/N2) 

Hardness 
(HV0.2) 

Depth of Nidrided 
Layer (m) 

500 

1 75/25 1616 35.7 
2 75/25 1677 50.7 
1 50/50 1598 43.5 
2 50/50 1658 61.9 

700 

1 75/25 1891 42,1 
2 75/25 2224 59,9 
1 50/50 1832 51.4 
2 50/50 2052 73.1 

 

This study have shown that the characteristics of nitrided layer could be modified in a wide range. Althouth 
the hardest nitraded layer was obtained at 700 °C, 75% H2+25% N2 gas mixture and 2 hours combination, 
the deeper nitraded layer was obtained at 700 °C, 50% H2+50% N2 gas mixture and 2 hours. These results 
are exhibiting properties that can be applied to different service conditions providing production economy 
due to the reduction of amount of H2 in gas mixture where depth of nitrided layer is more desirable 
compared to higher hardness. 
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Abstract 

Chemical vapour deposition (CVD), is a process where  by the surface properties of a metal or non-metal 
are altered by the generation of a layer with special chemical and physical properities.  This alteration  in 
surface properities is produced by subjecting the substrate materials to a single gas or a combination of 
gases at  elevated temperatures. One type of C.V.D. process is carried out in a heated retort and the 
chemical  reactions that occur are initiated in the space around or on the surface of the substrate.  

The ultimate properties of the coatings are further dependent on the nature and composition on the 
substrate. Therefore, in theory a vast number of substrate coating combinations is possible, each ultimately 
with its own set of physical and chemical characteristics. Due to over heating and granulation growth by 
recrystallization an acute decrease in the bending ultimate strength occurs. Under or decarburated 
materials also containing fragile phases η, feature poor ultimate strength . Hardness is affected by 
microporosity, granulation of WC phase, purity and composition, extent of homogenization of the liquid 
and carbons. The excessively high sintering temperature results in a lower density which further negatively 
affects the mechanical strength. The magnetic saturation increases with higher Co contents; it is worth 
mentioning that bigger grain alloys have a force considerably lower than that of fine grain ones. 

Keywords: Chemical vapour deposition (CVD), plates coating, phases 

 

1. INTRODUCTION 

The experiments conducted to obtain thin layer of carbure by the vapor chemical deposition method have 
followed an original path to make B4C directly in the working room thus avoiding the import of these 
hazardous substances. The BCl4 is obtained in the heat treatment chamber by adding chloride acid vapors 
passed over the incandescent pure borum. The B4C coated plates feature higher endurance capabilities 
than those uncoated for the same cutting speed both for steel and white cast iron. The experiments on the 
widia thin layer plates during cutting show that endurance increases by 3 to 5 times as compared with the 
uncoated plates endurance [1]. 

The widia plates coating with thin B4C layers entirely suppresses the inconveniences of a relatively rough 
topography of the common sinterized carbides while preserving the adequate material mechanical 
strength.  

The layer begins loosing its tenacity if its thickness increases considerably exceeding the thickness 10 μm 
mainly due to the lower strength characteristics. This together with the increase in the inner tensions 
results in cracks and breakings in the layers [2]. 

The thickness of the deposit layer increases with the time of exposure to the working temperature. The 
final structure of the deposed layer is given by various effects such as, the adsorption of impurities, the 
incorporation of gaseous, the co-deposition of another elements, the crystallization, etc. The ultimate 
properties of the coatings are further dependent on the nature and composition on the substrate. 
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2.  EXPERIMENTAL RESEARCHES 

To obtain thin B4C layers plates of type S.N.U.N.15.04.08. K20.and T.P.U.N. 22.04.08. P30 were made. The 
thickness of the borum carbide layer was determined by the microscope and the Kalotest device. The 
operation of the latter is based on a housing which cuts the deposited B4C layer [3]. 

The phases coming from the vapor which contain the diffusion element and the carrying gas pass through 
three main stages; vapor formation, transportation and deposition. These stages differ in terms of 
chronology and make up a whole process. According to its essence, such a process is a chemical transport 
reaction expressed by the solid substance interaction (A) with the gas or vapors (B). In this case only gas 
products are obtained [4]. 

 

Fig 1. The chart of CVD method:1. gas source; 2. flow gauges; 3. evaporator; 4. cyclone; 5. pump; 6. reactor; 
7. oven; 8. gas gauge; 9. thermocouples; 10. fan 

 

Upon conveying the gas, two processes are possible: isotherm, without forced flow; anisotherm, with 
forced flow. With the latter process, saturation with gas diffusion by contact-free procedure is reported.  

Formation of B4C is the result of some heterogenous reactions where BCl4 fed as vapors into the reaction 
room reacts with N2 and H2 according to the following equations: 

BCl 2 + 2 H Cl → BCl 4   + H2                    (1) 

BCl 4 + H 2 +CH4 → B4C + 4HCl + H 2      (2) 

Reactions can be regarded as starting reaction and is crucial for the process velocity as a whole. Borum 
tetrachloride, a shortage and imported material with an innovative production solution for it, directly in the 
working area. The reactor used may be either vertical in layout (see Figure 1) 

In case of chemical deposition from vapour taking place into a tubular continuous reactor, a conveying gas 
containing the reactive species is carried over the under layer [5]. 

At the surface of the under layer, the reactive elements suffer a series of chemical reactions leading to 
formation of products. A part of these reactions products form the deposit layer and the other goes back to 
the gas flow. 
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3.  RESULTS AND DISCUSSIONS 

The thickness of the layer deposited increases with the time of exposure at the working temperature. The 
depth of the layers in three cutting plates was determined. 

Micro-hardness was determined by Neophot microscope. Cutting plates of thin B4C layers of 6.0, 8.0 and 
10.0 μm ,depths were also tested [6]. 

The Vickers micro-hardness test is carried out in compliance with loads of 0.0098 – 9.8 N. 

Micro-hardness is calculated by the relation: 

   HV = 
2

136

2
2

F

d

⋅sin

 = 1,854 4 ⋅ 
F

d
2

              (3) 

where: F-expressed in  kg.f/mm2; d- average trace diagonal  ;              

The results obtained are given in the table no. 1.  

 

 Table 1: The Vickers micro-hardness 

No of 
tests 

Time of 
exposure, [s] 

No 
divisiunes 

Diagonal 

d, [µµµµm] 

d2 

[µµµµm2] 
Load 
[N ] 

Micro-hardness 
HV0,o5, [ MPa ] 

1. 15 2.15 0. 78 0.62 0.001 30189 

2. 15 3.02 1. 10 1.23 0.002 30145 

3. 15 4.83 1. 75 3.08 0.005 30100 

4 15 6.89 2. 48 6.16 0.010 30075 

5. 15 1.78 3. 92 15.42 0.025 30038 

6. 15 1. 52 5. 55 30.90 0.050 30000 

 

Micro-hardness is not a constant, as Vickers hardness, in spite of the prints geometry similarity , but it 
decreases  with higher  test load  depending on the print size. 

The micro-hardness samples show that we have B4C, the value HVo,o5 =30000 MPa(about 30000 N/mm2 ) in 
good agreement with the literature data [7]. 

As to hardness,  there is  a tight correlation between the Co content and the  WC-Co alloys  produced under 
identical conditions. As shown in figure 2, hardness decreases with the increase in the cobalt content [8]. 

Hardness reaches max values with the optimum sintering temperature  and then it decreases as a result of 
carbon recrystallization and alloy super-sintering. An excessive sintering time, even if the temperature is 
optimum, has the same effect ie lower hardness. 

With the microstructure of the alloys of type WC – B4C - Co, as compared with those studied,  new phases 
occur in WC and Co . These are solid solutions in B4C - WC where the amount of WC dissolved into B4C is 
higher or lower. In these cases, the metallographic attack combined with the heating of the sample subject 
to the attack  clearly  and distinctly underlines  the alloys phases. Figure 3 shows the metallographic aspect 
of the alloy of 80% WC , 12% B4C, 8% Co .Under this structure, the brilliant angular crystals are of phase  
WC, the gray spherical  element is the solid solution  while the  element  in the dark  carbon grains is the 
sintering bondage-the cobalt [9]. 



               Session contribution set up       May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 506

        

Fig 2. Variation of hardness, breaking                Fig 3.The metallographic aspect and bending of       
resistance  and compression resistance of         the alloy of 80% WC ,12% B4C, 8%Co x 1500 
the alloys WC-Co                              

    

The structure becomes even more complex with the pseudo-alloys of type WC – B4C- Co.  

           

Fig. 4. B4C layer thickness                                               Fig 5. Microstructure of B4C coated plate X1000 

 

Depending on the  temperature and reciprocal solubility conditions  a number of solid solutions of  B4C - 
WC can form; they depend on the WC and  B4C solubility and reciprocal solubility.  Under structural 
equilibrium conditions, both the WC phase and the  homogenous solid solutions along with the cobalt can 
form in the structure Under practical sintering conditions , the equilibrium is not always achieved  and the 
structure frequently reveals solid non- homogenous solutions of  B4C - WC, some  richer in  B4C. 

Measurements were carried out on B4C coated plates of various thickness of 6.0, 8.0, 10.0 μm 

The thickness of the thin layer increases  with the  exposure time at the working temperature as illustrated 
in figure 4. 

The best results are obtained for layer depth of 6 µm, with homogeneous and even structure, a feature 
that can be emphasized by means of diffraction pattern analysis [10]. 

Thickness of the deposit layer increases with maintenance time at working temperature .  
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The pates are all covered  with a continuous  B4C layer. This is uniform over the entire depth as also shown 
by the metallographic analysis , figure 5.  

The best results are obtained for layer depth of 6 µm, with homogeneous and even structure, a feature 
that can be emphasized by means of diffraction pattern analysis [11] 

The experiments conducted to obtain thin layer of carbide  by the vapor chemical deposition method have 
followed an original path to make B4C directly in the working room thus avoiding the import of these 
hazardous substances.  The B4C is obtained in the heat treatment chamber by adding chloride acid vapors 
passed over the incandescent pure borum 

Figure 6 shows the XRD pattern of carbide thin layer deposed on widia substrate. The thin layer is not B4C 
pure phase, diffraction peaks of WC are also present, indicating the chemical interaction between the 
substrate and the atmosphere during chemical vapor deposition process.  High intensity of the diffraction 
peaks of WC crystalline phase from widia substrate indicates that the B4C coating consists of very thin layer. 

Lab-scale systems have been designed  with the possibility of use at industry scale for small production. The 
support temperature  was established at about 1170o C so that the B4C can  provide a suitable deposition of 
the thin B4C layer [12]. 

Very good results were obtained for three hours exposure times  leading to optimum layer thickness of  6.0 
μm . 

                 

Figure 6.  XRD pattern of B4C  thin layer deposed on widia substrate 

 

The B4C  coated plates  feature higher endurance capabilities  than those uncoated for the same cutting 
speed both for  steel  and white cast iron. The experiments on the widia thin layer  plates  during cutting 
show that endurance increases by 2 to 4 times as compared with the uncoated plates endurance. 

The layer begins loosing its tenacity  if its thickness increases  considerably exceeding the thickness 10.0 μm  
mainly due to the lower strength characteristics . This together with the increase in the inner tensions 
results in cracks and breakings in the layers. 
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Abstract 

In the framework of the paper-work, more X65 microalloyed steel heats have been investigated from the 
composition, non-metallic inclusions contents and mechanical characteristics point of view, resulted in 
various steel making conditions. 

To get the purity, 10 of  X65 steel heats have been treated in LF and RH vacuum installation, that operated 
at designed parameters. Also, 10 heats of X65 steel grade have been treated in RH instalation establishing 
the content of nitrogen and oxigen before and after treatment. For comparison, 10 steel heats have been 
watehed, that haven’t been treated in vacuum. All slabs made by these technologies have been rolled in 
the same finished size heavy-plates. 

As following of the recorded data analize, on those three manufacturing flows; the multiple correlation 
patterns have been determinated to establish the main technological characteristics of the vacuum 
treatment that assure high performance of gassing, decarbonization and, finally, the getting of the high 
mechanical characteristics.  

Keywords: microalloyded steel, LF and RH vacuum installation,  

 

1. Introduction 

Manufacturing technology of the microalloyed steel heavy plates is one of the most important matter of 
the Iron & Steel Industry, because these products are more and more required on the world market in 
same time with more and more severe requirements regarding their quality. That is why the manufacturing 
technology of these products should demonstrate its highest level performance on alongside technological 
flow starting from steel making, continuos casting, rolling and sub sequent treatments up to the products 
work-servicing. In the same time, the ensurance of the manufacturing constant imposes the parameters 
correlation that characterizes the steel: chemical composition - structure - mechanical characteristics.[1] 

To achieve these requirements, the following items had to be solved: 

-  low carbon steel-making (0.07 - 0.08 %) 

-  steel high purity 

-  low adding of the alloys' elements: to finished grain-size and mechanical characteristics improvement 

On the other side, the getting of the high mechanical characteristics was possible for these steel grades 
using some up-to-date rolling thermal treatments technologies, namely thermomechanical treatments.[2] 

As regarding steel making, all technological operations are regarding the advanced reduction level of the 
residual elements: S, P, O2, N2, endogenous and exogenous non metallic inclusions.[3] 

The non-metallic inclusions are affecting the majority of steel mechanical characteristics as: toughness, 
plasticity, fatigue-strength, corrosion-strength. 

Heaving in view these items, in the present paper-work, the treatment influence on X65 steel-grade purity, 
in RH installation and in mechanical characteristics of the finished plates was watched. 
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2. The experiments conditions 

The experiments have been made on X65 steel grades at Arcelor-Mittal Galati, made in BOF converters, 
continuos cast slabs and heavy rolled plates, having thickness of 12.7 mm (at Heavy Plate Rolling Mill No 2). 

The tables no. 1 and 2 show the chemical composition and mechanical characteristics of X65 steel grade in 
according to EN 10163/2. 

 

Table 1 Chemical composition of the hot and product steel X65 (%) 

C 
max 

Mn 
max 

Si 
 

P 
max 

S 
max 

Ti 
max 

Al 
max 

Nb 
max 

V 
max 

Cr 
max 

Mo 
max 

Cu 
max 

Ni 
max 

N 
max 

0,16 1,60 0,15 
0,45 

0,02 0,01
5 

0,06 0,07 0,05 0,08 0,20 0,10 0,35 0,12 0,01
2 

 

Table 2. Mechanical characteristics of X65 steel 

Rm (MPa) Rc (MPa) Rm/Rc A (%) KV (J) 
540 - 675 460 - 580 Max 0,90 Min 30% Min 48 

 

The experiments have been made in various ways: 

1)  10 heats of X65 steel-grades made in BOF no.1 steelworks have been in vacuum treated at RH 
installation. For comparison another 10 heats of same steel grade were made but not vacuum 
treated. 

2)  10 steel heats of X65 were made that have been treated in RH installation determining nytrogen and 
oxygen contents before and after treatment. 

3)  with a view to distinguish the vacuum treatment influence of the finished plates, some test specimen 
have been token and tensile and toughness tests were made on longitudinal and transversal side to 
the rolling direction. 

4)  some test-specimen have been taken from the conditions cast slab and finished heavy plate on which 
the non-metallic inclusion analyses were made.[4] 

By data statistical analyses with COREGRES program the following items have been studied: 

a)  efficiency of the vacuum treatment of steel 

b)  operation characteristics of the vacuum treatment installation 

c)  thermal characteristics of the vacuum treated steel 

d)  mechanical characteristics of the RH treated steel 

 

a) Efficiency of the vacuum treatment of steel 

Table 3 shows chemical composition of the heats made in two treatment conditions: in RH installation with 
vacuum and without vacuum. 
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Table 3 Chemical composition of X65 steel heated in BOF converters, before and after vacuum operation in 
RH installation 

N
o 

Steels chemical composition [%] N2 

ppm 
 H2 

ppm 
O2 
ppm 

Vacuum 
operation C Si Mn P S Al Cu Nb 

1 0,08 0,22 1,16 0,020 0,011 0,042 0,18 0,022 120 42,96 114 before 
0,17 0,26 1,14 0,018 0,008 0,036 0,17 0,021 93,6 2,3 42,7 after 

2 0,06 0,25 1,09 0,017 0,009 0,028 0,16 0,018 106 3,0 102 before 
0,11 0,29 1,13 0,019 0,007 0,034 0,19 0,020 81,1 2,5 45,33 after 

3 0,06 0,25 0,99 0,020 0,008 0,050 0,15 0,015 104 3,26 124 before 
0,08 0,28 0,98 0,021 0,005 0,042 0,14 0,016 73,66 2,8 51 after 

4 0,04 0,21 1,23 0,022 0,010 0,016 0,25 0,021 114 3,72 118 before 
0,09 0,24 1,18 0,021 0,007 0,028 0,21 0,022 80,7 2,9 48,6 after 

5 0,06 0,20 1,20 0,019 0,010 0,010 0,23 0,024 107 3,64 116 before 
0,14 0,23 1,12 0,018 0,006 0,035 0,21 0,023 77 2,8 51,55 after 

6 0,07 0,22 1,00 0,018 0,017 0,040 0,19 0,018 118 3,4 122 before 
0,12 0,26 0,98 0,020 0,010 0,032 0,21 0,017 81,4 2,6 54,22 after 

7 0,09 0,23 1,06 0,015 0,015 0,056 0,16 0,020 112 3,52 117 before 
0,16 0,27 1,01 0,017 0,017 0,039 0,17 0,022 79,1 2,7 55,06 after 

8 0,08 0,21 1,09 0,019 0,012 0,044 0,44 0,015 108 3,35 110 before 
0,13 0,25 1,08 0,020 0,009 0,029 0,29 0,016 70,2 2,7 46,3 after 

9 0,07 0,24 1,15 0,022 0,020 0,028 0,28 0,018 106 3,78 106 before 
0,13 0,27 1,12 0,020 0,010 0,025 0,25 0,019 68,9 2,9 44,67 after 

1
0 

0,08 0,22 1,10 0,019 0,011 0,052 0,20 0,022 114 3,31 124 before 
0,17 0,26 1,06 0,019 0,008 0,038 0,19 0,021 80,26 2,6 48,22 after 

 

From table 3 could be seen the vacuum influence on steel degassing. After vacuum process, the contents of 
N2, H2, O2 visibly lowered. 

To determinate the efficiency of the vacuum treatment of the removing process of the inclusions 
generating elements, in steels, the following formula has been used: 

η E= 100
]E[

]E[]E[

i

fi ⋅
−  

where  [E]i  is the element content at the beginning of the vacuum treatment 

            [E]f -  the element content at the end of the vacuum treatment. 

 

Value determination of the vacuum degassing performance ηH2, ηN2 ; deoxidizing (reduction) performance 
(η02); decarburization (ηC), desulphurization (ηS) have been watched. The results are shown in table 4. 

 

b)  The operation characteristics of the vacuum treatment installation are expressed by: 

-  vacuum lasting time under 1 torr vacuum condition 

-  vacuum total lasting time 

When the vacuum under 1 torr was used, the best treating time is corresponding to the maximum 
frequency at which the steel was accordingly from purity point of view (fig. 1). 
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Table 4  The values of the degassing, deoxidation (reduction) decarburization and desulphurization gotten 
in RH installation treatment of X65 steel. 

N η N2 

[%] 

η H2 

[%] 
η O2 

[%] 
ΔN2 

[%] 
ΔO2 

ppm 

η C 

[%] 

η S 

[%] 

ΔC 

[%] 

ΔS 

[%] 

tov 

min 

tT 

min 

TI.V 
0C 

Tf.V 
0C 

ΔT 
0C 

1 22,00 22,70 62,50 0,0043 106 40,3 27,27 0,05 0,003 17 20 1640 1575 65 
2 23,47 16,62 55,56 0,0055 84 45,6 20 0,05 0,002 18 21 1642 1574 68 
3 29,17 14,21 58,82 0,0068 66 38,6 30,77 0,03 0,003 15 19 1640 1575 65 
4 29,17 22,00 58,82 0,0053 73 53,6 28,57 0,05 0,003 19 24 1640 1568 72 
5 28,00 23,23 55,56 0,0039 58 55,4 36,7 0,08 0,004 15 22 1635 1570 66 
6 31,00 23,44 55,56 0,0049 86 44,6 42,6 0,05 0,007 15 21 1625 1565 60 
7 29,36 23,22 52,94 0,0062 106 43,7 28,57 0,07 0,004 17 25 1648 1578 70 
8 35,00 19,64 57,89 0,0059 110 38,9 27,27 0,05 0,004 17 20 1638 1580 58 
9 35,00 23,31 57,89 0,0066 88 46,7 50 0,06 0,010 17 21 1635 1577 58 
10 29,59 21,50 61,11 0,0044 69 53,4 28,57 0,09 0,003 17 28 1640 1580 60 

to.v = the vacuum time; tT     = total vacuum time; Ti.v   =   temperature at the beginning of the vacuum 
treatment 

Tf.v   =  temperature at the vacuum treatment end 

ΔT    =  temperature loss at the vacuum process 

 

 

 

 

 

 

Vacuum treatment time (min) 

 

 

Fig. 1. - Vacuum treatment time to get the adequate purity 

 

In the same way is appreciated the total lasting time of the process (fig. 2). 

 

 

 

 

 

 

Vacuum treatment total time (min) 

 

 

Fig. 2. - Vacuum treatment total time to get the adequate purity 
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From fig 1 could be seen that under 1 torr vacuum condition, the maximum frequency is gotten foe 17 
minutes and a total lasting time process of 20 minutes. (fig.2). 

The extension of the vacuum treatment time is not economically legitimated because a high energy 
consumption is needed and steel purity increase is insignificant. 

 

c)  Thermal characteristics of the vacuum treated steel 

-  steel temperature of the vacuum beginning 

-  steel temperature of the vacuum end 

-  temperature loss during vacuum operation ΔT 

As it results from table 4, the heat temperature is varying between 1625…16480C at the vacuum beginning 
and 1565…15800C at the vacuum end for the analyzed heats. During vacuum operation a ΔT temperature 
loss has been recorded, varying between 60 – 650C, against to the total time of vacuum operation (fig. 3). 

 

d)  Mechanical characteristics of the plates 

 

 

 

 

 

 

 

 

Temperature loss ΔT (0C) 

 

Fig. 3. Temperature loss during vacuum operation 

 

The tables 5 and 6 show the variation of the mechanical characteristics of 10 vacuum treated heats, 
comparatively to another 10 untreated heats. 

It is finding that: in case of untreated vacuum heats, the all mechanical characteristics are under values 
provided for X65 steel grade by EN 10163/2 specification.  

By vacuum treatment the values of the mechanical characteristics increase between 15% (for Rc and Rm) 
up to 50% (for toughness) all of them being in the specification limits. 

For purity analyses, the test-specimen have been taken from slab and finished plate and non-metallic 
inclusion level was analysed. The steel was vacuum treated. 

Some inclusion could be remarked, yet, in some slabs and plates, generally as oxides, sulphur-scales, brittle 
silicates.(fig. 4 and 5) 
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Table 5 Plates of BOF  X65 steel and no vacuum treated 

No 

Mechanical characteristics of the longitudinal direction Mechanical characteristics of the transverse direction 

Rc 
N/m
m2 

Rm 
N/m
m2 

A 
[%] 

KV (J) at 00C 
Rc/R

m 

Rc 
N/m
m2 

Rm 
N/m
m2 

A 
[%] 

KV (J) at 00C 
Rc/Rm 

Ind. values Aver. 
Ind. 

values 
Aver 

1 436,2 532,6 34,4 89;94;72 85 0,819 463,3 558,2 23,6 36;40;32 36 0,830 
2 439,5 528,2 36,0 117;66;120 101 0,832 462,2 574,0 26,0 42;66;51 53 0,845 
3 451,6 537,0 33,8 109;119;87 105 0,841 446,3 563,4 23,0 60;63;42 56 0,845 
4 420,0 519,8 36,8 125;116;92 111 0,808 446,3 541,6 24,9 68;66;52 62 0,824 
5 437,6 533,0 33,4 116;101;95 104 0,821 465,6 570,6 22,9 36;26;37 33 0,816 
6 459,2 547,3 32,6 98;96;67 87 0,839 472,2 561,5 24,0 40;31;37 36 0,841 
7 453,4 539,1 30,8 122;65;98 95 0,841 469,3 558,7 22,9 50;28;30 36 0,840 
8 454,8 537,6 29,8 76;73;67 72 0,846 474,0 561,0 23,7 60;56;31 49 0,845 
9 456,3 540,0 30,5 90;86;79 85 0,845 462,5 548,7 26,2 69;61;44 58 0,843 

10 444,6 529,9 31,1 90;88;74 84 0,839 457 547,3 24,8 39;58;47 48 0,835 

  

Table 6 Plates of BOF  X65 steel and vacuum treated in RH installation 

N
o 

Mechanical characteristics of the longitudinal direction Mechanical characteristics of the transverse direction 

Rc 
N/mm2 

Rm 
N/mm2 

A 
[%] 

KV (J) at 00C 
Rc/R

m 

Rc 
N/m
m2 

Rm 
N/mm2 

A 
[%] 

KV (J) at 00C 
Rc/R

m Ind. values Aver. 
Ind. 

values 
Aver 

1 481,5 569,1 39,6 106;102;104 104 0,846 508,1 599,9 27,1 60;68;55 61 0,847 
2 494,6 582,6 35,2 87;91;95 91 0,849 521,8 616,0 27,0 38;43;45 42 0,847 
3 476,4 563,1 36,3 123;131;124 126 0,846 507,4 598,3 28,2 61;58;64 61 0,848 
4 472,8 558,2 37,4 104;108;109 107 0,847 507,0 599,3 30,7 52;54;62 66 0,846 
5 461,9 544,7 43,3 148;146;120 138 0,848 489,6 577,3 30,6 71;78;76 75 0,848 
6 471,1 555,5 42,7 142;130;148 140 0,848 501,3 591,8 29,1 73;70;64 69 0,847 
7 490,1 577,3 36,0 127;133;112 124 0,849 512,0 602,4 27,8 46;48;41 45 0,850 
8 491,3 580,1 37,9 96;102;116 108 0,847 513,3 606,7 27,7 44;48;43 45 0,846 
9 495,9 586,9 37,9 104;102;118 108 0,845 516,2 609,4 26,9 38;52;48 46 0,847 
1
0 

467,9 549,8 36,4 144;162;150 152 0,851 500,4 589,4 29,0 70;78;71 73 0,849 

 

Conclusions 

1.  The results gotten, as following of the theoretical and experimental studies, have confirmed some 
conclusions presented in the technical literature regarding the manufacturing of the Nb, Ti, V 
microalloyed steel plates used in large diameter, longitudinal welded pipe-line manufacturing for oil 
and natural gas transport. Also, the new improvement ways of the manufacturing process have been 
established so that to become possible the getting of the X60, X65 steel plates in reproductibility 
conditions. 

2.  The researches established that: by strictly respecting the vacuum parameters (0.5 - 0.7 torr during 
15 minutes at steel temperature in casting ladle, at 16250C) the contents of 30-40 ppm O2, 56 - 64 
ppm N2, and 2.3 - 2.5 cm3/100g H2 could be achieved. As effect of the vacuum treatment and the 
above gas content achievements the mechanical characteristics of the material are better (Rc, Rm, 
Rc/Rm) and plates isothropy increases. 

3.  After the own researches, the multiple correlation models have been determinated with a COREGRES 
program, for vacuum treatment of the gas-pipe-line steels. Helped by these, the main technological 
parameters of the vacuum treatment have been determinated, that assure high degassing and 
decarburization performance and the getting of the high mechanical characteristics. 
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      a                                                                          b 

Fig.4 Slab macrostructure of  X65 steel (x100) 

Fig.5  Plate microstructure of X65 steel (x500) 

 

4.  Exploring the objective functions, the limit values of the vacuum technological parameters have been 
determinated establishing the minimum vacuum treatment time between 0.5 - 0.7 torr for 15 
minutes and optimum lasting time of 17 minutes. Extension of this lasting time is not economically 
justified. 

5.  The macroscopically analyses has distinguished the important zone of segregation in the middle of 
the continuous casting slab section and in microscopic analyses the inclusions have been remarked 
generally as: oxydes, oxi-sulphures, fragile silicates, eventhough the steel had been vacuum treated. 
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ABSTRACT 

Pure titanium is the preferred material for bio applications. It is bio-inert, it does not contain any toxic or 
allergenic admixtures. Development trend in case of this material is oriented on preservation of low value 
of the modulus of elasticity, increase of mechanical properties, particularly strength. According to the Hall-
Petch relation it is possible to increase substantially the strength properties of metals by grain refinement. 
Ultra-fine grain titanium is a perspective material. This paper describes manufacture of ultra-fine grain 
titanium, its structure and properties. Obtained mechanical properties are compared with the properties of 
other materials used for implants. Ultra-fine grain titanium has higher specific strength properties than 
ordinary (coarse-grained) titanium. Ultra-fine grain titanium was produced by the Equal Channel Angular 
Pressing (ECAP process). The research itself was focused on physical base of strengthening and softening 
processes and developments occurring at the grain boundaries during the ECAP process at half-hot 
temperature. Strength of Ultra-fine grain titanium varies around 950 MPa, grain size around 300 nm.  

Keywords: titanium, ultra-fine grain structure, mechanical properties, Equal Channel Angular Pressing 

 

1.  INTRODUCTION 

It is required that material for implants is bio compatible, it must not be toxic and it may not cause allergic 
reactions. It must have high ultimate strength Rm and yield value Rp at low density ρ and low modulus of 
elasticity E.  Metallic materials used for dental implants comprise alloys of stainless steels, cobalt alloys, 
titanium (coarse-grained) and titanium alloys. Semi-products in the form of coarse-grained Ti or Ti alloys 
are used as bio-material for medical and dental implants since the second half of the sixties of the last 
century. Titanium is at present preferred to stainless steels and cobalt alloys namely thanks to its excellent 
bio-compatibility. Together with high bio-compatibility of Ti its resistance to corrosion evaluated by 
polarisation resistance varies around the value 103 R/Ωm. 

 It therefore occupies a dominant position from this viewpoint among materials used fort dental implants. 

In the past years higher attention was paid also to titanium alloys due to requirements to higher strength 
properties. The reason was the fact that titanium alloys had higher strength properties in comparison with 
pure titanium [1, 2]. Typical representative of these alloys is duplex alloy (α a β) Ti6Al4V [3, 4]. After 
application of implants made of these alloys toxicity of vanadium was confirmed. Aluminium, too, can be 
categorised among potentially toxic elements. 

During the following development of dental implants the efforts were concentrated on replacement of 
titanium alloys the toxic and potentially toxic elements by non-toxic elements. That’s why new alloys of the 
type TiTa, TiMo, TiNb and TiZr began to be used [5]. Single phase  Ti alloys were developed at the same 
time, which are characterised by the low value of the modulus of elasticity [6]. Ti alloys with elements with 
very different density and melting temperature (TiTa, TiMo) require special 9technology of manufacture, by 
which they significantly increase production costs and price of semi-products for dental implants. 

The problem at the development of metallic bio-materials consists not only in their real or potential 
toxicity, but also in their allergenic potential. Sensitivity of population to allergies keeps increasing. Allergies 
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to metals is caused by metallic ions, which are released from metals by body fluids. Share of individual 
metals on initiation of allergies is different. What concerns the alloying elements for dental implants special 
attention is paid namely to Ni and Co, as their allergenic effect varies around (13.5%) and Cr (9.5%). Some 
titanium alloys also contain the elements classified as allergens. These are e.g. the following alloys: 
Ti13Cu4,5Ni; Ti20Pd5Cr; Ti20Cr0,2Si. Sensitivity of population to Ni is increasing.  

For these reasons pure titanium still remains to be a preferred material for bio applications. Development 
trend in case of this material is oriented on preservation of low value of the modulus of elasticity and on 
increase of mechanical properties, especially strength. According to the Hall-Petch relation it is possible to 
increase considerably strength properties of metals by grain refinement. That’s why it is appropriate to use 
for implants rather fine-grained Ti instead of coarse-grained Ti. Use of ultra-fine grains materials concerns 
numerous fields including medicine. Bulk ultra fine grains metallic materials are used for bio applications. 
These are materials with the grain size smaller than approx. 100 to 300nm [7,8]. High-purity titanium is 
used for implants. Chemical composition of CP Ti for implants must be within the following interval.  

 

2.  STRUCTURE AND PROPERTIES OF COMMERCIALLY PURE TITANIUM 

Commercially pure titanium (CP) bars and sheets were used in this study. The average grain size of the as-
received CP titanium is ASTM no. 4. Tensile specimens with a gauge of  50 mm length, 10 mm width and  
3.5mm thickness were machined with the tensile axis oriented parallel to the final rolling direction [9, 10]. 
The specimens were deformed at room temperature with different initial strain rates. After testing, the 
deformed specimens in order to preserve the microstructure Fig. 1, 2.  

Fig. 1. Initial microstructure of titanium                                 Fig. 2. Microstructure of titanium after cold   

forming (ε= 50 %) 

Specimens were sectioned along the gauge and grip parts of the deformed sample. The samples were then 
polished etched using 10% HF, 10%HNO3 and  80% H2O for 20  second.  Chemical analysis and mechanical 
properties CP titanium Table 1 - 3.  

 

Table 1. Chemical analysis  commercially pure (CP) titanium, (weight %) 

N O C Fe Al Cr Ti 
0.004 0.068 0.008 0.03 0.01 0.01 Rest. 

Table 2.  Tensile results (CP) titanium after  condition annealed 649 oC/1 hour (ASTM E8) 

Rm [MPa] Rp0,2 [MPa] Tažnost [%] Zúžení [%] 
365 212 51 71 
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Table 3. Initial hardness of titanium and hardness after cold forming (ε = 50 %) 

Label Diagonal of indention d [µm] HV30 

Sample nr. 1 
659 128 
632 139 
652 131 

Sample nr. 2 
658 128 
655 130 
658 128 

Sample nr. 3. 
527 200 
525 202 
535 194 

 

3.  PROPERTIES OF ULTRA-FINE GRAINS TITANIUM  

Ultra-fine grains titanium (UFG) is characterised by exceptional mechanical properties, among which high 
strength and high yield value are of utmost importance [11]. Strength properties of UFG titanium must 
have the following values:  Rm ∼ 1000 MPa, Rp0.2  ∼ 850 MPa [12].  Apart from the strength another 
important properties of implants is their so called specific strength (strength related to density). 
Mechanical properties of metallic material for implants are evaluated in relation to its density as so called 
specific properties. In case of classical coarse-grained titanium the relation (Rm/ρ ) varies around 70 to 120 
(Nm/g), for the alloy Ti6Al4V [13] it varies around 200 (Nm/g), and for (n)Ti it is possible to predict the 
values Rm/ρ = 270 (Νµ/ρ). As a matter of interest it is possible to give the specific strength also for some 
other bio materials: steel AISI 316L - Rm/ρ = 65 (Νµ/ρ) [14], cobalt alloys - Rm/ρ = 160 (Νµ/ρ), βTi 
(Ti15Mo5Zr) - Rm/ρ = 180 (Νµ/ρ). Disadvantage of implants based on steel or cobalt alloys is their high 
tensile modulus of elasticity: E = 200 to 240GPa, while in case of titanium and its alloys this value varies 
around 80 to 120 GPa. 

At present only few companies in the world manufacture commercially bulk UFG materials. 

The main objective of experiments was manufacture of ultra-fine grain Ti, description and optimisation of 
its properties from the viewpoint of their bio-compability, resistance to corrosion, strength an d other 
mechanical properties from the viewpoint of its application in implants.  Chemical purity of semi products 
for Ti  was ensured by technology of melting in vacuum and by zonal remelting. The obtained semi-product 
was under defined parameters of forming processed by the ECAP technology [15]. The output was ultra-
fine grain titanium with strength around 1050 MPa). The obtained Ti was further processed by technology 
(of rotation forging) to the shape suitable for implants.   

 

4.  OBTAINED RESULTS AND THEIR ANALYSIS  

Semi products from individual heats were processed according to modified programs by the ECAP 
technology and rotation re-forging. Wire diameter varied around 10 - 11 mm. 

ECAP technology and cold forming was made in several variants: 

1. 2 passes ECAP at the temperatures of 450oC. 

2. 10 passes ECAP at the temperatures of 280oC; with process annealing 

3. between individual passes. 

4. Rotation re-forging to the diameter of 10 mm (cold forming : e = 2.2). 

The samples for mechanical tests and for micro-structural analyses were prepared from individual variants 
of processing. On the basis of the results, particularly the obtained strength values, several variants were 
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chosen for more detailed investigation of developments occurring in the structure at application of the 
ECAP and subsequent drawing after heat treatment. Structure of Ti after application of the ECAP process is 
shown in the Fig. 3 and Fig. 4. The structure was analysed apart from light microscopy also by the X-ray 
diffraction. Table 4 summarises the obtained basic mechanical properties.  

 

Table 4. Mechanical properties titanium after ECAP and rotation re-forging 

Forming processed Rp0,2 Rm [MPa] A [%] E [GPa] dz [nm] 
ECAP (2 passes) 516,5 580,1 16,7 98,6 800 
ECAP (10 passes) 873,2 960,5 12,3 100 100 to 300 
Rotation 
re-forging 
(Dd = 10 mm) 

927 to 945 1030 to 1050 9,1 100 100  to  300 

 

 

Fig. 3. Microstructure of Ti after ECAP (2 passes) Fig. 4. Microstructure of titanium after ECAP (10   
passes) 

5.  CONCLUSION 

Technology of manufacture of ultra fine grain titanium was proposed and experimentally verified. Grain 
refinement in input materials was obtained by the ECAP process. In conformity with the Hall-Petch relation 
the strength properties of Ti increased significantly as a result of grain refinement. The obtained 
mechanical properties correspond with the declared requirements. Ultra fine grain titanium has higher 
specific strength properties than ordinary titanium. Strength of ultra fine grain titanium varies around 1050 
MPa, grain size around 300 nm.  
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Abstract 

Essentially, hot work tool steels are expected to resist high temperature in working conditions. Although 
tempered martensitic structure in hot work tool steels is the most important property that helps achieving 
high temperature resistance, distribution characteristic of carbides have great effect on this issue as well. 
Coarser carbides (especially) segregated in grain boundries increase the brittleness of material and result in 
premature failure of dies. In contrast, homogeneously dispersed finer carbides provides higher toughness 
and increase in high temperature resistance. 

In this study, carbide distribution in hot work tool steels have been modified and the results have been 
examined in terms of microstructural and mechanical investigations. The results have shown that gradual 
cooling carried out before tempering was a successfull approach to achieve finer carbides (which is ideal) to 
increase thoughness at elevated temperatures. 

Keywords: karbide distribution, hot work tool steels, hot forming,  

 

1.  INTRODUCTION 

Hot work tool steels enable the hot-forming of work-pieces made of iron and non-ferrous metals as well as 
alloy derivatives at high temperatures. They are utilized in processes such as pressure die casting, extrusion 
and drop forging as well as in tube and glass manufacturing (WILMES et al., 1990). 

In hot work applications very high demands on elevated temperature properties are necessary to resist the 
high and varying levels of mechanical and thermal stresses. Character of microstructure and mechanical 
properties of hot work tool steels are primarily determined by the heat treatment and alloying processes. 
These two processes are both complementary for the production.  

The die life in forging applications is normally limited by hot wear, gross cracking and plastic deformation. A 
condition for consistent and high level of performance is the use of premium hot-work tool steel with a 
property profile characterized by high and isotropic ductility and toughness properties at elevated 
temperature, high hardenability to ensure the properties also in the biggest dimensions, high hot strength 
properties and ability to retain strength at elevated temperature and good thermal conductivity (WILMES 
et al. 1990, GÜMPEL et al. 2002, HABERLING et al. 1985). 

However, tool failure may occur even if a premium die steel is used. Several other factors as heat treatment 
procedure, tool design and of course the production conditions must be considered and optimized for 
specific tooling application (SANDBERG et al. 1990). 

Chromium group of the H10 to H19 steels contains chromium with, in certain cases, additions of tungsten, 
molybdenum, vanadium and cobalt. The carbon in this group is held relatively low, around 0.35-0.40 per 
cent, and this, together with the relatively low total alloy content, promotes toughness at the normal 
working hardness of between 400 and 600 HV. 

The high chromium in this group, coupled with low carbon, ensures depth hardening, therefore these steels 
may be air hardened to full working hardness in sections up to 30 cm. The higher tungsten and 
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molybdenum contents of the H10 and H14 steels increase the red hardness and hot strength, but tend to 
slightly reduce toughness. 

In this group the H11, H12 and H13 steels possibly represent the greatest tonnage used in all hot work die 
steels. The air hardening qualities and balanced alloy content are responsible for low distortion in 
hardening. These grades are especially adapted to hot die work of all kinds, particularly white metal 
extrusion dies and die casting dies, forging dies, mandrels and hot shears. The chief advantage of this group 
is ability to resist continued exposure to temperature up to 540°C, and at the same time, provide a tough 
and ductile tool with tensile strength levels of ~5 MPa at this temperature. 

Chromium produces deeper hardness penetration in heat treatment and contributes wear resistance and 
toughness. Molybdenum increases the hardness penetration in heat treatment and reduces quenching 
temperatures. It also helps increase red hardness and wear resistance. So that AISI 2367 tool steel was 
chosen in this study to reflect the effect of carbide characteristics. 

 

2. EXPERIMENTAL PROCEDURE 

In this study AISI 2367 tool steel was ivestigated. The composition of specimens were given in Table 1.  

 

Table 1. Chemical composition of tool steels used in experiments 

Chemical 
Composition (%) 

C Cr Mo Mn V Si 

0.37 4.90 2.90 0.45 0.61 0.42 

 

Specimens were machined into 70x70x25 mm dimensions. All specimens were austenitized 90 min at 1050 
°C in vacuum furnace (nitrogen atmosphere). After austenitization, specimens were subjected to two 
different cooling procedures. Specimens were then tempered in 2 different tempering temperatures as 
well. Details of process parameters were given in Table 2. 

Secondary hardening is a result of tempering carried out after austenitization which is followed by rapid 
cooling resulting of austenite formation. Holding at 600 °C provides formation of secondary carbides before 
tempering stage. Thus, while the amount of carbides increase the size of carbides decrease. Finer carbides 
formed in this stage results in higher hardness and toughness. 

Group 2 specimens were processed by a holding stage related to theory above according to parameters 
given in Table 2. 

 

Table 2. Heat treatment parameters of tool steels 

Group 
No 

Heat Treatment 
Stage 

Temperature 
(°C) 

Time (min) Atmoshpere Cooling Method 

1 
Austenitization 1050 90 Vacuum (N2) Rapid Quenched 

Tempering 1 500 120 Vacuum (N2) Standard (~20 °C/min) 
Tempering 2 600 120 Vacuum (N2) Standard (~20 °C/min) 

2 
Austenitization 1050 90 Vacuum (N2) 

Rapid quenched to 600 °C 
(held for 220 min) then 

cooled to room 
temperature 

Tempering 1 500 120 Vacuum (N2) Standard (~20 °C/min) 
Tempering 2 600 120 Vacuum (N2) Standard (~20 °C/min) 

Specimens were examined using optical microscopy and Rockwell Hardness method.  
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3. RESULTS AND DISCUSSION 

Microstructural examination has shown that the amount of austenite decreased when the tempering was 
carried out at higher temperature. Furthermore, the amount of austenite also decreases more on the 
specimens processed at 600 °C before tempering. This was caused by the formation of secondary carbides 
in an early stage.  

Fig 1. (a) Group 1 specimen which was processed by a holding stage (at 600 °C) then tempered at 500 °C, 
(b) Group 2 specimen which was directly tempered at 500 °C (100X) 

 

The size of carbides also decreased by the increase of tempering temperature. The total effect of increasing 
tempering temperature and pre-processing was found greater than the individual effect of increasing 
tempering temperature in terms of both particle size and amount of carbides. 

Both Figure 1 and Figure 2 show the difference of carbidic structure and amount of austenite due to 
tempering temperature and pre-processing carried out at 600 °C.  

Fig 2. (a) Group 1 specimen which was processed by a holding stage (at 600 °C) then tempered at 600 °C, 
(b) Group 2 specimen which was directly tempered at 600 °C (100X). 

 

The effect of pre-processing  is also obvious on the hardness distribution diagram. Hardness evaluation has 
shown that holding process carried out before tempering has resulted in approximately 4 HRC increase 
(Figure 3). 
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Fig 3. Hardness distribution of specimens tempered at 500 °C and 600 °C. Dashed red line exhibits the 
hardness distribution of specimens processed at 600 °C before tempering. 
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Abstract 

The objective of this paper has been mapping out of the characteristics of deformation, in particular of 
plasticity, and determination of medium-sized natural resistance to deformation of Mg-Al-Zn based alloys 
with graded Al content, specifically AZ91, AZ61 and AZ31. Alloys were also heat treated for the influence of 
this treatment on characteristic obtaining. The experiment was conducted in a wider interval of forming 
temperatures, namely 320 - 400 °C. Forming temperature of 360 °C appeared to be very appropriate for 
defining the specific values of deformation intensity, at which occurs the beginning of dynamic re-
crystallisation particularly in the alloys AZ61 and AZ91. Recrystallisation was simultaneously accompanied 
by re-precipitation of dispersive phase on all the present interfaces. The values of equivalent strain (Se) = 
0.13 for AZ61 and, Se = 0.15 for AZ91 appear to be the peak deformations for the onset of dynamic 
recrystallisation. The applied T4 at the subsequent deformation affected among other also the character of 
fracture from the inter-crystalline to trans-crystalline. The intensity to rupture for the alloy AZ31 at 360 ° C 
reached at the same time the peak value for mean flow stress in region of deformations, where the mean 
flow stress curves for the two remaining alloys had already the downward character. 

Keywords: Magnesium alloys, ductility, recrystallization 

 

1. INTRODUCTION 

Magnesium alloys are - especially in the last decade - very discussed alloys not only for their specific 
properties consisting in their very low weights, thanks to which they belong to the group of alloys of light 
metals. These find their applications among others in the aviation and electrical engineering industry, but 
also e.g. in the automotive industry. Among the factors limiting their wider application in practical terms is 
among others also their lower formability as compared for example with the aluminium alloys.  

The efforts to influence possibly their plasticity were published in numerous experimental works. Various 
modes of heat treatment for example Wesling et al. (2007) brought nearer the possibility of increasing the 
plasticity in magnesium alloys AE42, AZ91, ZRE1 and QE22 by reducing the final grain size to the 
temperature suitable for over-ageing. Among other procedures mentioned by Chang et al. (2008) a 
procedure of one-pass asymmetric extrusion was applied on the alloy AZ31, which lead to obtaining of final 
structure composed of equi-axed grains refined to the size smaller than 4 µm. Last but not least are also 
applications of some of SPD technologies were among the tested possibilities leading to improvement of 
their plasticity. It was proven that particularly the SPD techniques had led to improvements of formability 
as well as of strength properties, and this was accompanied by changes in the structure Kang et al. (2008), 
who proved that by application of ECAP on AZ31 at the temperature below 250° C it is possible to obtain 
very fine microstructure, i.e. with the grain seize of approx. 4 µm, from which results favourable plasticity, 
which is necessary for example for manufacture of runner blade for fuel cells. Further works showed also 
the possibility of a successful combination of unconventional technologies with such techniques such as 
rolling or forging Kocich (2006) mentioned possibilities of obtaining fine-grained structures, while the ECAE, 
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which followed after previous forging stabilised micro-structure and enhanced mechanical properties 
rather significantly in comparison with the initial state.  

However, only a few authors addressed the mapping of formability in dependence on the varying Al 
content in the AZ type alloys, while the attention would have been paid to a wider interval of forming 
temperatures of these alloys. 

 

2. EXPERIMENTAL   

The practical part of this paper was based primarily on determination of formability or its limit values in a 
wider interval of forming temperatures. Torsion tests performed on torsion plastometer SETARAM were 
used for this purpose. 

 

Table 1 Chemical composition of experimental material  

Alloy  Al Zn Mn Si Sn Pb Ce Other (Fe, Cu, Ni, Zr) 
AZ91-A 8.95 0.76 0.21 0.04 0.01 0.06 0.01  low 
AZ61-B 5.92 0.49 0.15 0.04 0.01 0.03 0.01  low  
AZ31-C 2.96 0.23 0.09 0.03 0.01 0.02 0.01  low 

 

Magnesium alloys of the type AZ91, AZ61 and AZ31, chemical composition of which is given in the Table 1, 
were used as experimental material. These alloys were subjected to heat treatment mode T4, which 
consisted in their heating to the temperature of 380 ° C / 3 h and consequent heating to the temperature of 
428 ° C/18 h followed by air cooling. Torsion tests carried out on these magnesium alloys were realised at 
intervals of forming temperatures of 320 - 400 ° C. In order to complement the ideas about the behaviour 
of these alloys during plastic deformation without application of any prior heat treatment a torsion test was 
also made for all three types of alloys at chosen deformation temperature of 380 ° C. 

From the viewpoint of arrangement of individual components of the torsion plastometer it is possible to 
distinguish its torsional part, which includes the engine, gearbox, clutch and rotating clamping jaw. The 
fixed part is a non-rotating clamping jaw, into which sensors of torque and axial forces are incorporated. 
The jaw can travel horizontally in the sample longitudinal direction in order to enable its clamping and 
during the torsion test it is firmly blocked by locks. The other end of wire strand is lead guided through a 
pulley to a cage with a defined weight. Non-rotating jaw is not locked after clamping of the test-rod, but it 
has the possibility of movement in the direction of the sample axis. Undisputable advantage of the 
plastometer is its induction heating, with use of which it is possible to reheat very quickly the tested 
material, and at the same time to regulate quickly and accurately the given temperature. 

The test samples had in their tested part the diameter of 6 mm and their length varied according to the 
chosen type from 10 to 55 mm. The rod is placed during the test in a tube made of silica glass, which 
creates a possibility for the use of argon inert atmosphere. The protective tube also enables also fixation of 
the sample microstructure at any time of the test by quenching with a jet of water. The control program 
offers a possibility of the automatic quenching immediately after rupture of the sample, which is 
advantageous from the viewpoint of investigation of the material structure at the limit deformation. 
Heating of the tested part of the sample is ensured by induction heating and its temperature is monitored 
by pyrometer. During the test the following variables are read and recorded in dependence on time: 

- temperature of deformed material  

- number of rotations  

- torque 

- axial force 
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After completion of torsion tests fracture characteristics were investigated with use of SEM. This was 
preceded by an effort of confirmation or exclusion of influence of tramp elements on plasticity or on 
material’s resistance to deformation.  

 

3. RESULTS AND DISCUSSION  

The enclosed micro-structures illustrate the structural changes that occurred as a result of the applied heat 
treatment. Initial microstructure of Mg-Al-Zn alloys in the as cast state is formed by the matrix-rich in Mg 
and by minority phases, occurring as massive particles and dispersive, lamellar precipitate in inter-dendritic 
areas of alloys. The applied heat treatment led to a homogenisation of the initial micro-structure, to the 
complete dissolution of dispersive precipitate and to partial dissolution of the massive phase β. 

Above all the situation at the grain boundaries has changed, where in the state without T4 we can distinctly 
see the segregated beta phase in the form of massive formations. After this annealing a presence of 
annealing twins was also observed. A discontinuous precipitate was formed at annealing was at the grain 
boundaries and continuous precipitates at the remaining parts of the matrix, at places where no 
discontinuous precipitate was present.  

This means that first discontinuous precipitate was formed at the grain boundaries, the growth of which 
was then stopped, and then began formation of the continuous precipitate inside the grains. This is formed 
- according to the authors Zhang et al. (2005) preferentially along the basal planes (0001) in the basic 
matrix, as a result of its formation the Al content in the surrounding matrix is reduced. It was established 
that dislocations present in the Mg matrix serve as places suitable for precipitation of the β phase, since 

they are the preferred nucleation places for dissolved 
atoms, which have favourable conditions for diffusion 
along these dislocations. In the samples without heat 
treatment a spheroidisation occurred during 
deformation in the interval 320 - 400oC, as well as 
partial dissolution of lamellar dispersive phase and 
elongation of original grains of dendrites. 

 

Fig.1  

AZ91 alloy after heat treatment – T4 alloy AZ91 it 
occurred in the two-phase 

 

Results of X-ray diffraction, as features Kocich (2006), confirmed the variable quantity of the β phase in 
individual types of alloys, while in the alloy AZ31 it was not analysed at all, which confirms the fact that its 
formation occurs if the ratio of Al/Zn is greater than 3:1. For the alloy AZ61 a small share of this phase was 
found, and finally the alloy AZ91 contained the greatest amount of this phase. It can be stated that in the 
alloys AZ31 and AZ61 torsion tests  occurred in the single-phase region (α), while in the region (α + β) which 
is illustrate in the figure 1. Recrystallisation was simultaneously accompanied by re-precipitation of the 
dispersive phase at all the present interfaces and slip bands, formed at the higher amounts of deformation 
at all applied temperatures. 

It follows from the mentioned dependencies (Fig. 2) that mean flow stress increases in dependence on 
decreasing temperature of deformation, while the alloys AZ91 and AZ61 achieved very similar values of 
resistance to deformation. The alloy AZ31 showed an average of natural resistance to deformation at all 
applied temperatures lower than the alloys with 6% and 9% of Al, with the exception of the temperature 
380°C in the case, when it was not subjected to the previous heat treatment T4. For this temperature 
(380°C) the samples with and without T4 were used and it is obvious that the applied heat treatment 
reduced somewhat resistance to deformation, but at the same time intensity of deformation to material 
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rupture was increased. It is also possible to state that at the torsion test on the sample of the alloy AZ31 the 
maximum of mean flow stress was obtained in the interval of values corresponding to the alloy AZ91, in the 
area, in which the resistance to deformation in the alloy AZ91 decreased, the peak of stress for the alloy 
AZ31 was still not achieved at the same intensity of deformation.  

 

 

 

 

 

 

 

 

Fig. 2a AZ91 +T4 (400°C)    Fig. 2b AZ91 +T4 (380°C) 

 

 

 

 

 

 

 

Fig. 2c AZ91 (380°C)       Fig. 2d AZ91 +T4 (360°C) 

 

 

Fig. 2e AZ91 +T4 (320°C) 

 

This observation was further confirmed also for other values of 
temperature. This means that throughout the interval of 
forming temperatures used for these types of alloys the peaks of 
mean flow stress were shifted to longer times in comparison 

with the other two, it means that they showed the highest formability at achieving the lowest values 
resistance to deformation, with the exception of deformation at 380 ° C without prior heat treatment. This 
fact can be probably explained by the influence of inter-metallic phases segregated at the grain boundaries, 
and especially the beta phase (Mg17Al12), which is formed on the basis of the limited solubility of Al in Mg. 
As mentioned above, the work has shown that plastic deformation of alloys of the type AZ31 takes place 
essentially in the single-phase region, it means that the limit formability will be then given in particular by 
the plasticity of the basic matrix and the influence of the phase in comparison with the alloys AZ61 or AZ91 
beta will be negligible. Much closer more correlation of the resulting curves is then obvious in the alloys 
AZ61 and AZ91. It follows from the mentioned dependencies (Fig. 2) that mean flow stress increases in 
dependence on decreasing temperature of deformation, while the alloys AZ91 and AZ61 achieved very 
similar values of resistance to deformation. The alloy AZ31 showed an average of natural resistance to 
deformation at all applied temperatures lower than the alloys with 6% and 9% of Al, with the exception of 
the temperature 380°C in the case, when it was not subjected to the previous heat treatment T4. For this 



               Session contribution set up       May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 529

temperature (380°C) the samples with and without T4 were used and it is obvious that the applied heat 
treatment reduced somewhat resistance to deformation, but at the same time intensity of deformation to 
material rupture was increased. It is also possible to state that at the torsion test on the sample of the alloy 
AZ31 the maximum of mean flow stress was obtained in the interval of values corresponding to the alloy 
AZ91, in the area, in which the resistance to deformation in the alloy AZ91 decreased, the peak of stress for 
the alloy AZ31 was still not achieved at the same intensity of deformation. This observation was further 
confirmed also for other values of temperature. This means that throughout the interval of forming 
temperatures used for these types of alloys the peaks of mean flow stress were shifted to longer times in 
comparison with the other two, it means that they showed the highest formability at achieving the lowest 
values resistance to deformation, with the exception of  

deformation at 380 ° C without prior heat treatment. This fact can be probably explained by the influence 
of inter-metallic phases segregated at the grain boundaries, and especially the beta phase (Mg17Al12), which 
is formed on the basis of the limited solubility of Al in Mg. As mentioned above, the work has shown that 
plastic deformation of alloys of the type AZ31 takes place essentially in the single-phase region, it means 
that the limit formability will be then given in particular by the plasticity of the basic matrix and the 
influence of the beta phase in comparison with the alloys AZ61 or AZ91 will be negligible. Much closer more 
correlation of the resulting curves is then obvious in the alloys AZ61 and AZ91. 

 

 

 

 

 

 

 

Fig. 3a Fracture surface of AZ91          Fig.3b Fracture surface of AZ91 

The samples of the alloy AZ91, which were deformed at 380 ° C and subsequently evaluated on the SEM 
(scanning electron microscope) at the places of their destruction in both cases, i.e. in the variant, which was 
not annealed prior to deformation, and also in the variant which was subjected to homogenisation 
annealing T4. However, at more detailed investigation of fracture surfaces in both cases two different types 
of fractures were observed, while in the non-annealed samples (see the Fig. 3) the fracture went along the 
grain boundaries on which the segregated secondary β-phase (Mg17Al12) is distinctly visible, which was later 
conformed also by spectral analysis, that was focused on chemical composition on the fracture surface, 
which contained also some other elements, which weakened cohesion of individual grains, and which in 
combination with developed deformation played a significant role at material fracture.  

Materials after T4 had different character of fracture (Fig. 4), the pictures obtained from the electron 
microscope show considerably without T4 after torsion test larger parallel surfaces, but with smaller share 
of the segregated secondary phase, although according to the spectral analysis the elements, such Si and 
Mn were plentifully present here as well. The pictures show that this was classical form of inter-crystalline 
failure without visible smelting of grain boundaries as it was the case in the samples without T4. In both 
cases the visible drawback is the excessive grain size, especially in the samples after T4, which - together 
with the high temperature Fracture surface of the- probably contributes significantly to the formation AZ91 
with T4 after torsion test  Fracture surface of AZ91fractures already at after T4 after torsion test small 
deformations (up to 10%). The interface Mg/Mg17Al12 has also negative effect, as it acts here as a source of 



               Session contribution set up       May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 530

cracks which connect mutually and lead to the fact that some secondary cracks are evident in the enclosed 
figure 4. The phase Mg17Al12 is therefore not an ideal "reinforcement" phase. Heat treatment therefore 
led to the dissolution of the secondary phase, initially segregated at the grain boundaries. In addition to 
these phases some cavities and precipitates were also present on the fracture surfaces. 

Materials after T4 had different character of fracture (Fig. 4), the pictures obtained from the electron 
microscope show considerably larger parallel surfaces, but with smaller share of the segregated secondary 
phase, although according to the spectral analysis the elements, such Si and Mn were plentifully present 
here as well. The pictures show that this was classical form of inter-crystalline failure without visible 
smelting of grain boundaries as it was the case in the samples without T4.  

                        

(a) AZ91 after T4 and after torsion test         (b) AZ61 after T4 and after torsion test 

Fig. 4 Alloys after T4 and after torsion test 

 

In both cases the visible drawback is the excessive grain size, especially in the samples after T4, which - 
together with the high temperature - probably contributes significantly to the formation fractures already 
at small deformations (up to 10%). The interface Mg/Mg17Al12 has also negative effect, as it acts here as a 
source of cracks which connect mutually and lead to the fact that some secondary cracks are evident in the 
enclosed figure 4. The phase Mg17Al12 is therefore not an ideal "reinforcement" phase. Heat treatment 
therefore led to the dissolution of the secondary phase, initially segregated at the grain boundaries. In 
addition to these phases some cavities and precipitates were also present on the fracture surfaces. 

It is apparent from the pictures taken by SEM (see Fig. 5) that failure is of different character, i.e. that in the 
alloy AZ91 at the are of beta phase there is a clear rupture, while with the decreasing Al content the 
character of failure begins to change to plastic failure (Fig.5b), when partially deformed grains are visible. 
This documents significant influence of the beta phase on plasticity, particularly by its modification at 
segregation.  

 

4.  Conclusions 

As it was revealed by the experiment and by observation of micro-structure, after application of T4 the 
dispersive precipitate was completely dissolved and the massive phase β was partially dissolved on the 
grain boundaries, which meant homogenisation of the initial micro-structure. After application of T4 
annealing twins were formed, which have probably also influenced – as one of the factors - behaviour of 
the alloys at torsion tests. Important finding from the SEM investigation is the fact that the T4 influenced at 
the subsequent deformation among other also the character of fracture from the initial inter-crystalline (for 
the state without T4) to trans-crystalline. 
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The lowest mean flow stress at torsion tests was achieved in the alloy AZ31+T4 – in the whole interval of 
forming temperatures. Situation was different in the state without T4 at 380 ° C, where this alloy achieved 
higher values of mean flow stress than the alloy AZ91. Forming temperature of 360 ° C proved to be very 
suitable for defining the specific values of the deformation intensity, at which the beginning of dynamic re-
crystallisation occurs, in particular in the alloys AZ61 and AZ91 re-precipitation of dispersive phase occurred 
simultaneously with re-crystallisation at all present interfaces. The values Se = 0.13 for the AZ61 or Se = 
0.15 for AZ91 appear to be the peak deformations for the onset of dynamic re-crystallisation. The intensity 
to rupture for the alloy AZ31 at 360 ° C reached at the same time the peak value for mean flow stress in 
region of deformations, where the mean flow stress curves for the two remaining alloys had already the 
downward character. 

Negative influence of the interface Mg/Mg17Al12 and of some tramp elements, which act as a source of 
formation of possible secondary cracks which mutually connect and result in the fracture, was also 
confirmed, that’s why Mg17Al12 is not an ideal „reinforcing“ phase. 
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Abstract 

The aim of article is study the influence of Bi on the microstrucure evolution of lead-free solder joints in 
microelectronics. The key factor affecting the reliability of electronic products are the interfacial reactions 
in solder joints which the secondary products are brittle intermetallic compounds. Creation and growth of 
intermetallic compounds is dependent on the chemical composition of solder and base material, on the 
effects time of melt solder on the base material and on the operating temperature. It is very important to 
let know that these reactions is not creation only near contact of base material with melt solder in melting 
time and cooling time a solder joint, but it is followed to solidification of solder too. 

Keywords: soldering, lead-free solder, reliability, intermetallic compound,  

 

1. INTRODUCTION 

The unhealthy effect of lead to the environment and human health accelerate the research and 
development of solder in direction of the completely elimination of lead. The lead-free solders besides the 
higher melting temperature, worse wettability (from this different temperature profile, different flux...) are 
different from the lead containing solders also with different electrical and mechanical properties. 

Most of lead-free solder alloys are setup mainly to the addition of small amount of third and fourth alloy to 
the binary alloy to increase their condition. Bismuth is added to the solder alloys in order to decreasing the 
melting point, advance mechanical conditions and increasing of creep resistance.  Bismuth also advance the 
wettability, what can to play the role in the using of lower soldering temperature [1, 4]. 

The alloy systems with the Bi addition are used by the japanese producers of electronics. It is used the 
alloys with the high amount of Sn, mainly SnAgBi, SnAgCuBi. 

The typical compositions are tested by japanese project NEDO (New Energy and Industrial Technology 
Development Organization) - SnBi3Ag2Cu0,5 and after it by project IMS (Intelligent Manufacturing Systems) 
- SnAg3Bi2Cu0,5. To the reduction of melting temperature and better wettability are prefered only low 
amount of bismuth containing. The addition of higher amount approximetly 5-20% Bi decreasing the 
melting point to the temperature of eutectic SnPb solders, but they lose the good conditons of SnAgCu 
alloy system [6]. 

 

The influence of intermetallic compounds to the joint reliability 

The most widespread questions in lead-free solder reliability is the intermetallic compounds growth, which 
are localized to the interface between solder and substrate. All known basic materials and coatings in 
electronic products create with the melted solder with active element (Sn) the intermetallic compounds 
(IMC) at the interface solder – substrate. Their existence at the contact area indicate, that was created the 
good metallurgical joint [2]. 
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Unwilling is mainly the excessive IMC growth, indicated by joint heating in working process (changes of 
atposphere temperature or temperature changes by heat abstraction from the cover), in case of IMC 
growth to the heavy thickness and the interface solder – IMC take place of the source of crack creation and 
extension. 

The growth begin at the room temperature and continues to the area of working temperature of 
electronics. All growth of layers and cracks brings together the degradation of mechanical and electrical 
properties, which become the decrease of electrical conductivity of joint. Than more cracks in the layer, 
than higher transfer resistance, which cause the higher heat strain of joint and layer and cracks further 
expanded. This process leads to the joint degradation and gradually to the non-functional joint [3, 7]. 

The excessive growth also consume the basic metal and thereby become to the gradual reduction of 
soldered joint. This may flow into the adhesion loss to the substrate, which is not wetted by solder, or may 
be the crack creation due to the strain in intermetallic compound, because of too thickness [3, 5].  

 

2. EXPERIMENTAL PART 

For experiment was chosen the fours element alloys SnAgCuBi with the small amount (0,5 and 1,0%) of 
Bismuth. As the basic material was used the often used material in electronics the Cu with 99,995 % purity. 
The joints Cu – SnAg1,0Cu0,5Bi0,5 and Cu – SnAg1,0Cu0,5Bi1,0 was created by hot plate soldering. The 
soldering temperature was 255°C through 5s.   

The samples produced was subsequently annealing at 160 ° C for 15 days and shall be collected from the 
vacuum furnace at intervals of 1, 3, 7, 11 and 15 days. For observations of IMC (shape and size) present in 
the structure of solders and at the interface of soldering joints is used light optical microscopy. To assess 
the representation of different phases present was carried the line EDX microanalysis. 

 

3. RESULTS 

The microstructure of the interface of soldering joint Cu - SnAg1, 0Cu0, 5Bi0, 5 after soldering process and 
then soldering heat affected is shown in Fig. 1a, b, c. After soldering (Fig. 1a) is the structure of solders 
SnAgCuBi0, 5 consisting predominantly with fine-grained structure. In the volume of solder are dispersed 
the phases Cu6Sn5 and Ag3Sn which after the heat affecting change their shape and size. These phases are 
formed from Ag and Cu, which are contained in the composition of solders. 

Given that the use of soldering materials based on Cu and Sn can be observed at the interface of Cu-
substrate/solder creation of IMC Cu6Su5. Size layer of IMC does not get over 1μm. After annealed is 
created further reaction layer at the interface of substrate the phase Cu6Su5 documented as Cu3Sn (Fig. 
1b). From images (Fig. 1b, 1c) it is evident that with increasing annealing time increasing the thickness of 
the IMC at the interface and also causes to significant thickening of solders structure. 

Growth of Cu3Sn phase can be explained by the fact that the great thickness of Cu6Sn5 phase leads to 
diffusion of Cu at the interface and due to the lack of Sn at the interface of solder joint creation the phase 
rich in Cu (Cu3Sn). Conversely, if the interface is located the Sn phase, due to the reaction Sn with Cu, 
growth of phase Cu6Sn5 is faster and reach the greater thickness. 

Morphology of the IMC is significantly different from each other. IMC Cu6Sn5 is initially characterized by its 
high inequalities in comparison with laminated Cu3Sn phase. Over time, however serrated shape of Cu6Sn5 
phase takes laminated shape with a unique layered scallop. For the longest time of 360 h of annealing (Fig. 
1c) was a relatively continuous layer of the two phases with an average thickness of 22 μm. The thickness 
of the IMC in view of the mechanical properties of the phases can be considered large enough that the 
service is reliable. 
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Fig. 1.  

Microstructure of the interfacial area of Cu-
SnAg1.0Cu0.5Bi0.5 solder joint  

 

1. after soldering T = 255°C, t = 5 s 
2. aged at 160°C for 24 h 
3. aged at 160°C for 360 h 

 

 

 

 

 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 2. Linear EDX microanalysis of Cu–SnAg1.0Cu0.5Bi0.5 solder joint interface aged at 160°C for 24 h 
Fig. 3. Linear EDX microanalysis of Cu – SnAg1.0Cu0.5Bi0.5 solder joint interface  
 

In Fig. 2 and 3 of the line EDX microanalysis observes the structure of heat affected soldering joint together 
with the individual increased phases. The line analysis confirms the presence of phases Ag3Sn and Cu6Sn5 
near the interface. Generally, however, larger particles tend to Cu6Sn5 phase and smaller particles to 
Ag3Sn phase. 
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Structure of solder SnAg1,0Cu0,5Bi1,0 after the soldering shows granular structure. Apart from scattered 
Ag3Sn phase of various shapes and dimensions was observed in the volume of solder the creation of Cu6Sn5 
in the form of the letter "F". During the annealing of solder joints there is a change to the growth and 
change in shape of IMC. 

The sequence of creation at the IMC is the same as in SnAnCuBi0, 5 solder, ie, as the first is creation Cu6Sn5 

phase and up to the heat affected is creation the second phase Cu3Sn (Fig. 4b, c). Similarly during the 
annealing of IMC surface Cu6Sn5 leveling, but intense. It is changing from serrated shape to scallop shape. 
"Smoothing" is the most in the longest time of annealing (Fig. 4c). 

Compared with solder containing of less Bi the thickness of IMC decreased at the interface. Solder 
SnAgCuBi1, 0 also varies in thickness of phases (Ag3Sn and Cu6Sn5) located in the volume and quantity of 
solders projecting long-scallop skewer (Cu6Sn5 phase) of the interface to solders. These changes, 
microstructure refinement, can be attributed to greater number of particles Bi contained in Sn-rich areas. 

The line EDX - microanalysis (Fig. 5 and 6) of joint Cu - SnAgCuBi1, 0 confirms the close interface, which is 
made phases Cu3Sn and Cu6Sn5. This was confirmed by the unique occurrence of phases Ag3Sn in gross IMC 
Cu6Sn5. As in the solder SnAgCuBi0,5 the presence of Bi precipitates in Sn-rich areas of the EDX 
microanalysis failed 

   

 

 

Fig. 4.  

Microstructure of the interfacial area of Cu-
SnAg1.0Cu0.5Bi1.0 solder joint 

1. after soldering T = 255°C, t = 5 s 
2. aged at 160°C for 24 h 
3. aged at 160°C for 360 h 
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Fig. 5. Linear EDX microanalysis of Cu – SnAg1.0Cu0.5Bi1.0 solder joint interface aged at 160°C for 24 h 

Fig. 6. Linear EDX microanalysis of Cu – SnAg1.0Cu0.5Bi1.0 solder joint interface aged at 160°C for 360 h 

 

4. CONCLUSION  

From the results of the study of interface the soldering lead-free joints it is clear that during the annealing 
(aging) services there are significant structural changes. Adding 1% Bi to system of alloy SnAgCu leads to 
refinement of grain size of intermetallic phases in the volume of solders and suppressing the growth layers 
of intermetallic phases at the interface in soldering joints and thus to improve the reliability of joints. Due 
to the low content (0.5 and 1.0%) of Bi alloys in the systems of SnAgCuBi presence of Bi precipitates was 
confirmed. 
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Abstract 

Laser spot welding is receiving increasing attention as a high speed technique to replace the resistance spot 
welding method for joining metal sheets in automotive industry. To ensure the reliability of the spot welds 
during vehicle lifetime, weld quality should be improved. In this investigation laser spot welding was used 
to join low carbon steel sheets. The relationship between the joint quality and laser spot welding 
parameters was studied using Taguchi design of experiment method. Taguchi analysis was made to 
determine the most effective parameters in the investigated range on the quality of laser welded joints. To 
address this issue, tensile- shear tests were performed on laser spot welded joints. Joint quality and 
mechanical behavior are evaluated by energy absorption capability of weld before crack initiation. In these 
experiments, three overload failure modes were observed; pullout failure is the desirable one which is the 
ductile mode. Load carrying capacity and energy absorption capability for those welds which fail under the 
overload pullout mode are more than those welds which fail under the other modes. Optimum process 
parameters in the studied range were found which would ensure the desirable pullout failure mode and 
thus maximum failure energy. 

Keywords: ANOVA, resistance spot welding (RSW), Taguchi method 

 

1. Introduction 

In recent decades laser beam welding has become popular in automotive industry. High welding speed, 
precision and the low heat input which results in small heat affected zone and reduced distortion, are some 
of the laser welding advantages. Resistance spot welding (RSW) is the dominant process for joining metal 
sheets in the automotive industry. An auto-body typically contains 2000 to 5000 spot welds. Laser spot 
welding (LSW), as a novel technique, has the potential to substitute conventional resistance spot welding 
method [Yang and Lee 1999]. The quality and mechanical behavior of spot welds significantly affect the 
durability and crashworthiness of the vehicle. The tensile-shear test is the most widely used test for 
evaluating the spot weld mechanical behavior in static conditions [Zhou et al 2003]. Failure energy is a 
measure of weld energy absorption capability, and its higher value demonstrates the increase in weld 
performance reliability against impact loads [Zhou et al 1999]. To ensure the reliability of the spot welds 
during vehicle lifetime, process parameters should be adjusted so that the pull out failure mode is 
guaranteed which has higher peak load and failure energy than the other failure modes. The pulsed Nd:YAG 
laser beam has a reputation as a rapid, precise and easy operation in welding. Pulsed Nd:YAG laser welding 
is intrinsically a welding process with multiple parameters which should be adjusted to obtain a sound 
weld. To assess all of the involved parameters through conventional design of experiments, which evaluate 
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the effect of each parameter separately, a large number of experiments should be done. Taguchi method 
helps to pass the same judgment although fewer experiments are done. 

 

2.1  Taguchi method 

Taguchi method is a powerful tool that provides a systematic approach to optimize the design of 
experiments for achieving the best performance and quality. Taguchi method determines both the optimal 
result and the dominant factors involved in the optimization for laser welding from finite analytical data 
[Ranjit 2001]. A series of studies describing the successful use of Taguchi method for optimization of laser 
beam welding for joining different metals can be found in the literature which generally establish a 
correlation between weld geometry and welding process parameters [Pan et al 2005; Anawa and Olabi 
2008]. However, no work has been reported on using this method to optimize LSWs quality by adjusting the 
welding parameters. In setting up the experiment, first the control factors and their levels are chosen. Trial 
samples were performed by varying one of the process variables to determine the working range of each 
variable. In this study, six welding parameters; pulse frequency, laser energy, welding speed, pulse width 
and the diameter of the welded circle were considered altogether with two levels of each. Therefore, a 
total of 32 (2×2×2×2×2) different combinations should be considered. In a Taguchi design a matrix 
experiment called orthogonal array is conducted. In this way each factor can be evaluated independently 
from other factors [Ranjit 2001]. Finally, the most appropriate orthogonal array that defines the 
experiment schedule is chosen on the basis of the degrees of freedom of the experiments. In this case the 
samples could be organized into only 8 groups using L8 standard orthogonal array and still yield results with 
the same confidence as if they were to be considered separately. The outlook of the Taguchi's L8 standard 
orthogonal array can be seen in Table 1 in which the numbers indicate the various experimental levels of 
the different factors. The inspection index for Taguchi’s analytical definition applied herein is defined as 
absorbed energy before peak load after tensile- shear test. 

 

Table 1 Standard orthogonal arrays for 5 factors in 2 levels, following Taguchi’s suggestion [Ranjit 2001] 

Sample 
No. 

Factor A Factor B Factor C Factor D Factor E 

1 1 1 1 1 1 

2 1 1 1 2 2 

3 1 2 2 1 1 

4 1 2 2 2 2 

5 2 1 2 1 2 

6 2 1 2 2 1 

7 2 2 1 1 2 

8 2 2 1 2 1 

 

3.  EXPERIMENTAL PROCEDURE 

0.8 mm thick low carbon steel sheets were used as the base material in this research. The yield strength 
and ultimate tensile strength of this sheet steel were 180 and 330 MPa, respectively. The chemical 
composition of the steel is presented in Table 2.  

Laser spot welding was performed using a pulsed Nd:YAG laser Model IQL-10 with a maximum mean laser 
power of 400W as the laser source for the experiments. Pure argon gas (99%) with a coaxial nozzle at 5-10 
Lit/min flow rate was used for shielding. Table 3 shows the arrangement of the samples into 8 groups 
according to Taguchi method. The experiment was carried out according to the design matrix in a random 
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order to avoid any systematic error in the experiment. The tensile-shear test samples were prepared similar 
to specimens used for RSWs, according to ANSI/AWS/SAE/D8.9-97 standard. As it is shown in Figure 1, a 
circular welding path was chosen to obtain a ring shaped weld metal (similar to the resistance spot weld 
nugget). The sample dimensions are given in Figure 1. Tensile-shear tests were performed at a cross head 
of 2 mm/min with an Instron universal testing machine. Peak load and failure energy (measured as the area 
under the load-displacement curve up to the peak load) were extracted from the load- displacement curve. 
Failure mode was determined from the failed samples. Macroscopic pictures were taken after normal 
preparation including cutting, mounting, polishing, etching with 2% Naital. The welds were cut at the cross 
section as is shown in Figure 1.  

 

Table 2 Chemical composition of the studied low carbon steel (wt. %) 

Fe Mn Si Al Ni Mo Cr P S N C 

balanced 0.189 0.032 0.039 0.035 0.004 0.02 0.0093 0.011 0.0097 0.045 

 

Fig 1 Tensile-shear test samples were made according to ANSI/AWS/SAE/D8.9-97; welded circle diameter 
was changed according to table 3. 

 

Table 3 Standard orthogonal arrays of 8 different experiments following Taguchi’s suggestion 

Sample 
No. 

Pulse freq. 
(Hz) 

Pulse duration 
(ms) 

Pulse energy  
(J) 

Conveying speed 
(mm/s) 

Circle diameter 
(mm) 

1 25 3 7 3 4 

2 25 3 7 4 6 

3 25 4 7.5 3 4 

4 25 4 7.5 4 6 

5 35 3 7.5 3 6 

6 35 3 7.5 4 4 

7 35 4 7 3 6 

8 35 4 7 4 4 
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4. Results and Interpretation of Data 

4.1 Main Effects 

Table 4 shows the results of tensile- shear tests which are extracted from load- displacement curve for each 
sample. Peak load, maximum displacement, failure energy (measured as the area under the load-
displacement curve up to the peak load) and also failure mode that was determined from the failed 
samples are mentioned.  

 

Table 4 Results of tensile test of lap shear specimens of LSW 

Sample No. Energy Peak load Maximum disp. Failure mode 

1 1.31 2.85 0.60 IF 

2 0.22 1.50 0.17 IF 

3 1.83 3.26 0.69 IF 

4 8.28 4.72 2.03 IF 

5 1.20 3.70 0.39 PF- 

6 1.02 3.01 0.41 PF - 

7 14.66 5.29 3.17 PF+ 

8 8.32 4.28 2.22 PF- 

* IF: interfacial failure; PF+: desired pullout failure; PF-: undesirable pullout failure. 

 

As the failure energy was supposed as the quality index, a larger value of response was considered 
preferable in this work. In order to assess the influence of factors on the response, the means for each 
control factor should be calculated. The mean for one level was calculated as the average of all the 
responses that were obtained with that level. For instance, Ā1 was calculated as follows: 

1

1 2 3 41
1

1.31 0.22 1.83 8.28
2.91

4 4A

y y y yA
A

N

− + + + + + +
= = = =

 

Where NA1 the total number of experiments in which level1 of factor A is present, and A1 the total of results 
(yi) that include factor A1. The complete calculations are summarized in Table 5. Figure 2 shows the main 
effects for the factors. The last column in Table 5 states the difference of mean of each factor between two 
levels, which is corresponding to the line slip in Figure 2 that states the importance of varying each factor's 
level. Where the difference is higher, the factor is more effective.  

 

Table 5 Mean values of control factors at each level. 

Num. Factor P 
Mean 

Difference (1-2) 
Level 1 Level 2 

1 A Pulse frequency 2.91 6.30 -3.39 

2 B Pulse duration 0.94 8.27 -7.33 

3 C Pulse energy 6.13 3.08 3.04 

4 D Conveying speed 4.75 4.46 0.29 

5 E Circle diameter 3.12 6.09 -2.97 
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Fig 2 Main effect of each parameter on process response. 

 

According to the reading of this diagrams proposed from Taguchi, pulse duration had the highest effect on 
the failure energy of the laser spot welded joint. The results also indicate that conveying speed of laser 
beam did not have a significant effect on the response. the relative influence of factors to the variation of 
results and their significance would be further determined using analysis of variance (ANOVA). As described 
above, the mean was chosen according to the criterion the-larger-the-better in this study, in order to 
maximize the response. The best combination of levels for the effect on means was given by the levels 2, 2, 
1, 1, 2 for these five factors, respectively. So, neglecting interaction effects, optimum condition is obtained 
by setting factors at levels encircled in Figure 2. Therefore, according to the graphs of means, the pulse 
frequency, laser energy, welding speed, pulse width and the diameter of the welded circle must be 
respectively 35 Hz, 4 ms, 7 J, 3 mm/s and 6 mm to achieve the maximum response. This condition could be 
expressed as A2B2C1D1E2.  

 

4.2 Analysis of Variance (ANOVA) 

Analysis of variance determines the relative influence of each factor. ANOVA will also support calculations 
that introduce error factor which includes the influence of all factors not included in the experiments and 
effects of experimental error. The variation caused by an individual factor, say A, is obtained by an 
expression called the sum of squares. The sum of the results (T), correction factor (C.F), total sum of 
squares (ST), factor sum of squares (SA, SB, ..., SE) and error sum of squares (Se) were defined by the 
following formulae: 
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Where n was the number of designed experiments that was 8 in this work. Total degree of freedom (fT), 
degree of freedom (DOF) of factor A (fA) and error degree of freedom (fe) were calculated as follows: 

1

2 1 1       &       

T

A e T A

f n

f f f f

= −

= − = = −∑
 

Degree of freedom for each factor is one less than the number of its levels. Mean squares (variance) for 
factors and for error term and F-ratio were described as follows: 
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Contribution percentage for each factor and for error could be obtained by following descriptions:  
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P P
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= =  

Weather a factor influence is significant or not is judged by subjecting the factor to the test of significance. 
The F-test was first proposed by Fisher [Ranjit 2001]. The term 'test' here refers to the process of 
comparing a calculated factor F-ratio with the standard table of desired level of confidence. The 
contribution of the specific process parameter dominated the failure energy of laser spot welded joints if FA 
was approximately equal to or greater than the index F0.05 [Ranjit 2001]. Thus, the larger the FA value, the 
more dominant the process parameter in laser spot welding. The factors that do not pass this test are 
considered insignificant and are usually treated as if they are not present. The process of ignoring a factor 
once it is deemed insignificant, called pooling is done by combining the influence of the factor with that of 
the error term. When the test of significance is not possible (for an error DOF smaller than 3), factor with 
smallest sum of squares should be pooled. The complete calculations are summarized in Table 6. The last 
column in Table 6 represents the contribution of each factor. As clearly depicted herein, factor B, laser 
pulse duration, has the largest contribution in laser spot welding. As concluded above, factor D has a 
negligible contribution. In order to complete the calculations, factor D which has a trivial effect should be 
pooled. Error DOF is 2; therefore F-test is not reliable and pooling should starts from the factors with less 
contribution. In such cases, after determining each factor's contribution and pooling, new contribution 

percentage should be calculated using pure sum of squares ( A
S ′

). By omitting factor D, supplementary 
calculations would be according to following procedure:  
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Table 7 shows the calculated values after pooling of factor D. It should be kept on pooling until the total 
DOF of pooled factors is equal to the half of total DOF. Hence, factor E and C were pooled (Tables 8 and 9).  
By omitting unimportant factors and pooling them, F-test could be applied. F0.05 is also specified as a 
reference in Table 7, 8 and 9, since it represents a statistical confidence of 95% [Ranjit 2001].  
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Table 6 ANOVA table. 

column Factors S f V F %P 

1 A 22.92 1 22.92 1.94 12.03 

2 B 107.54 1 107.54 9.08 56.45 

3 C 18.54 1 18.54 1.57 9.73 

4 D 0.17 1 0.17 0.01 0.09 

5 E 17.66 1 17.66 1.49 9.27 

error  23.68 2 11.84 1.00 12.43 

total  190.51 7   100.00 

 

Table 7 ANOVA table after pooling factor D. 

column Factors S f V F F0.05 S' P% 

1 A 22.92 1 22.92 2.88 10.13 14.97 7.86 

2 B 107.54 1 107.54 13.52 10.13 99.59 52.27 

3 C 18.54 1 18.54 2.33 10.13 10.58 5.56 

4 D Pooled 

5 E 17.66 1 17.66 2.22 10.13 9.70 5.09 

error  23.85 3 7.95    29.22 

total  190.51 7     100 

As clearly depicted herein, Comparing calculated F-ratios to standard F-values, the dominant parameter 
(for which FA exceeds F0.05) is the pulse duration of Nd:YAG laser welding. The latter parameter dominates, 
since it obtains more than half of entire contribution. Thus, in applying this method of joining, the pulse 
duration of the pulsed laser welding process should be most closely considered when optimizing 
performance. The latter priority is the laser pulse frequency, which also obtains over 5% of entire 
contribution in the laser spot welding; but this factor is not considered influential. It should be noted that, 
this optimum condition is a local optimum, not a general one, which is reached in the studied range of 
process parameters. It is likely that other optimum conditions are present which would be obtained by 
adjusting parameters to values out of the studied region. 

 

Table 8 ANOVA table after pooling factor D & E. 

column Factors S f V F F0.05 S' P% 

1 A 22.92 1 22.92 2.21 7.71 12.54 6.58 

2 B 107.54 1 107.54 10.36 7.71 97.16 51.00 

3 C 18.54 1 18.54 1.79 7.71 8.16 4.28 

4 D 
Pooled 

5 E 

error  41.51 4 10.38    38.13 

total  190.51 7     100 
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Table 9 ANOVA table after pooling factor C, D & E. 

column Factors S f V F F0.05 S' P% 

1 A 22.92 1 22.92 1.91 6.61 10.91 5.73 

2 B 107.54 1 107.54 8.95 6.61 95.53 50.14 

3 C 

Pooled 4 D 

5 E 

error  60.05 5 12.01    44.13 

total  190.51 7     100 

 

5. Conclusions 

The optimization of laser spot welding of low carbon steel sheets was studied using Taguchi method. Eight 
combinations of welding parameters were considered following Taguchi’s recommendation, to evaluate 
the relative importance of welding parameters. The considered factors involve the pulse frequency, laser 
energy, welding speed, pulse width and the diameter of the welded circle. Analysis of experimental results 
indicates that the laser pulse duration contributed most to laser spot welded joint's quality. Accordingly, 
the optimal combination of welding parameters for maximum failure energy of laser spot welded joints was 
determined. 
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Abstract 

The article deals with measurements of linear changes of castings ∅ 60 x 70 mm from Al and its alloys 
during their solidification and cooling. For this purpose the measuring apparatus, which applies a 
dilatometer of Polish provenience, measuring frame with mould and PC, was made up. Dilatation curves Al 
and Al alloys were acquired during the casting process. In the case of Al alloys the influence of chemical 
composition and metallurgical treatment (with the use of refining salts) on linear changes during 
solidification and cooling on the dimension of shrinkage originating was observed. From the curve 
dependence contraction on the temperature has been calculated  α coefficient of thermal contraction 
(expansion) for Al–Si alloys. 

Keywords: Al-Si alloys, Polish provenience,  

 

1. INTRODUCTION 

It is necessary at the casting production to ensure not only their quality (accuracy, geometry, surface 
roughness, structure homogeneity, minimal internal stress, etc.), but also to supress of their dimensional 
linear and volume changes. In the case of casting alloys it is necessary to observe the linear and volume 
changes especially during solidification of Al-Si alloys, where the eutectic silicon crystallization is important. 
The course of volume changes of castings defines the casting material ability to equalize the loss of volume 
during solidification in an effective way. The volume changes at the process of Zn alloys solidification have 
been observing by KRÝSLOVÁ [1] and recently our Department of Engineering Technology at the Technical 
University of Liberec has been concerned with this issue. At present we are carrying out experiments with 
Al alloys. In this contribution we would like to get acquainted professional technical public with our 
research results. 

 

2. CONTRACTION OF CASTING ALLOYS 

The molten metal has considerably greather volume than the solidified casting. There are three quite 
different contractions to be dealt with, when molten metal is cooling from the liquid state to room 
temperatures. As the temperature reduces, the first contraction to be experienced is that in the liquid 
state. This is the normal thermal contraction and volume of the liquid metal reduces almost exactly linearly 
with falling temperature. In the case of casting the shrinkage of the liquid metal is usually not troublesome, 
the extra liquid metal required to compensate for this small reduction in volume is easily provided. The 
phase of contraction is quite another case, however. This contraction occurs at the freezing point, because, 
in general, solid has greater density as compared to the liquid. Table 1 shows contraction due to freezing 
for a number of metals. The contraction causes several problems. These include requirement for feeding, 
that is defined here as a process for compensation of solidification contraction. Solid contraction is a very 
important process for production of the pattern. Contractions of the casting from its freezing temperature 
to room temperature are dependent on the castings methods. There is no considerable refilling of the 
molten metal loss during solidification in the case of Al-Si-alloys. The volume growth by the influence of 
silicon solidification is not able to equalize the volume loss that has arisen at Al crystallization. Therefore, it 
is necessary to provide risering of castings made from Al-alloys, especially at the gravitational casting 
process. Shrink occurrence in this case is connected with the way of solidification. The way of casting 
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solidification, reflections of its internal pressure ratios and external volume changes are enabled to observe 
with the help of dilatation measuring. 

 

Table 1 Solidification shrinkage volume and linear contraction for some metals 

Metal 
Volume 

changes [%] 
Coefficient  

dilatation [K-1] 
Approximate linear contraction   to 20 °C [%] 

Aluminium 7,14 23,6.10-6 0,8 to1,4 ( Al-alloys)∗ 

Zinc 4,08 27,6.10-6 0,8 to1,6 (Zn-alloys)∗ 

Magnesium 4,10 27,5.10-6 0,8 to1,6 (Mg-alloys)∗ 

Tin -3,32 23,0.10-6 0,5∗ 
Silicon -2,90 7,8.10-6 - 

Iron 3,16 11,7.10-6 2,2∗ 

Commentary:   ∗) linear contraction in the sand mould 

 

3. EXPERIMENTAL OBSERVING OF CONTRACTION OF CASTING ALLOYS   

For the measurements of casting alloys dilatations our department has built up a complete measuring 
apparatus corresponding, in principal, to the measuring equipment of HUMMER [2]. It consists of a 
movable frame placed on revolving rollers, which secure the frame line in horizontal direction towards the 
basic board with revolving rollers, where there is the circular metallic frame of a mould with the internal 
diameter of 100 mm and with height of 100 mm. In the frame there is a built-in roller with the diameter of 
60 mm and height of 70 mm. In the half of the height of the roller there are two built-in quartz tubes with 
the diameter of 5 mm – their axis intersects perpendicularly the roller axis. The tubes overhang into the 
internal space of the roller approximately by 7 mm.  In the bottom of the roller in the thermal axis there is a 
thermocouple NiCr-Ni reaching with its coated end between the tubes ends. The movable frame consists of 
two steel arms on which by means of the clamping joint there are quartz tubes with the diameter of 10 mm 
attached to them. The tubes serve as a lead of the movable frame and at the same time as a connecting link 
of both arms. On the first arm there is one tube with the diameter of 5 mm fastened in the sleeve. On the 
second arm there is an induction sensing unit of a position with the extent of 10 mm also fixed by means of 
the sleeve. Movable touch of the sensing unit is leant against the external end of the quartz tube with the 
diameter of 5 mm.  The measuring apparatus is shown in Fig. 1. The measurements of dilatations of Al-
alloys were carried out on this measuring apparatus. Measurements were carried out in moulds bound with 
water glass and chilled by CO2. For casting melts of Al-alloys contained from 0,3 % Si, eutectic composition 
up to overeutectic composition  almost 30 % Si and pure aluminium. From the mentioned experiments a 

number of relevant time-dependencies of dilatation and 
temperature were acquired. The figures 2 to 3 show the 
dependences of linear contraction and temperature of Al 
alloys castings on the time.  

 

Fig.1  

Frame of measuring apparatus with a casting sand mould 
and with a measuring sensor of dilatation 
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Fig. 2 Time dependend temperatures and dilatation of the castings using moulds bound with wather glass 
and hardened by CO2 (pure Al, AlSi7, AlSi8, AlSi10) 
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Fig. 3  

Time dependend temperatures and dilatation of the 
castings using moulds bound with wather glass and 
hardened by CO2 (AlSi25, AlSi29, AlSi12CuNiMg) 

 

 

                           AlSi12CuNiMg 

From the curve dependence expansion on the temperature has been calculated  α coefficient of thermal 
contraction (expansion) for Al and Al alloys, see Tab. 2. It was used equation:  

)( 12 TTd

d

O −

∆
=α   [K-1]             (1)      
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    where:  ∆d is contraction of the casting [mm], 

                  d0  -  is original  length of casting [mm], 

                 (T2-T1) - is difference of temperature [°C]. 

 

Table 2   Coefficient of thermal contraction α 

Temperature 
[°C] 

Coefficient of thermal contraction 
α.10-6 [K-1] 

Al AlSi 7 AlSi8 AlSi10 AlSi 25 AlSi 29 AlSi12CuNiMg 
450 - 400 19,8 18,6 19,7 21,3 15,7 14,2 29,5 

 

4. CONCLUSION 

The contribution presents knowledge of exact possibility of assessment of the dilatation course at the 
solidification process of Al-alloys. In the case of Al-alloys it is possible to interpret the growth of dilatation 
curves in supplementary soaking and expansion of solidified skins of castings by the influence of latent 
crystallization heat liberating. Decisive parameters of tests are the influence of the metallic charge 
composition, chemical composition of Al-alloys, method of casting chilling and the type of the mould. The 
possibility of exact assessment of the dilatation course at the solidification process of Al alloys. Decisive 
parameters of tests are influenced with the metallic charge composition, the degree of melt overheating, 
chemical composition of Al alloys the method of casting cooling and the type of the mould.  With the help 
of designed device and aquired values of the contraction curves and equation (1) thermal coefficient of 
contraction has been calculated as follows. The  coefficients of thermal contraction (range 450 to 400 °C) 
are: pure Al = 19,8.10-6  [K-1]; AlSi7 =18,6.10-6 [K-1]; AlSi8 =19,7.10-6 [K-1]; AlSi10 = 21,3.10-6 [K-1]; AlSi25 = 
15,7.10-6 [K-1]; AlSi29 =14,2.10-6 [K-1]; AlSi12CuNiMg = 29,5.10-6 [K-1]. 

 

The article was prepared within the score of project MSM 4674788501 
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FOLLOWING BRAKE RETRACTION CASTS FROM ALLOYS ALUMINUM AND ZINC 
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Abstract 

The thesis deals with the dilatation during solidification of cast. There was used special measuring 
arrangement that makes possible the monitoring of values of dilatation and temperature of cast during 
solidification alloys of zinc and aluminum.  These values were measured by the help of recording unit and 
were noted down to the computer. Measured values were recorded to charts and given connections 
brought up to graphs.  Evaluation of given dependences, that were brought up to graphs, was next part of 
this work.  In the end of diploma work, there are mentioned calculations of coefficient thermal contractility 
of cast. 

Keywords: brake retraction, aluminium, zinc, 

 

1.  Introduction 

Nowadays, alloys of nonferrous metals are asserted in industrial practice more than in the past, above all 
aluminum, bristly ox-tongue and zinc, eventually copper, titanium etc.  Benefits of dominant characteristics 
of alloies aluminum and zinc are used especially in car industry. Relativelly, fractional density (2700 kg.m-3), 

high heat conductivity (207 W.m1.K-1) and good foundry characteristics are the main characteristics of 
alloys of aluminium.  Alloys of zinc embody low temperature melting (less than 
420 °C) and unpretentious casting. Main technologies of casting of both these 
materials and their alloies is high pressure way. This technology interlocks high 
dimensioned accuracy and smoothness of casts.  Foundry from alloys of 
aluminum embody consistence without internal vices (pistons and heads of gas-
engines) during gravity casting to the metal forms. 

 

Fig 1.Demonstration of cast piston 

 

2. Basic characteristic of alloys aluminum 

1)  production of aluminium oxide from alumina cement ores; 

2)  reduction of oxide on metal aluminum by electrolytic way from elektrolyte 

 

Physical properties of netted aluminum are: 

a) density 2700 [kg.m-3] 

b)  thawing point 660 °C 

c)  temperature vaporization 2520 °C 

d)  crystallic grating, cubic and areal centered 

e)  grid constant a = 4,05.10 -10m 

f)  atomic number 13 
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g)  atomic materiality 26,98 

The biggest physical properties of aluminum are in high heat as well as in electric conductivity.  And so we 

can claim that the heat conductivity of aluminum includes for about 235 [W. m
1

.  K-1] at temperature of 20 
°C. And then the coefficient of electric conductivity of aluminum with cleanness of 99,99% (relatively) 
stands by standard temperature so about 2,6.10-8[m]. It is possible to arrange it with about 60% of electric 
conductivity of copper. It is necessary to claim that thanks to influence of ingredient elements, coefficient 

of thermal expansion lowers extremely with standard temperatures, it is about 23.10
6 

[K-
1

]. Aluminum 
forms with oxygen very stationary oxide AL 2O 3. 

 

2.1  Characterization of casting alloys of aluminum 

Mostly used alloys of aluminum are silumins (binary alloys Al-Si), which we classify into hypoeutectic, 
eutectic and hypereutectic according to eutectic poin.  In the picture 2- 1, there comes out constitution 
diagram Al-Si. This binary alloy could also contain next elements, whose occurrence is lower than 0,1%. If 
we want to use this alloy in grocery and if we need to have it corrosion-proof, we will use 0,05% copper 
there. If we add titanium there in quantities of 0,1 to 0,2%, we will get dulcification of grains in primary 
phase  (Al). Prime silumins have good foundry  characteristics. Casts have good tightness in the face of gas 
and liquids, they have also good weldability and tolerance in the face of corrosion. But it is true that 

workability isn't just best.  The higher is content of 
Si, the better are foundry characteristics. 
Standardized alloys usually contain 10 to 13% of Si.  
These alloys is possible to apply for casting to the 
sand forms, metal forms and also for compressive 
cast. If we have higher content of silicon, it is good 
to modify it by natrium or strontium during gravity 
casting. 

 

melt (L);  - stiff solutions 
temperature thawing:  net aluminum 660°C;  net 
silicon 1412°C 

Fig 2.Constitution diagram Al-Si (unmodified melt) 

2.2  Basic physical properties of zinc 

a)  density  7130 [kg/m3] 

b)  melting temperature  419 °C 

c)  boiling point 906 °C 

d)  molar materiality 65,37 

e)  heat conductivity 113 [W/mK] 

f)  specific heat 0,39 [kJ/kgK] 

g)  latent heat thaw 100 [kJ/kg] 

 

2.3  Characteristics of foundry alloys of zinc 

Zinc isn´t used like independent metal in foundry industry but his alloys are used, because zinc  doesn´t 
embody the best mechanical characteristics. It isn´t also used for production of machine parts. Zinc reaches 
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these characteristics as late as with admixtures with other metals, like e.g . with aluminum and copper. Zinc 
is linked to the group of  heavy nonferrous metals with  low smelting temperature (420 °C).  It granulates in 
hexagonal crystallic system. 

 

Foundry alloys of zinc  

 Aluminium is employed like a main ingredient element. Constitution diagram of the system Zn- Al (see in 
the picture 2- 4) is the type of the diagram with primary phase with limited solubility of the ingredient 
element and with origin of eutectics. Eutectics is created by a phase of Zn-ZnAl.  Eutectic temperature of 
the system of Zn- Al egualed 382°C at concentration 5,5% of Al.  Content of aluminum in standardized alloys 
are at intervals 4 to 27% Al. 

 

Fig 3.Balanced dichotomous diagram of Al-Zn 

 

It is obvious that foundry alloys have approximately eutectic up to hypereutectic constitution and 
solidification usually begins by secretion of primary phase Al. The lowest smelting temperature and 
narrowest interval of solidification have approximately eutectic alloys with the content around 4 up to 5% 
of Al. The higher content of aluminum we have, the higher temperature of liquidation is. There is also 
broader solidification range. We can use copper and bristly ox-tongue there in the first place as adjacent 
ingredient elements. 

 

3.  Experiments that we did at the department of KSP- TU in Liberec 

The experimental part of this work was bent on monitoring the process of free shrinkage during casting of 
choice alloies of aluminum and zinc. Test gear for examination according to Bočvar and Sviderský was used 
for that purpose and it was modified for scan dilatacnich changes during solidification and chilling of casts 
of specific form „sponge – biscuit". Inductive pick was used for scan, dilatometer of Polish production and 

PC. 

 

 

Fig 4. Associated diagram of the display 
for measurement of braked shrinkage 
of the cast 
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3.1  Characterization of measuring equipment 

Measuring equipment is formed  with arrangement according to Bočvar and Sviderský.  Dilatometer is 
intended for measuring dilatation changes.  The temperature dependence on time is here as well as 
dilatation on time.  We prepare thermocouples that we hold on the stand. Then we add it to cable where 
we have appropriate cables that are marked in red (+) and blue ( - ). We add cable to the measuring 
apparatus by the help of desinence with pins .  We also add dilatometer. Every drawer in a given apparatus 
is named because of the knowledge of each place of things.  This apparatus of Bočvar and  Sviderský is 
connected with Pc and with the technology where we have appropriate software that can communicate 
with measuring apparatus.  Firstly, we set up values in that software and it is ready for casting after 
activation of the program. I casted clean aluminum (Al) where pre-heating in electric furnace was set up on 
720°C. We also casted alloy of aluminum (AlSi7) from that temperature.  We preheated the clean zinc on 
temperature of 720 °C and it was again in electric furnace. We drained it from subsequently. We also 
drained alloy of zinc (ZnAl4Cu3 (430)) from that temperature.     We always waited to a temperature of 50 
°C where we chose this parameter in a given software.  All casts were made in the shape that remind us the 
form of sponge - biscuit. 

1 - frame;  2 - platen;  3 - cavity for 
cast;  4 - part sinuses with sand 
mixture;  5 - movable metal 
formative board;  6 - compression 
spring;  7 - nut;  8 - measuring sensor 
dilatation 
Diagram of measuring equipment 

according to Bočvar and Sviderský. 
Spring will give a power on this arrangement that creates prestress and thanks to that braked shrinkage of 
congeable(coolings) casts comes. 

Fig 5. Diagram of the part of measuring equipment 

 

 

 

Fig 6.View of general measuring installation 

 

 

 

Calculations coefficient of thermal contractility α. 

  [ ]1

0 .

−

∆

∆
= K

Tl

l
α value l

0 
= 157 mm.  Calculated values   are mentioned in sheets. 
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Fig 7. Time dependencies of temperature and  changes of the proportion of  cast that has form „  sponge - 
biscuits" longitude 157 mm  from alloys of aluminum (AlSi12) casted from the temperature of 720 °C 
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Fig 8.Time dependencies of temperature and changes of proportion of cast that have form of „sponge - 
biscuit" longitude 157 mm  from alloys of zinc (ZnAl4Cu3), casted from the temperature of 550 °C 

 

 

 

 

 

 

300

320

340

360

380

400

420

440

460

480

500

520

540

560

580

600

620

640

660

680

700

0 500 1000 1500 2000 2500 3000 3500

čas(s)

te
p

lo
ta

 (
°C

)

-1,6

-1,4

-1,2

-1

-0,8

-0,6

-0,4

-0,2

0

0,2

d
il
a
ta

c
e
 (

m
m

)

teplota

dilatace



               Session contribution set up       May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 555

Tab 1.Values of coefficient thermal shrinkage  that was gained on the basis of chilling of the cast from 
alloys AlSi12, including thermal range and value of dilatation. 

Number of measuring Temperature [°C] 
Dilatation with given 
temperatures [mm] 

Coefficient of thermal 
expansivity α[K-1] 

1 660 až 680 -0,0007 2,23.10-7 

2 640 až 660 -0,0010 3,18.10-7 

3 620 až 640 0,0072 2,29.10-6 

4 600 až 620 0,0287 9,14.10-6 

5 580 až 600 0,0336 1,07.10-5 

6 560 až 580 0,0017 5,41.10-7 

7 540 až 560 -0,0580 1,85.10-5 

8 520 až 540 -0,0965 3,07.10-5 

9 500 až 520 -0,1309 4,17.10-5 

10 480 až 500 -0,1649 5,25.10-5 

11 460 až 480 -0,2055 6,54.10-5 

12 440 až 460 -0,2469 7,86.10-7 

13 420 až 440 -0,2925 9,32.10-5 

14 400 až 420 -0,3449 1,10.10-4 

15 380 až 400 -0,4008 1,28.10-4 

 

Tab 2.Values of coefficient of thermal shrinkage  gained on the base of chilling of cast from alloys of zinc 
ZnAl4Cu3, including thermal range and values of dilatation. 

Number of measured Temperature [°C] 
Dilatation with given 
temperatures (mm) 

Coefficient of thermal 
expansivity  α[K-1] 

1 470 až 480 -0,0002 1,27.10-7 

2 460 až  470 0,0002 1,27.10-7 

3 450 až 460 0,0007 4,46.10-7 

4 440 až 450 0,0010 6,37.10-7 

5 430 až 440 0,0015 9,55.10-7 

6 420 až 430 0,0021 1,34.10-6 

7 410 až 420 0,0035 2,23.10-6 

8 400 až 410 0,0062 3,95.10-6 

9 390 až 400 0,0085 5,41.10-6 

10 380 až 390 -0,0001 6,37.10-6 

11 370 až 380 -0,0269 1,71.10-5 

12 360 až 370 -0,0654 4,17.10-5 

13 350 až 360 -0,1031 6,57.10-5 

14 340 až 350 -0,1303 8,30.10-5 

15 330 až 340 -0,1534 9,77.10-5 

Cuts given alloies of aluminum and zinc 
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Fig 9.Refined and fretted exhibits of alloy Zn Al4Cu3 

 

 

Fig 10.Refined and fretted exhibits of alloy Al Si12 
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STAGE OF OXIDATION PROCESS 
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Abstract 

In the paper was discussed influence of time duration of temperature stabilization 900, 950, 1000, 1050 

and 1100 OC in furnace chamber st  on relative, systematic error of measurements of experimental 

oxidation times expC  and linear deviation of experimental oxidation rates expV  from approximated 

hyperbolic function of oxidation rates aV  at the initial stage of oxidation process. Performed analysis was 

shown that oxidation rate at the initial stage of oxidation process is linear decreased simultaneously 
together with intensive decreasing of relative, systematic error of measurements of experimental oxidation 

times expC  till to adequate limit values GV  and GC . After that, oxidation rate and relative, systematic 

measurement errors of experimental oxidation time expC  are hyperbolical decreased till completion of the 

oxidation process 

Keywords: oxidation, Tammann law, analysis, hyperbolical 

 

1.  INTRODUCTION 

As a effect of high temperature annealing of carbon steel and also low alloyed and heat resistance steel in 
air atmosphere and also other gases contained such oxidizers as O2, CO2 and H2O is oxidizing iron and 
carbon, also alloy elements in particular elements with high affinity to oxygen like Cr, Si and Al. As a result 
of oxidation process on carbon steel and low alloyed steels create multi-layer scales, which contain iron 
oxides like Fe3O4 and Fe2O3. They provide good heat resistance properties of steel up to temperature about 
560OC. However at higher temperatures where besides mentioned oxides create also strong defected FeO 
oxide about heat resistance of steel are deciding hetero – phase mixtures of alloy elements in particular 
Cr2O3, Al2O3 and SiO2 and sometimes spinels of (Cr,Fe,Al)2O4 type [1 and 2]. 

According to parabolic Tammann low the oxidation rate of steel surfaces is decreasing hyperbolic : 

l

k

dt

dl
V

p

h ==    ,                                                                                                                                  (1) 

where: pk  - parabolic rate constant of oxidation due to parabolic thickness growth of scale, l  as a function 

of oxidation time, t : 

ClAt +⋅= 2    ,                                                                                                                                 (2) 

where: A and C adequately parabolic constant and transfer constant. 

The aim of performed analysis was stipulation of influence of relative systematic measurements error expC  

of experimental oxidation times expt  [3] on deviation of experimental oxidation rates expV  from 
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approximated hyperbolic function of oxidation rate, aV  i.e parabolic Tammann low (1) in particular at the 

initial stage of oxidation process 

2.  EXPERIMENT  

The examination of influence of relative, systematic measurements error of experimental oxidation times 

expC  on deviation of experimental oxidation rates expV  from parabolic Tammann low, in particular at the 

initial stage of oxidation process. The samples were made as a flat discs, dia 35mm and thickness l=10mm 
by turning from steel bar dia 41mm and l=1500mm. Material of samples there was steel made in lab. 
condition with chemical composition as follows: 0.22% C, 1.10% Cr, 0.30% Si, 0.026% Al, 1.25% Mn, 0.24% 
Ni, 0.026% P and 0.026% S. The samples were grinded and polished by means of proper grinding and 
polishing discs and consumable materials. 

The samples were oxidized in vertical position and laid on special ceramic bases covered by fine silica sand. 
The samples were annealed in electrical furnace in gravitational air flow condition at temperatures 1000 OC 
with accuracy ± 2 OC. The samples were stored in furnace by 10, 20, 30, 40, 50, 60, 180, 360, 720, 1060, 
1440 and 2880 min. After oxidation, the samples were removed from furnace and cooled down in silica 
sand up to room temperature. Next samples were cleaned by means of compressed air. The relative, 

systematic error of measurements of experimental oxidation times expC  was derived from equation: 

%100
exp

exp ⋅=
t

t
C s    ,                                                                                                                            (3) 

where time of temperature stabilization of oxidation inside furnace chamber, st  and experimental time of 

oxidation, expt  have been measured by means of furnace control processor, starting at the moment of 

furnace door shutting down next at the moment of temperature. stabilization and finally after completion 
of oxidation process. 

However experimental oxidation rate expV  was derived from equation: 

exp

exp

exp
2t

l
V =    ,                                                                                                                                      (4) 

where experimental scale thickness, expl  was obtained by measuring of sample thickness after oxidation 

and next core measuring after mechanical and chemical scale removing. Measurements were done by 
means of micrometer screw with accuracy, 0.01mm at ten chosen points. 

 

3.  RESULTS AND DISCUSSION 

Analysis of influence of relative, systematic measurement errors expC  of experimental oxidation times, expt  

on deviation of experimental oxidation rates expV  to experimented hyperbolic function of oxidation rate hV  

in particular at the initial stage of oxidation process (Fig.1):  

Stabilization time of oxidation temperature inside furnace chamber, st  have been analyzed by means of 

equation (3) and assume, st = 4 min were determined relative, systematic errors of measurements, expC  of 

subsequent experimental times of samples oxidation, expt  inside furnace chamber in gravitational air flow 

condition at temperature 1000 OC (Table 1): 
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Fig.1 Deviation of experimental oxidation rates  expV  from approximated hyperbolic function of oxidation 

rate, 1000
h

V  at initial stage of oxidation process in electrical furnace in gravitational air flow condition 

at temperature 1000 OC. The samples were made as a flat discs, dia. 35mm and thickness l=10mm 

 

Table 1Relative systematic error of measurements expC  of experimental oxidation times expt  of samples 

inside electrical furnace at temperature 1000 OC. 

Sample no. 1 2 3 4 5 6 7 8 9 10 11 12 

expt , [min] 10 20 30 40 50 60 180 360 720 1060 1440 2880 

expC , [%] 40,00 20,00 13,33 10,00 8,00 6,67 2,22 1,11 0,56 0,38 0,28 0,14 

Performed analysis of relative systematic error of measurements of experimental oxidation times, expC  as 

a function of oxidation times have shown that simultaneously to the rising time of oxidation to the 

conventional approximated limit value, Gt  = 128.76 min, the relative systematic error of measurements of 

experimental oxidation times are decreasing intensively to the proper approximated limit value, GC   

%88.4==
G

s

G
t

t
C    .                                                                                                                            (5) 

After trespassing this limiting value relative, systematic error of measurements of experimental oxidation 

times expC  are easily lowering up to 0.14% due to rising time of oxidation, up to 2880 min (Fig.2): 

On the contrary comparative analysis of relative systematic error of measurements course of experimental 

oxidation times, expC  and experimental oxidation rates expV  as a function of scale growth and have shown 

that simultaneously to initially intensive hyperbolic decreasing of subsequent relative, systematic error of 

measurements of experimental oxidation times, expC  (to GC =4.88, Fig.2) are also linear decreasing s

l
V 1000 : 
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Fig.2 Relative systematic errors of measurement of experimental oxidation times, expC  as a function of 

sample oxidation times in electrical furnace in gravitational air flow condition at temperature 1000 
OC. 

 

lV
s

l
⋅−= 00518.000485.01000   [mm/min]    ,                                                                                        (6) 

with confidence level 95.0)1( =− α , (Fig.3): 

Simultaneously the conventional approximated limit value of oxidation rate, GV  (Fig.3 and 4): 

00242.0
2

== O

G

V
V  [mm/min]   .                                                                                                          (7) 

After trespassing this value, relative, systematic error of measurements expC  are easily decreasing up to 

0.14% 1000
h

V : 

00242.0
010115.0

001108.0
1000 =

−
=

l
V

h
 [mm/min]   .                                                                                       (8) 

and experimental oxidation rates are also hyperbolic easily decreasing up to completing of the oxidation 
process (Fig 3 and 4, sector 2’-3’): 
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Fig.3Experimental oxidation rates, expV  and approximated hyperbolic function of oxidation rates 1000
h

V  as a 

function of scale growth inside electrical furnace chamber in gravitational air flow condition at 1000 OC 
(samples dia 35mm, l=10mm. 
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Fig.4 Initially intensive (sector 1-2) and next hyperbolic easy decreasing of relative, systematic error of 

measurements of experimental oxidation times, expC  as a function, initially linear (sector 1’-2’) next 
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hyperbolic (sector 2’-3’) decreasing of experimental oxidation rates, expV  as a function of scale 

thickness growth (sector 2’-3’). Point 2 – approximated limit relative systematic error of 

measurements of experimental oxidation times, GC  point 2’ – approximated limit oxidation rate, GV  

 

4.  CONCLUSION 

Comparative analysis of experimental oxidation rate expV  (Fig.4, sector 1’-3’)  which were performed and 

approximated oxidation rate 1000
h

V  (Fig.4, sector 4’-3’) as a function of relative, systematic error of 

measurement of experimental oxidation times expC  (Fig.4, sector 1-3) have shown strong correlation 

between, initially intensive decreasing of relative, systematic errors of oxidation times measurement, expC  

(Fig.4, sector 1-2) and also strong linear deviation of experimental oxidation rates expV  (Fig.4, sector 1’-2’) 

from approximated hyperbolic function of oxidation rates, 1000
h

V  (Fig.4, sector 4’-2’). 
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ABSTRACT 

In this paper, two types of steels were subjected to a nitro-carburized thermo-chemical treatment applied 
after thermo-magnetic treatments. Using an Amsler machine, taking two sliding degrees, we studied the 
structural aspects into superficial layers of two types of steels during wear process. We studied the 
durability of these materials, too. 

Keywords: nitro-carburized thermo-chemical treatment, thermo-magnetic treatments, superficial layers, 
durability, wear process. 

 

1.  INTRODUCTION 

Magnetostriction is determined by the influence of the external magnetic field which generates the 
orientation of the elementary magnetic moments, modifying the balance conditions among the nodes of 
the crystalline mesh, including variation of the ferrous-magnetic material sample lengths. Under these 
conditions, the magnetostriction curves can be a result of having measured the ferrous-magnetic sample 
lengths along the external magnetic field.  

Magnetostriction is defined as a dimensional va-riation of a ferrous-magnetic materials under the action of a 
magnetic field also called Joule effect, which depends on the size and direction of the external mag-netic field, 
the material and the heat treatment previously applied to this material (temperature) [7, 8, [9]. The effect of the 
magnetostriction decreases with higher temperatures and disappears at Curie temperature. 

In addition to the linear magnetostriction, considered above for plotting the magnetostriction curves with 
ferrous magnetic materials, it can also be noted a volume magnetostriction which depends on the shape of 
the piece concerned as well. The consequences of   magnetostriction are:  

1. applying alternative magnetic fields causes  mechanical oscillations [1-2, 9] and in the diffusion 
processes, the strains that are generated by these mechanical oscillations along with the magneto-
strictive volume modifications lead to a higher diffusion coefficient; 

2. of special importance are the local strains in the area of the ferrous-magnetic boundaries. Gradients 
of the magnetostriction strains occur, further causing higher diffusion coefficient inside the material. 
They come into contact with the internal strains redistributed by diffusion thus causing a new 
diffusion influencing factor to appear. 

The mechanical oscillations produced by the alternative magnetic fields change the recrystalli-zation 
conditions especially the germination velocity. 

The strains generated by magnetostriction cause elastic deformations which, in turn, result in a magne-tic 
texture, thus improving the magnetic and mecha-nical properties in the direction of the external field (Hext.). 
From this viewpoint the effect of the thermal-magnetic treatment is maximum in the stages of the solid 
solution decomposition and, especially, during cooling in magnetic alternative field, from temperatu-res 
higher than Curie point (when orientation of ferrous-magnetic phase particles takes place) [4, 5, 7, 9]. 

Under the influence of the magnetic field, it is theoretically possible [1-2] to modify the material state. The 
energy state of the ferrous-magnetic mate-rial is modified due to a certain magnetic moment, and the free 
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energy is increased. This is possible to be a first cause which, under the effect of the magnetic filed, induces 
structure and physical-mechanical properties modifications in material (steel). 

Martensite is decomposed upon tempering and the intensity of this process depends on both: temperature 
and time of the tempering. In additon to the martensite decomposition stages, other processes take place 
upon tempering: transformation of the residual  austenite globulization of  troostite, 

According to [1, 3], with low tempering of the conventionally tempered steel, the magnetic field slows 
down the martensite decomposition process. If the steel has been tempered in magnetic field, the 
martensite decomposition is even slower, thus tending to increase the martensite stability. At the same 
time the magnetic field influences the cinetics of the residual austenite decomposition isothermally upon 
tempering, accelerating the transformation process. 

The main cause of the above phenomena is the magnetostriction, which causes strains in the microvolumes 
of the solid solutions. These strains interact with the elastic strains field which corresponds to dislocations. 
Magnetostriction may cause local plastic deformations thus determining hardening of the residual 
austenite. This further implies higher material hardness/endurance. 

 

2.  EXPERIMENTAL RESEARCHES 

It was considered two low-alloyed steel grades, with improving treatments, used in metallurgical in-dustry: 
42MoCr11 (code V) and 38MoCrAl09 (code R). These steels are improved steels, which should undergo high 
local variable strains: traction, com-pression, shearing and therefore certain properties are imperious: higher 
hardness and homogenity of the hardness values, elimination, if it is possible, of the residual austenite, a good 
tenacity, high elasticity point, for keeping plastic deformations within small ranges. The chemical compositions 
of the investigated  samples, has been established by spectral analysis and are presented in table 1. 

The content of Ni of steel grade 38MoCrAl09 samples is 0.26%, and of the steel 42MoCrV11 samples is 
0.32%. It is stated that, according to the chemical composition, these steels are in compliance with the 
prescriptions STAS 329-83 and norms API –Spec11B-1982. The analyzed steels reach a max score 4.5 from 
inclusions and a fine grain (score 8-9). The heat/magnetic treatments applied are: 

 -  t1, t1’= quenching (850˚C) and high tempering (580˚C) applied to steel 42MoCr11 (code V) and 
quenching (hardening) (920˚C) and high tempering (620˚C) applied to steel 38MoCrAl09 (code R);  

-  T9 = t1 (classic) + plasma nitrocarburation with 42MoCr11 (code V); 
-  T10 = t4 + plasma nitrocarburation with 42MoCr11 (code V); 
-  T11 = t3 + plasma nitrocarburation with 42MoCr11 (cod V); 
-  T12 = t1’(classic) + plasma nitrocarburation with 38MoCrAl09 (code R); 
-  T13 = t3’ + plasma nitrocarburation with 38MoCrAl09  (code R); 
-  T14 = t4’+ plasma nitrocarburation, with 38MoCrAl09 (code R). 

Plasma nitrocarburation was performed to  treatment  temperature of 530 ˚C. 

- t3, t3’ = quenching (hardening) (850 ˚C) and high tempering (580 ˚C) applied to steel 42MoCr11 (code V), 
quenching (hardening) (920 ˚C) and high tempering (620˚C) applied to steel 38MoCrAl09 (cod R), 
cooling being performed in alternative current magnetic field (H=1300A/m); 

- t4, t4’= quenching (850 ˚C) and high tempering (580˚C) applied to 42MoCr11 (code V), quenching (920˚C) 
and high tempering (620˚C) applied to 38MoCrAl09 (code R), cooling being performed in  dc 
magnetic field (H=1300A/m). 

The heat and thermo-chemical treatments applied in nitrided treatment case are: 

t1=  Martensitic hardening process (at 850 °C for code V and 920°C – for code R) and high recovery (at 
580°C –for code V and 620°C – for code R) ), without magnetic field (classic treatment: H =0). T1= t1 + 
ionic nitriding (at 530°C); 
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t2=  Complete martensitic hardening process in weak alternative magnetic field (cooling in water) and 
high recovery process (just cooling in water, in strong alternative magnetic field –H=1300 A/m). 
T2=t2 and ionic nitriding; 

t3=  hardening process (cooling in water, in strong alternative magnetic field) and high recovery process 
(cooling in water, in strong alternative magnetic field – more then 1300 A/m). T3 = t3 and ionic 
nitriding; 

t4=  hardening process (cooling in water in strong continuous magnetic field) and high recovery process 
(cooling in water in strong continuous magnetic field). T4 =t4 and ionic nitriding. 

The usual methodology for the machinery parts study (roller wheel) useful in the metallurgical industry, 
presents the theoretic contact like a point (point contact) or, a line (linear contact). 

On Amsler machines [7], I tried to determine the durability of rolls, the surface structure evolution at 
different parameters of testing regimes. It could not be neglected other factors influencing the wear 
process: the geometric forms at contact machinery parts (roll on roll, roll on ring), the technological 
parameters (the surface quality, the heat treatments,) or the exploitation conditions (the solicitation 
temperature – for example). 

The wear tests were carried out on an Amsler  machine, using a couple of rolles which corresponds to a 
degree of sliding by 10% and the value of the strain are corresponding to Q=150 daN . Figures 1-4 present 
the average mass loss and the worn layer depth, after three hours of wear process, for these two steel 
grades, with or without treatments in magnetic fieldsm alternative current or continuous current, treated 
by nitrocarburation.  

On the both cases we can observe the most lawer average mass loss -at T11and T13 treatments, using 
cooling being performed in alternative current magnetic field and the most high average mass loss -at T9, 
T12,using a classic treament of the steels.  The continuous magnetic field treatment applied before 
nitrocarburation treatment (T10. T14) determine intermediare values of average mass loss. 

Table 1. Chemical compositions of material samples 

 

 

 

Microstructures (figures:7, 8, 9) achieved on heat/ magnetic/chemical and plasma nitrocarburation treated 
samples show that the thickness of the heat/chemically treated surface  layer is higher when applying the  
heat/magnetic treatment (for example, a.c. magnetic field) with steel grade 38MoCrAl09 (code R), vs. the 
conventional treatment case - magnetic field - free treatment  [6]. 

Diffractometric analysis were performed by means of a Dron 3. The curves of variation  for phasis 
distribution  and other characteristics in superficial layers because the magnetic field applied before plasma 
nitrocarburized, function by wear – tests period, are presented in figures 9-26. 

It was made a comparasion between classic treatment (blue lines) and neconventional (magnetic) 
treatment (red lines). We can observe that for T9 applied to 42MoCr11(cod V) steel (classic treatment), the 
martensite quantity  (Fig 9-12), the nitro-carburs (Fig.13,14) and the internal tensions- II (B 211 ~σII) 
function by friction process length (fig 15, 16 from wear layer), are maintained constants during friction 
(wear) process. 

Results a good behaviour of the steels treated with  magnetic fields (alternatve current: T11 and T13)-, 
during wear tests, comparrasing with the classic situation (without manetic field treatment: T9, T12) 
because of the nitrocarburized layer, which has a high depth in magnetic teatment cases and because exists 
a higher alloyed martensite which determine a special hardness. An important aspect in this case is that the 
superficial carbo-nitrides quantity decreases during wear process. 

Steel grade C(%) Mn(%) Si(%) P(%) S(%) Cr(%) Cu(%) Mo(%) Al(%) 
42MoCr11 0.42 0.68 0.33 0.030 0.026 1.02 0.220 0.17 0.02 
38MoCrAl09 0.38 0.50 0.25 0.026 0.020 1.38 0.058 0.17 1.18 
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Fig. 1: The influence of the magnetic field on the 
average mass loss after 3 hours of wear test 
process, strain corresponding to one degree of 
sliding by 10% and the stress values 
corresponding to Q=150 daN, in case of  
42MoCr11 (code V) steel grade after 
nitrocarburation treatment) [4]. 

Fig. 2: The influence of the magnetic field on 
the average mass loss after 3 hours of wear 
test, which corresponds to a degree of sliding  
by 10% and the stress values corresponding to 
Q=150 daN, for 38MoCrAl09 (code R) steel 
grade (after nitrocarburation treatment) [4] 

Fig. 3. The influence of the magnetic field on the 
worn layer depth, after 3 hours of wear friction 
process, which corresponds to a  sliding degree 
by 10% and the value of the strain are 
corresponding to  Q=150 daN ,in case of  
42MoCr11 (code V) steel grade (after 
nitrocarburation treatment) [4] 

 Fig. 4. The influence of the magnetic field on 
the worn layer depth, after 3 hours of wear 
friction process,which  corresponds to a 
sliding  degree  by 10%  and the value of the 
strain are corresponding to  Q=150 daN ,in 
case of  38MoCrAl09 (code R) steel grade( 
after nitro-carburation treatment) [4] 

 

Fig. 5.  

Nitrocarburized layer on the sample R5 (code 
R), before wear process tests. 

Treatment: quenching (t=920˚C)  and high 
tempering (t=620˚C) followed by water cooling 
in (dc)continuous current magnetic field and 
plasma nitrocarburation at 530ºC (7 h),  (x100) 
Nital attack 2%  
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Fig. 6.  

Nitrocarburized layer on the sample R3 (code 
R), before of wear process tests. 

Treatment: quenching (t=920˚C)  and high 
tempering (t=620˚C) followed by water cooling 
in (ac) alternative  current magnetic field and 
plasma nitrocarburation at 530 ºC (7 h)  (x100) 

 Nital attack 2%  

 

Fig. 7 

Nitrocarburized (surface) layer on the sample 
R2 (code R), before wear process tests. 

Treatment (classic):quenching(t=920˚C) and 
high tempering (t=620˚C) followed by water 
cooling -without magnetic field and plasma 
nitrocarburation at 530 ºC (7 h)  (x100) 

 Nital attack 2% 

In the case of magnetic field-continuous current (T10, T14), the nitrocarburized layer is reduced and appear 
a very important nitro-carburs layer decrease, during wear process. Results, in this case, a very strong  
wear. 

Applying the thermal-chemical treatament implies to make a hard layer into a heat treated (improved) core 
of a relatively low hardness as compared with the hardness obtained after the thermal-chemical treatment  

This research was focused on: 

a).  Improving the wear resistance characteristics of the thermo–magnetic treated surface layer by 
applying the thermo–magnetic  treatment to the piece core. The modifications induced by the 
magnetic field to improve the core, have triggered the modifications of the mechanical and structure 
properties of the thermo-chemical treated layer. There is an obvious influence of the therm-
magnetic treatment applied to the core on the structure of the thermo-chemical treated surface 
layer [4],[6] . 

 b). Continuity of the thermo-chemical treated layer tested to wear resistance and checking the results 
on three roller-type samples obtained under the same manufacturing and treatment conditions and 
tested in the same strain conditions for each thermo-chemical-magnetic treatment  

Another research direction was the study of the influence of the thermo-magnetic treatment applied 
before the thermo-chemical treated surface layer when applying plasma nitrocarburation. In a first stage, 
the samples of microstructures were analyzed after applying the thermo-magnetic treatment and, in the 
second stage, the microstructures after applying the thermo-chemical treatment of (plasma) nitro-
carburization. 

It has been shown that, when applying an alter-native current magnetic field treatment (for example, 
H=1300A/m), the thickness of the thermo- chemical treated layer increased up to 25% as compared to the 
conventional thermal, thermo-chimical treatment (H=0 A/m) without a magnetic field. 

The novelty of the present paper involves the application of the diffusion thermo-chemical  treatment after 
the thermo-magnetic one, the temperature of the former being lower than that of the latter, except that 
the thermo-chemical treatment applied after the  thermo-magnetic treatment should not modify – due to 
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the high  temperature - the improvements of the mechanical properties  by the thermo-magnetic 
treatment  

3. CONCLUSIONS 

It was made a comparasion between classic treatment (blue lines)  and neconventional (magnetic) 
treatment (red lines). We can observe that for T9 applied  to 42MoCr11 (cod V) steel (classic treatment), 
the martensite quantity , the nitro-carburs  and the internal tensions- II (B 211 ~σII) function by friction 
process length)  are maintained constants during friction (wear) process. 

 In the case of alternative or continuous magnetic field applied to the steels (T10, T11), we can observe a 
higher initial quantity of martensite and carbo-nitrurs, comparrising with the classic treatment. During the 
wear process , the martensite quantity increase and the carburs quantity decrease very rapidly. The 
internal tensions (II) increase easily according with the lenght of wear tests. This tendency is most 
important in the case of treatement  T10. The martensite thetragonality grade evolution (c/a), function by 
wear-tests in the T10 case decrease more rapidly than the classic treatment (T9) and became constantly at 
T11 case.  

The possitive influence of the volume thermo-magnetic treatment on the surface layer treated thermo-
chemically resulted in a higher hardness [4] and the wear resistance by the decreasing the depth of the 
used layer [4] by approx. 50% - in case of steel grade 38MoCrAl09 and by 40% - in case of steel grade 
42MoCr11, which has been proved by the wear tests and the evolution of the mass loss through wear and 
wet friction. 
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Abstract 

Shielded metal arc welding process using a nickel electrode was used to join a grey cast iron. The effect of 
post weld heat treatment (PWHT) on the microstructure and hardness was studied. By using of nickel filler 
metal, formation of hard brittle phase (e.g. carbides and martensite) in fusion zone is prevented. Before 
PWHT, heat affected zone exhibits a martensitic structure and partially melted zone exhibits a white cast 
iron structure plus martensite. Applied PWHT was successful in prevention of martensite formation in heat 
affected zone and reduction of partially melted zone hardness. Results showed that welding of grey cast 
iron with a nickel filler metal and PWHT applying can serves as a solution for cast iron welding problems.  

Keywords: post weld heat treatment (PWHT), nickel filler metal, fusion zone (FZ), heat affected zone (HAZ), 
partially melted zone (PMZ), base metal (BM) 

 

1.  INTRODUCTION  

The welding of ductile cast iron is not normally practised in the foundry industry for the reclamination or 
fabrication of castings, due to the inconsistency of the mechanical and physical properties achieved. Ductile 
irons contain higher amounts of carbon compared to steels which diffuses into the austenite during 
welding, forming hard brittle phases, namely martensite and carbides at the weld interface. These give rise 
to poor fracture toughness properties a nd high hardness values (El-BANNA, 1999).  

Weldability of cast irons depends on several factors including: 

(i)  Original matrix structure  
(ii)  Chemical composition 
(iii)  Mechanical properties of the base metal 
(iv)  Welding process and preheat/post heat treatment (KISER and IRVING,1994;  VOIGHT and LOPER., 

1983; OGI et al. 1988) 

In this paper, microstructure of grey cast iron welds is investigated in as-weld condition and after applying a 
post weld heat treatment (PWHT). The effect of PWHT on the hardness of the microstructural zones of the 
weld is also examined.   

 

2.  EXPRIMENTAL PROCEDURE 

A grey cast iron was used as the base metal in this study. Shielded metal arc welding (SMAW) process using 
a nickel electrode was used to join a gray cast iron.  A single V-shaped groove was considered as the 
preferred joint design. Welding parameters are given in Table 1.  

 

Table 1 Welding parameters used in this study 

 

 

Current (A) Polarity Speed (mm/min) Electrode diameter (mm) 
120 DCEP 100  4 
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After welding, the specimens were immediately transferred to an electric furnace, kept there at 850°C for 1 
h and then furnace cooled to room temperature. 

Cutting of samples for metallographic examination was carried out avoiding excessive heating that might 
have led to local alterations in microstructure. Standard metallographic procedure was used to 
microstructural examinations. Nital 2% solution was used to reveal various microstructure constituents in 
the weldment.   

Vickers microhardness test using 200 g load was carried out to obtain average hardness of various 
microstructural zones in the weldment.  

 

3.  RESULTS AND DISSUCIONS 

3.1.  As-weld microstructure  

 

Fig.1 Microstructure of various regions in grey cast iron weld in as-weld condition 
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Fig. 1 shows as-weld microstructure various microstructural zones in the weldment. Four distinct regions 
are formed when a weld is made in cast iron, as follows: 

(i)  Fusion zone (FZ) which is melted during welding process and is resolidified. 

(ii)  Heat Affected Zone (HAZ) which is not melted but undergoes microstructural changes.  

(iii)  Partially melted zone (PMZ) which is the area immediately outside the FZ where liquation can occur 
during welding. 

(iv)  Base metal (BM) which its structure remains unaffected during weld thermal cycle. 

 

Fig.2 Temperatures experienced by various microstructural zones in a cast iron weld (KOU, 2003) 

 

Fig.2 shows relationship between Fe-C phase diagram and the temperature experienced by each 
microstructural zone.  

As can be seen in Fig.1a, BM exhibits a ferritic matrix plus graphite phase. In FZ, BM is melted and mixed 
with filler metal. Cooling rates are high in this zone producing very hard, brittle ledeburitic carbides in as-
welded condition, if a Fe-C alloy filler metal is used (MARTINEZ and SIKORA, 1994). To reduce the risk of 
formation brittle phase in FZ, nickel based filler metal is used to join of cast irons.  As can be seen, in Fig. 1b, 
FZ microstructure consists of mainly an austenitic matrix plus small amount of dispersed graphite particles.  

In PMZ, the portion of the matrix of the base metal near the primary graphite melted during the weld pass, 
while the remainder of the matrix transformed to austenite. This region is highly carbon-enriched, and 
therefore, at the fast cooling rate typical of welding, coarse carbides can form directly from the liquid as the 
weld metal cools. These can form a continuous brittle network along the weld fusion line. The matrix 
surrounding these carbides can also transform to martensite at lower temperatures. This phase is also very 
hard and brittle when its carbon content is high. As can be seen in Fig.1d, PMZ consists of eutectic ledeburit 
and martensite.   

During weld thermal cycle, HAZ experiences a temperature higher than A1 (Eutectoid temperature in Fe-C 
phase diagram). Therefore, it is expected that some amounts of graphite is dissolved and austenite is 
formed in this zone (EL-BANNA, 1999). The amount of austenite formation depends on the time and 
temperature experienced by a point and the primary matrix microstructure of cast iron. The rate of 
austenite formation in a pearlitic structure is higher than in a ferritic structure due to its lamellar structure 
(i.e. the diffusion distance for carbon atoms from iron carbide to ferrite is shorter). During cooling, HAZ 
microstructure transforms to a brittle structure. Since, the cooling rate is high, the graphitization process 
can not be completed and a large amount of Fe3C is formed. Moreover, formed austenite is decomposed to 
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a hard brittle martensite. Fig. 1e shows HAZ microstructure indicating that there is high amount of 
martensite plus some graphite in this zone.  

 

3.2.  Microstructure after PWHT 

Fig. 3 shows microstructure various microstructural zones in the weldment after PWHT. As can be seen 
microstructure of FZ is remained unchanged after PWHT thermal cycle. However, HAZ microstructure 
significantly is affected by PWHT. As can be seen in Fig.3c, HAZ consists of graphite flakes in a ferritic 
matrix. Holding in 870°C for 1h provide sufficient driving force to dissolve of Fe3C and martensite phases 
formed during welding. During slow furnace cooling, graphite and not Fe3C is formed in a ferritic matrix. 
Therefore, the applied PWHT can reduce formation of brittle phases in HAZ.  

 

 

 

 

 

 

 

 

 

 

Fig.3  

Microstructure of various regions in grey cast iron weld 
after PWHT 

 

 

 

 

 

3.2.  Effect of PWHT on hardness 

Hardness variation across the weldment of the cast irons is one of the most important factors controlling 
quality of cast iron welds.  

Table 2 shows the hardness value corresponding to FZ, PMZ, HAZ and BM, before and after PWHT. As can 
be seen in as-weld condition, PMZ has the highest hardness value. This can be related to its brittle 
microstructure consisting hard eutectic ledeburit and martensite. High hardness value of HAZ can be 
related to the present of high amount of martensite in this region. The low value of hardness in FZ, 
comparable to BM hardness, is due to its austenitic structure. Therefore, nickel filler metal can reduce 
hardness of FZ in cast iron, as one of the big problem of cast iron welding.    

 As can be seen in Table 2, HAZ and PMZ hardness significantly reduces after PWHT. FZ hardness remains 
unchanged after PWHT.  
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Table 2 Vickers hardness of various microstructural zones 

 

 

 

 

4.  CONCLUSIONS  

From this research the following conclusions can be drawn: 

1- By using of nickel filler metal, formation of hard brittle phase (e.g. carbides and martensite) in FZ is 
prevented. 

2- Befroe PWHT, HAZ exhibits a martensitic structure and PMZ exhibits a white cast iron structure plus 
martensite. This can reduce the fracture toughness of the weldment. 

3- Applied PWHT was successful in prevention of martensite formation in HAZ and reduction of PMZ 
hardness.  

4- According to the results presented in this paper, it can be concluded that welding of grey cast iron 
with a nickel filler metal and PWHT applying can serves as a solution for cast iron welding problems.  
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Abstract 

Transient liquid phase (TLP) diffusion bonding was used to join a nickel base superalloy GTD-111 using a Ni-
Si-B amorphous interlayer. Bonding was carried out at 1150°C with different holding time under vacuum. 
Microstructure of joint region was studied by optical and scanning electron microscopy. Mechanical 
properties were characterized using and shear testing. Microstructural studies showed that before 
completion of isothermal solidification, bond region consists of three distinct zones: centreline eutectic 
structure due to athermal solidification, solid solution phase due to isothermal solidification, diffusion 
induced boride precipitates. Complete isothermal solidification, which prevented the formation of 
centreline eutectic constituent, occurred within 45min at 1150°C. In order to remove boride precipitates in 
diffusion affected zone and develop γ/γ´ microstructure in the bond region, a post bond heat treatment 
was preformed at 1150°C under argon atmosphere. Results showed that after 4 hr homogenization, 
microstructure of the bond region was approximately similar to that of the base metal. In this bonding 
condition bonds with shear strength of about 91% that of the base metal were achieved. 

Keywords: Transient liquid phase (TLP), nickel based superalloy, microstructure 

 

1.  INTRODUCTION  

Gamma prime strengthened nickel base superalloys are extensively used in hot section of aero-engine and 
power generation turbines. They offer excellent high temperature tensile strength, stress rupture and 
creep properties, fatigue strength, oxidation and corrosion resistance, and microstructural stability at 
elevated temperature.  

As the efficiency of turbine engines increases so does the complexity of the engine parts. In addition, 
increasing size of land-based turbines results in large section components which are prone to freckle 
formation. Hence, successful and economical manufacturing of high-performance gas turbine engines 
requires in many cases the ability to join the superalloy components using methods such as welding and 
brazing. On the other hand, a turbine blade or vane usually exhibits a combination of various types of 
damages such as thermal fatigue cracking, erosion, foreign object damage, hot corrosion, oxidation and 
sulphidation. Increasing cost of superalloy components has resulted in greater interest for repairing 
damaged components (MATHHIJ 1985).  

Fusion welding, diffusion bonding and brazing are three main repairing/joining techniques that have been 
commonly applied in industry (YAN & WALLACH 1995). Brittle phases such as borides or silicides can be 
formed during brazing process and are known to detrimentally affect mechanical integrity of the joint 
(TUNG 1997). Weldability of nickel base superalloys depends widely on their Al and Ti contents. 
Precipitation hardened nickel base superalloys which contain high Al and Ti concentration, are highly 
susceptible to microfissuring during welding and post weld heat treatment (MATHHIJ et al. 1985). Also, 
microsegregation and non-equilibrium phase transformations which occur during non-equilibrium 
solidification of weld fusion zone can significantly affect performance of weldment (OJO et al. 2004). 
Transient liquid phase bonding or diffusion brazing considered as preferred repairing/joining process for 
nickel base superalloys (DUVALL  et al.1974),which is a hybrid process that combines beneficial features of 
liquid phase bonding and solid state bonding. This process differs from diffusion bonding in which the 
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formation of the liquid interlayer eliminates the need for a high bonding pressure. In general, it is 
considered that there are three distinct stages during TLP bonding, namely: base metal dissolution, 
isothermal solidification, solid state homogenization. Combining isothermal solidification with a subsequent 
solid state homogenization treatment, offers the possibility of producing bonds that are almost chemically 
identical to the parent material and have no discernable microstructural discontinuity at the bond line 
(GALE and BUTTS 2004). In this paper, the effect of bonding time and homogenization treatment on 
microstructure development during TLP bonding of GTD-111 superalloy was investigated. Effect of 
isothermal solidification and post bond heat treatment on shear strength of joints was also considered. 

 

2.  EXPRIMENTAL PROCEDURE 

GTD-111 superalloy was used in the standard heat treatment condition as the base metal in this 
investigation. Also, a commercial Ni-Si-B alloy (MBF30), in the form of an amorphous foil with 25.4 µm 
thickness was used as the interlayer. Table 1 shows chemical composition of base metal and nominal 
composition of interlayer. 10mm×5 mm×5 mm coupons were sectioned using an electro-discharge 
machine.  To remove oxide layer, contacting surfaces were ground using 600 grade SiC paper and then 
ultrasonically cleaned in acetone bath. Interlayer was then inserted between two base metal coupons. 
Stainless steel fixture was used to fix the coupons in order to hold this sandwich assembly and reduce metal 
flow during the TLP operation. TLP bonding operation was carried out in a vacuum furnace under a vacuum 
of approximately 10−4 Torr. Liquidus and solidus temperatures of interlayer are 1054°C and 894°C, 
respectively [16]. Bonding temperature of 1150°C was chosen and bonding time varied from 30 to 45 min.  

 

Table1-Chemical composition (%wt) of base metal and interlayer 

 Ni Cr Co Ti Al W Mo Ta Fe C B Si 
GTD-111 Balance 13.5 9.5 4.75 3.3 3.8 1.53 2.7 0.23 0.09 0.01 - 
Interlayer Balance - - - - - - - - 0.06 3.2 4.5 

Complete isothermally solidified bonds were homogenized at 1150°C for 240 min in an argon gas 
atmosphere (%99.999 Ar) using a tunnel furnace. Bonded specimens were sectioned perpendicular to the 
bond and joints microstructure was studied using optical microscope and scanning electron microscope 
(SEM). For microstructural examinations, specimens were etched using two etchants. The Murakami 
etchant (10g KOH, 10g K3[Fe(CN)6], 100 ml H2O) preferentially etches Cr-rich phases and can therefore be 
used to reveal precipitates adjacent to interlayer/base metal interface. Molybdenum-acid etchant (0.5g 
MoO3, 50ml HCl, 50ml HNO3, 200ml H2O), which preferentially etches γ´ phase, has been used to indicate 
the γ-γ´ microstructure of isothermally brazed joints. Semi-quantitative chemical analyses of phases formed 
in the centreline of bond region and adjacent to the base metal conducted on a Cam Scan scanning electron 
microscope, equipped with a beryllium window energy dispersive spectrometer (EDS) system using INCA 
standardless software.  

 

3.  RESULTS AND DISSCUSIONS   

3-1- Effect of isothermal solidification on bond microstructure 

An ideal TLP bond microstructure would be free from eutectic structure and secondary precipitates with 
similar composition and microstructure to that of the base metal.  

The experimental results indicate that bonding time has a significant effect on microstructure of the TLP 
joints. Figure 1 shows microstructure of a bond made at 1150°C with a holding time of 30 min.  

 

 



               Session contribution set up       May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 576

Fig.1.  

Microstructure of bond made at 
1150°C for 30 min. 

 

 

In this bonding condition, bond 
region consists of three distinct 
microstructural zones: 

(i)  Isothermally solidified zone 
(ISZ)  

This zone is formed by the 
interdiffusion induced compositional 
change resulting in isothermal 

solidification of the liquid. The ISZ microstructure consists of proeutectic nickel rich γ solid solution phase 
and is free from γ´ precipitates.   

(ii)  Athermally solidified zone (ASZ) 

This zone is formed due to insufficient time for isothermal solidification completion. Microstructure of the 
ASZ consists of microconstituents with eutectic-like morphology, and is made up of two distinct phases. 
Boron was detected in the intermetallic phase (Figure 2).  The SEM/EDS analysis was suggested that the 
intermetallic phase is a nickel-rich boride and the second phase is identified as a nickel rich γ-solid solution. 
Microstructure of ASZ is governed by segregation of MPD elements during nonequilibrium solidification. At 
bonding temperature of 1150°C, B is the microstructure and rate controlling factor of TLP bond. Very low 
solubility of Ni in B (0.3%at, according to the binary Ni-B equilibrium phase diagram ( MASSALSKI 1986) and 
partition coefficient of B in Ni (~0.008 according to Ni-B binary phase diagram (( MASSALSKI 1986)) ) lead to 
rejection of B into adjacent melt shifting composition of the melt towards eutectic composition; thus, 
binary eutectic of γ-solid solution and nickel boride formed as solidification progressed.  

(iii)  Diffusion affected zone (DAZ) 

This zone consists of extensive secondary precipitates. 
EDS compositional analysis of metallic elements was 
suggested that both precipitates are Cr rich carbo-
boride  (Pouranvari 2006). Idowu et al. (Idowu et al 
2006) also observed Cr-W-Mo based carbo-boride 
precipitates at the interface of joint /base metal when 
bonding Inconel738 LC with a Ni-Cr-B interlayer at 
1130°C. These precipitates appear close to the joint 
interface where there is boron diffusion. However, at 
distances greater than 50-µm away from the joint 
interface, no carbo-borides were observed in this 
(almost boron free) region. Diffusion of boron from 
interlayer, with the fact that boron can reduce solubility 
of carbon in austenitic matrix interlayer, into the base 
metal and presence of Cr, which is a strong boride 
former, can explain formation of Cr rich carbo-borides. 

 

Fig2. Typical EDS spectrum of nickel-rich boride in ASZ 
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Fig 3.  

Microstructure of joint bonded at 
1150°C for 45 min. 

 

 

Figure 3 shows microstructure of 
bonds made at 1150°C with a holding 
time of 45 min. As can be seen, 
eutectic structure is entirely 
eliminated. Therefore, it is concluded 
that 45 min holding time at 1150°C is 
sufficient for isothermal solidification 
completion. As can be seen, there is 
no crack within the joint region or joint 

interface. This can be related to the isothermal solidification which prevents solute rejection during 
solidification process, coupled with lower temperature bonding process in comparison to the conventional 
fusion welding processes, resulted in formation of a crack free bond.  

 

3.2 Effect of post bond heat treatment on bond microstructure 

As mentioned in the previous section, isothermal solidification prevents the formation of eutectic structure 
in the bond region; however significant Cr-rich carbo-boride was still present in the DAZ. These Cr rich 
particles can affect corrosion behaviour of the joint (Idowu et al 2006).  Moreover, the bond region is 
almost γ´ free. High temperature performance of precipitation hardened nickel based superalloy depends 
widely on the γ´ volume fraction. Therefore, isothermally solidified joints were homogenized at 1150ºC in 
an argon gas using a tunnel furnace for hold time of 240 min. Figure 4 shows microstructure of 
homogenized bond at 1150°C for 240 min. Figure 5 shows SEM micrograph of joint interface for 

homogenized bond. As can be seen, 
significant γ´ is formed in the bond region 
and the secondary precipitates in DAZ 
are almost removed. Some γ´ coarsening 
was ocuured in the joint/base metal 
interface.  

 

Fig 4.  

Microstructure of homogenized bond 
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Fig. 5 

SEM image showing interface microstructure 
of the homogenized bond 

 

3.3.  Mechanical properties of the joints 

Figure 6 shows the results of shear tests of 
bonds with and without post-bond heat 
treatment. For comparison, shear strength of 
parent metal were also plotted.  

 

 

 

 

 

 

 

 

 

 

Fig 6.  

Comparison of shear strength of 
bonds and base metal:  

(1) Base metal (2) Isothermally 
solidified bond and then homogenized 
(3) isothermally solidified bond 

 

It is known that the joint strength and 
fracture of TLP joints mainly depend 
on the bond microstructure. There is 

an inverse relation between joint shear strength and ASZ size. Therefore, it is necessary to eliminate the 
eutectic products via isothermal solidification in order to improve the strength of joints. Further 
improvement in mechanical strength was achieved after post bond heat treatment.  The results show that 
homogenized bonds have the highest shear strength (702 MPa), which is about 91% that of the parent alloy 
shear strength. Increasing the shear strength of the joint after PBHT can be attributed to the following 
reason: 

(i)  The increase of γ´ volume fraction at the bond region after PBHT. 

(ii)  Removing the precipitates in DAZ 

(iii) Homogenization of the joint region in view point of chemical composition  
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4.  Conclusions  

From this research the following conclusions can be drawn: 

1- Before completion of isothermal solidification, bond region consists of four distinct zones: centreline 
eutectic structure due to athermal solidification, solid solution phase due to isothermal solidification, 
diffusion induced boride precipitates and base metal. 

2- Complete isothermal solidification, which prevents the formation of centreline eutectic constituent, 
occurred within 45min at 1150°C. 

3-  Homogenization of isothermally solidified bonds at 1150°C for 240 min resulted in removing of 
secondary precipitates within the DAZ and formation of significant γ´ precipitates in the bond region. 

4-  The shear strength of homogenized bonds was much closed to the shear strength of base metal. 

 

REFERENCES 

[1] Duvall D.S., Owczarski W.A., Paulonis D.F., Weld. J. 53 (4) (1974),203–214. 

[2] Gale W.F., Butts D.A., Sci. Technol. Weld. Joining, 9 (2004) 283–300. 

[3] Idowu O. A.,O. A. Ojo, M.C. Chaturvedi, , Metall. Matter.Trans A, 37(2006), 2787-96 

[4] Massalski T. B., (ed.), binary alloy phase diagrams, 1986, Metals Park, OH, ASM. 366-371 

[5] Matthij. J. H. G: Mater. Sci. Tech., 1(1985), 608-612 

[6] Yan P., Wallach E. R.: Intermetal., 1(1993), 83-97. 

[7] Ojo O.A., Richards N.L., Chaturvedi M.C., Scripta Mater, 51 (2004) 683 – 688 

[8] Pouranvari M., Transient liquid phase bonding of GTD-111 nickel base superalloy, MSc Thesis, Sharif 
University of Technology, 2006. 

[9] Tung S. K., Lim L.C., Lai M.O., Wu H., Mater. Sci. Tech., 13(1997), 1051- 



               Session contribution set up       May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 580
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Abstract 

Solidification behavior during diffusion brazing of nickel base superalloy GTD-111 using a Ni-Si-B amorphous 
interlayer, MBF30, is investigated. Bonding was carried out at 1100°C with different holding time under 
vacuum. The effect of bonding time on solidification type (isothermal solidification vs. athermal 
solidification) is investigated. Solidification sequence in athermal solidification and the time required to 
obtain a joint free from centerline eutectic are determined.  

Keywords: solidification, nickel based superalloy, isothermal, athermal 

 

1.  INTRODUCTION  

Gamma prime strengthened nickel-base superalloys are extensively used in hot sections of aero-engine and 
power generation turbines. They offer excellent high temperature tensile strength, stress rupture and 
creep properties, fatigue strength, oxidation and corrosion resistance, and microstructural stability at 
elevated temperatures.  

Two important key microstructural requirements in γ´ strengthened nickel base superalloys joints are the 
avoidance of undesired intermetallic phase in the middle of the joint and development of a desired γ/γ´ 
microstructure in the joint region (POURANVARI et al, 2008). Production of joints which fulfill the 
microstructural requirements for high stresses and temperatures can be achieved via transient liquid phase 
(TLP) bonding or so called diffusion brazing process. In general, it is considered that there are three distinct 
stages during TLP bonding, namely: base metal dissolution, isothermal solidification and solid-state 
homogenization. Combining isothermal solidification with a subsequent solid state homogenization 
treatment, offers the possibility of producing ideal joints (GALE and BUTTS, 2004). 

In this paper, solidification behavior during diffusion brazing of GTD-111 superalloy, using Ni-Si-B interlayer, 
is investigated.  

 

2.  EXPRIMENTAL PROCEDURE 

The chemical composition of the base metal, GTD-111 superalloy, was Ni-13.5Cr-9.5Co-4.75Ti-3.3Al-3.8W-
1.53Mo-2.7Ta-0.23Fe-0.09C-0.01B. A commercial Ni-4.5Si-3.2B alloy (MBF30), in the form of an amorphous 
foil with 25.4 µm thickness was used as the interlayer. The surfaces to be bonded were ground by using 600 
grade SiC paper and cleaned in acetone before bonding. Bonding was carried out at 1100°C for various 
bonding times under a vacuum of approximately 10−4 torr in a vacuum furnace. Microstructures of joints 
were examined by optical microscopy and scanning electron microscopy (SEM) equipped with a beryllium 
window energy dispersive spectrometer (EDS) system using INCA software. For microstructural 
examinations, specimens were etched using two etchants. The Murakami etchant (10g KOH, 10g 
K3[Fe(CN)6], 100 ml H2O) preferentially etches Cr-rich phases and can therefore be used to reveal 
precipitates adjacent to the joint/base metal interface. Molybdenum-acid etchant (0.5g MoO3, 50ml HCl, 
50ml HNO3, 200ml H2O), which preferentially etches γ´ phase, was used to indicate γ-γ´ microstructure of  
the joints, in addition to joint centerline microstructure.  
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3.  RESULTS AND DISSCUSIONS   

3-1- Microstruture of the joint 

Fig. 1 shows SEM image of a bond made at 1100°C with a holding time of 30 min. As can be seen, bond 
region consists of three distinct zones which are named as follows: 

1-  Athermally Solidified Zone (ASZ) 

2-  Isothermally Solidified Zone (ISZ) 

3-  Diffusion Affected Zone (DAZ) 

Since the melting point of interlayer is less than the bonding temperature, the interlayer melts and 
significant interdiffusion occurs between interlayer and base metal. According to Ni-Si-B ternary phase 
diagram (VILLARS et al., 1995), Si and B diffusion from molten interlayer into the base metal cause 

significant compositional changes in the liquid 
phase and increase liquidus temperature of liquid 
phase. Once the liquidus temperature increased to 
the bonding temperature (1100°C), isothermal 
solidification starts.  

Microstructure of ISZ contains proeutectic γ-solid 
solution. A typical EDS chemical analysis of ISZ is 
given in table2. Presence of elements such as Cr, 
Co, Al and Ti which were not present in initial 
interlayer composition (Ni-4.5Si-3.2B) indicates 
dissolution of the base metal. 

 

Fig.1  

a) microstructure and  
b) hardness profile of bonds made at 1100°C for 30 
min 

 

3.2-  Solidification behavior of ASZ 

SEM image of ASZ microstructure showed two distinct phases (Fig. 1). EDS spectra of intermetallic phase in 
the ASZ is shown in Fig.2. Boron was detected in this phase. However, its concentration could not be 
determined with sufficient accuracy due to the X-ray absorption by EDS analyzer window. EDS 
compositional analysis of other elements (Table 1) suggests that the intermetallic phase is a nickel-rich 
boride and the second phase is identified as a γ-solid solution. Morphology of ASZ structure suggests that it 
is a binary eutectic of divorced morphology which is formed by eutectic transformation. Because of high 
interfacial energy between γ-solid solution and nickel boride, a high driving force is required for 
cooperative nucleation of two phases during transformation of liquid phase to normal eutectic structure. 
TUNG et al. (1995) in their work on micostructural evolution of brazed nickel 270 with BNi-4 filler metal, 
found that for slow cooled joint solidification (e.g. furnace cooled), formation of divorced eutectic was 
promoted due to the low driving force. 

Like other usual solidification processes which cooling is the main driving force of crystallization, 
microstructural development in the ASZ is largely controlled by two interrelated solidification phenomena 
(OJO et al., 2004): dendrite formation and solute partitioning. ASZ microstructure can be explained by 
considering solidification sequence of remained liquid on cooling: general direction of solidification is from 
the base metal towards the centerline region of the melt. The initial formed phase in the centerline of the 
joint on cooling is γ-nickel phase in the form of dendrites growing from liquid/solid interface. During their 
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continuous formation, solute elements with partition coefficient k<1 were rejected into liquid. Continuous 
solute enrichment of liquid could cause solute concentration exceeds over the solulibility limit of solute in 
the γ phase; therefore, secondary solidification constituents are formed between dendrites. Solubility of B 
in Ni (0.3%at, according to binary Ni-B equilibrium phase diagram) is much smaller than solubility of Si in Ni 
(15%at). Also, partition coefficient of B in Ni (~0.008 according to Ni-B binary phase diagram) is 
considerably smaller than partition coefficient of Si in Ni (~0.8 according to Ni-Si binary phase diagram). 
Therefore, B is rejected into adjacent melt, shifting composition of the melt towards eutectic composition; 
thus, binary eutectic of γ-solid solution and nickel boride is formed as solidification progressed. 

Since boride contains no Si, the latter element becomes more concentrated in the remaining liquid. The 
melt, which is further enriched in silicon, is then transformed into ternary eutectic of γ solid solution, nickel 
boride and nickel silicide (TUNG et al., 1996). However, in this work, according to microstructural 
investigations and EDS analyses, no silicide phase was observed. It seems that boron content is the 
controlling factor for microstructural development in ASZ. Interlayer thickness affects boron content of the 
joint. According to (JOHNSON, 1981) if boron level is limited, the ternary eutectic will not form. This is 
because volume fraction of borides is not sufficient to increase silicon content in the remaining liquid phase 
above the solid solubility limit in nickel phase solid solution. Therefore, only two phases are formed in ASZ 
on cooling: γ-solid solution and nickel boride. 

In addition to brittleness of this eutectic-type structure, it can be prone to selective corrosion and 
oxidation. Presence of ASZ in the bond 
region can also reduce service 
temperature of bonded superalloy due 
to segregation of B into the centerline 
eutectic. Any subsequent attempt to 
diffuse B away and eliminate detrimental 
intermetallic phases would have to be 
conducted at a relatively low 
temperature (where diffusion rates are 
less efficient) if remelting of the joint 
was to be avoided. These difficulties can 
be eliminated by achieving isothermal 
solidification initially (DUVALL, 1974). 

 

 

Fig. 2.  

Typical EDS spectrum of nickel-rich 
boride in ASZ 

 

 

3.3- Effect of bonding time on isothermal solidification progress 

Joint microstructure which affects significantly the joint performance is depends on elemental 
interdiffusion between base metal and interlayer, which in turn is governed by bonding time. In the case of 
TLP bonding of GTD-111/MBF30/GTD-111, isothermal solidification process is controlled by formation and 
growth of γ-solid solution which is governed by MPD element diffusion in base metal. Fig.3 shows plot of 
ASZ size (or eutectic width) vs. square root of bonding time. The eutectic width decreases linearly with 
square root of bonding time. As can be seen in Fig.4, when bonding time increased to 75 min, no eutectic 
structure was observed in the bond region. Therefore, it is concluded that holding time of 75 min at 1100ºC 
is sufficient for isothermal solidification completion. 
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Table 1 Chemical composition (%at) of different metallic constituents of various phases observed in bonds 
made at 1100°C for 30 min.  

 

Fig.3 Eutectic structure width (ASZ size) versus square root 
of bonding time 

 

 

 

Fig.4  

Microstructure of bond made for 75 min. Isothermal 
solidification is completed and no eutectic 
microconstituent is observed in the centerline of the joint. 

 

4. Conclusions  

Transient liquid phase bonding (TLP) bonding of GTD-111 nickel based superalloy has successfully been 
performed using Ni-Si-B. Effect of bonding time on microstructure development was investigated. 
According to the solidification behavior and ASZ microstructure, B is main controlling MPD element of 
isothermal solidification and Si play no important role in microstructure development during diffusion 
brazing using Ni-Si-B interlayer. The eutectic width decreases linearly with square root of bonding time.  
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Proeutectic  
γ-solid 
solution 

Nickel rich   
boride 
phase 

Eutectic  
γ-solid 
solution 

Ni 74.03 76.32 73.14 
Cr 15.43 8.91 16.12 
W 0.82 0.50 0.54 
Co 1.60 2.04 1.59 
Ti 1.23 2.01 1.77 
Al 1.31 1.22 1.00 
Mo 0.23 0.19 - 
Si 5.35 8.81 5.84 
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Abstract 

Hydroxyapatite (HA) is the most well known bioactive ceramic materials used in medicine. According the 
American Academy of Orthopaedic Surgeons, approximately 120.000 hip replacement operations are 
performed each year in the United States. 

In addition to its similarity to natural bone mineral HA is an osteoconductive material that provides a 
temporary scaffold for bone growth. The osteoconductive nature of HA coatings results in the formation of 
strong bonds with bone. 

In this paper are presented the microstructural investigation results of the hydroxyapatite layers deposited 
on titanium alloy substratum by plasma spraying. It was realized X ray analyses of the hydroxyapatite 
powder, and of the layer resulted after process. The deposited layer with thickness of 200 μm and 
roughness of 8 μm was examined with the optical microscope and scanning electron microscopy, and by 
chemical elementary analysis was defined the microcomposition  of the surface.  

Keywords: hydroxyapatite, X ray diffraction analysis, thermal plasma 

 

1. Introduction 

The best replacements for bone have characteristics that approximate those of natural bone. The most 
desirable mechanism to repair damaged bone is to regrow natural bone by means of tissue engineering.  

One approach to providing a strong, long-lasting adhesive interface between a bone replacement implant 
and the surrounding tissue involves the use of bioactive materials.  

Hydroxyapatite (HA) is the most well known 
bioactive ceramic materials used in medicine. The 
inorganic constituent of bone is made up of 
biological apatites, which provide strength to the 
skeleton and act as a storehouse for calcium, 
phosphorus, sodium, and magnesium.  

There are many techniques that have been used to 
create hydroxyapatite coatings on metallic implant 
materials. Dip coating, electrophoretic deposition, 
hot isotatic pressing, pulsed laser deposition, sol-gel 
processing, and sputter coating have been used to 
deposit hydroxyapatite coatings. 

 

Fig 1  

Plasma spraying gun 
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2. Materials and methods  

The plasma thermal spraying installation used for deposition of hydroxyapatite layers contain: current 
source, command module, powder container, cooling installation, plasma spraying gun (figure 1).  

To realize hydroxyapatite biocompatible layers was used hydroxyapatite powder (Ca10(PO4)6(OH)2) and as 
substratum was used titanium base alloy. In table 1 is shown the chemical composition of the substratum. 

 

Table 1. Chemical composition of substratum titanium base alloy   

Sample Chemical composition % 
Ti Mo Al Mn V Fe 

1 97,70 1,641 0,3245 0,1048 0,0921 < 0,032 
2 97,75 1,626 0,2989 0,1060 0,0847 < 0,034 
3 97,72 1,631 0,3171 0,1036 0,0875 < 0,042 
4 97,80 1,550 0,3181 0,1017 0,0899 < 0,039 

 

Sample preparation  

Before spraying, the samples are blasted with electrocorundum with the granulation between 0,8 – 2 mm 
and the pressure of the air of 5 bar, the distance 50±5 mm. 

The parameters of plasma thermal spraying are shown in table 2.  

 

Table 2 parameters of plasma thermal spraying 

Ip 
A 

Ua 
V 

Qp 
l/min 

Qtr 

l/min 
mp 
g/min 

dp 
mm 

Nn Cooling  

500 60 40 6 15 100 3 air 

 

To obtain high adherence values of the deposited layers the samples were preheated at 80 ºC using the 
plasma jet. The samples were cooled using the cooling nozzles. 

In figure 2 is presented imagine from the deposition process of the hydroxyapatite layers on titanium base 
substratum.  

 

 

Fig 2.  

Imagine of the deposition process of 
hydroxyapatite by plasma spraying 
method on titanium base alloy substrate 

 

After the samples analysis was not 
observed defects, the hydroxyapatite 
layers deposited by plasma thermal 
spraying presents homogenous surfaces. 
The layer character is in all the cases easy 
roughness due to the powder 
agglomeration in the spraying process on 



               Session contribution set up       May 19th - 21st 2009, Hradec nad Moravici, Czech Republic, EU 

 
 

 586

the alimentation flexible tube of the spraying gun. The layers deposited present not cracks, the layer 
thickness is between 150 and 200 μm and the roughness is between 8 and 10 μm. 

 

3. Results and discussions  

In figure 3 and 4 is presented the biphasic structure (α - solid solution and chemical compounds) of the 
titanium base alloy used as substratum for the deposition of the hydroxyapatite biocompatible layers by 
plasma thermal spraying process.  

 
Fig 3 Titanium substrate, 50 x     Fig 4 Titanium substrate, 100 x 

 

In figure 5 and 6 is presented the microstructure of the hydroxyapatite layer deposited by plasma spraying 
process.  

 
Fig 5 The microstructure of the hydroxyapatite 

layer deposited by plasma spraying 
process, 50 x 

Fig 6 The microstructure of the hydroxyapatite 
layer deposited by plasma spraying 
process, 100 x 
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In figure 7 a, b, are presented the surface imagines (scanning electronic microscopy) of the deposited layer 
by thermal spraying process, in figure 8 is presented the EDAX ZAF imagine of chemical analysis of the 
deposited layer. The analysis shows an characteristic morphology of the deposited layer by plasma thermal 
spraying with fine and big particles disposed uniformly on the surface and the chemical composition 
specific to the hydroxyapatite, composed by calcium (37%), phosphor (18%), O (35…42%). On some regions 
is also carbon as alloying element (9%).  

a) b) 

 
Fig 8 a, b  SEM imagines of the deposited layer plasma thermal spraying process  
 

 

 

EDAX ZAF Quantification (Standardless) 
Element Normalized 
SEC Table : Default 
 Elem     Wt %  At % K-Ratio    Z       A       F 
------------------------------------------------------------ 
  C K    9.08  16.81  0.0179  1.0487  0.1878  1.0007 
  O K   35.81  49.74  0.0440  1.0326  0.1189  1.0002 
  P K   17.72  12.72  0.1365  0.9608  0.7928  1.0113 
  CaK   37.39  20.73  0.3414  0.9666  0.9447  1.0000 
Total  100.00 100.00  
Element  Net Inte.  Backgrd  Inte. Error  P/B  
------------------------------------------------- 
 C K      27.96       3.96      4.89      7.07  
 O K     207.73       7.44      1.64     27.90  
 P K    1002.76      29.47      0.74     34.03  
 CaK    1903.84      19.16      0.53     99.37  
c:\edax32\genesis\genspc.spc 
Label :Plasma 
Acquisition Time  : 09:44:15   Date : 14-Jul-2008 
kV: 24.99  Tilt: 0.00  Take-off: 34.99  AmpT: 25.6 
Det Type:SUTW, Sapphire   Res: 135.72  Lsec: 19 
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Fig. 9 EDAX ZAF chemical analysis imagine of an microportion of the hydroxyapatite layer surface deposited  

X ray diffraction analysis 

In figure 10 is presented the X ray analysis of the hydroxyapatite powder used for the biocompatible layers 
deposited by plasma thermal spraying process. It is observing that the powder contain and monetite CaPO3 
(OH). 

 

Fig 10. The X ray analysis of the hydroxyapatite powder used to realize biocompatible layers by plasma 
thermal spraying process.  

 

Fig 11. The X ray analysis of the hydroxyapatite deposited layer by plasma thermal spraying process 
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After the X ray analysis of the hydroxyapatite deposited layer it is observing that the layer contain and 
calcium phosphate (figure 11). 

 

4. Conclusions 

After the samples analysis was not observed defects, the hydroxyapatite layers deposited by plasma 
thermal spraying presents homogenous surfaces. The layer character is in all the cases easy roughness due 
to the powder agglomeration in the spraying process on the alimentation flexible tube of the spraying gun.  

The investigation made with the scanning electron microscopy and with X ray diffraction shows an 
characteristic morphology of the deposited layer by plasma thermal spraying with fine and big particles 
disposed uniformly on the surface and the chemical composition specific to the hydroxyapatite, composed 
by calcium (37%), phosphor (18%), O (35…42%). On some regions is also carbon as alloying element (9%).  
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ABSTRACT 

Compact structures obtained by vacuum sintering of niobium powder are widely used in electronic 
engineering as metal plates in oxide-semiconductor electrical capacitors. This communication presents the 
small-angle X-ray scattering ( SAXS ) 

investigations of the method for stabilizing porosity in the structures by using both Nb powder 
hydrogenation and nitriding of niobium hydride sintered pellets ( Part A ) and also an experimental study of 
sintered niobium powder surface fractal dimension ( Part B ). It should be noted that the fractal geometry 
of different natural and artificial objects was a subject of active investigations during last years. 

Keywords: small-angle X-ray scattering ( SAXS ), niobium powder, fractal properties 

 

Part A 

1. INTRODUCTION  

The entire history of the generation of oxide-semiconductor capacitors based on Nb-MDS systems consists 
of a chain of experiments aimed at producting Nb-metal-dielectric- semiconductor ( MDS) system features ( 
first of all, specific capacitance and thermal stability ) that are similar to Ta-MDS system based oxide-
semiconductor capacitors. Recently, reports on the generation of MDS systems based on NbH ( niobium 
hydride ) powders have been published, where dehydrogenation of niobium powders is combined with the 
sintering of pellets compacted out of NbH powder. However, the experiments conducted showed that such 
MDS systems with high specific capacitance exposed to external impacts, demonstrated low thermal 
stability. 

To increase thermal stability, sintered Nb pellets were doped by gaseous nitrogen. In 1 presents results of 
an investigation into niobium based metal oxide bilayer degradation as a function of chemical composition 
of base metal. Nitrogen dissolved in metal increases thermal stability of chemical composition and 
increases stability of electrical properties of oxide films grown on the metal surface by anodic oxidation. 
The objective of the present study is to examine the processes of stabilizing porosity an Nb based structure. 

 

2. MATERIALS AND MEASUREMENTS 

Some NbH powder was compacted in a steel cylinder to a compact density of 4g/cm3 and then sintered at 
T=1500K for 30 min under 10 mm-5 Hg vacuum. The resulting cylindrical specimens were polished to 80 nm 
thickness, controlled by a IKV-3 optimeter. The sintered NbH was nitrided by bleeding gaseous nitrogen in a 
vacuum chamber when the cpecimen cooled after sintering, subsequently keeping the cooled specimen in 
a nitrogen atmosphere to complete gas absorption ( vacuum level restoration ). 

The powder dispersity was controlled by a Mastersizer laser analyser. The SAXS indicatrixes were registered 
by a small-angle X-ray diffractometer using slitlike collimation of the primary MoKα  X-ray beam. During 
treatment, the SAXS intensity for each scattering angle was transformed to pointlike collimation according 
to a technique described in 2,3. The SAXS absolute intensity was measured against a calibrated standard. 
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For each X-ray measurement the small-angle diffractometer background curve was also calibrated. The 
reproducibility error of this curve in the range of scattering angles investigated, as well as that of the SAXS 
experimental indicatrixes, was 1,5 – 2%. 

The SAXS indicatrixes were treated according to a special programme which included background curve 
substraction  using a five point cubic interpolation technique in the vicinity of every experimental point. The 
permissible error in the above subtraction technique is in accordance with digital simulation data and did 
not exceed 4-5%. The nature of angular distribution, asymptotes, and integral parameters ( invariants ) of 
the SAXS indicatrixes, which were used to determine the morphology of the electron density scattering 
inhomogeneities, were analysed. As the experimental specimens appeared to contain polydisperse system 
of those inhomogeneities, the tangent technique was used for the treatment of the SAXS indicatrixes; this 
technique made it possible to divide the whole set of scattering inhomogeneities into some arbitrary 
dimensional fractions. The presence of nitrogen in the specimens was checked by a mass spectrometric 
technique using EMAL-2, a laser energy mass analyser. The microstructure of specimens was studied by 
scanning electron microscopy. 

 

3. RESULTS AND DISCUSSION 

The SAXS investigations show that Nb powder hydrogenation results in a large increase of Nb scattering 
ability characacterised by the indicatrix invariant curve  

(Fig.1) This is caused by the intensive 
formation and growth of new electron density 
scattering inhomogeneities such as 
submicrometre pores with differing dispersity. 
An increase in Nb powder scattering ability is 
observed in the entire angular range, but the 
most significant buildup occurs in the 
superflow scattering angle region and is a 
result of the predominant formation of the 
greater ( >   15 nm ) submicrometre pores. 

 

Fig 1.  

Relation between the SAXS indicatrix 
invariant, Jq2 and diffraction vector q: 1- is 
NbH powder; 2- is Nb powder. 

 

The hydrogenation assists the growth of the sintered powder specific surface via stimulation of gas vacancy 
pore formation processes. To a certain extent, it promotes the formation of the labyrinth porous structure, 
which is more resistant to subsequent external effects caused by the predominating volume contribution of 
large submicrometre pores, which are surface exposed. Evidently, this, along with alternative factors, which 
aid in improving the NbH based MDS capacitor system properties, is a decisive factor in the production 
development. However, the porous structure of hydrogenated powders is characterised by the rather high 
volume of small submicrometre pore low stable fractions. 

Nitriding of NbH powders brings about a decrease in the SAXS intensity, primarily in the region of super 
small angle scatterings. In addition, the nature of angular intensity distribution also changes, the SAXS 
indicatrix integral width increases, and their asymptotics appreciably change. The correlation peaks caused 
by the predominance of scattering inhomogeneities of a certain shape, disappear ( Fig.2 ). In the specimens 
under study, SAXS was mainly a result of scattering on the electron density volumetric inhomogeneities ( 
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i.e. submicrometre pores ), whose minimum size exceeds the irradiation wavelength ( 0,7 nm ), whereas its 
maximum size is limited by the largest possible degree of localization of primary X-ray beam and does not 
exceed 150 nm in the system used. In this connection, the observed SAXS picture may be interpreted as 
representing variations in submicrometre pore morphology and volumetric concentration in the given 
dimensional range. 

 

Fig 2. Double logarithmic J-q dependence: 1 – is 
un-nitrided NbH powder; 2 – is nitrided NbH 
powder. 

 

Viewed as a gas – solid kinetics reaction, the 
transformation of the powder's porous 
structure during its nitriding ( detected by the 
SAXS technique ) is a result of 

volumetric and structural changes. These 
changes stem from diffusion, i.e. chemical 
reactions on pore surfaces, formation of gas 
vacancy complexes, and their mutual 
interactions with free surface, inner interfaces, 
and with structural imperfections4. 

The analysis of the changes in angular 
distribution and the SAXS intensity level, as well 
as the integral parameters, scattering indicatrix 

asymptotics, and calculations of the submicrometre pore sizes and concentrations suggest the following 
conclusion, namely that the porous system is noted for nitriding, which differs from the initial system by 
the greater number of submicrometre pores formed in different dimensional fractions. This redistribution 
appears as a dramatic decrease of small submicrometre pores ( < 15 nm ) ( Table 1 ), probably owing to the 
pores being blocked by the products of interaction of sintered powder particles and the gas phase. The 
decrease in total submicrometre pore volumetric concentration is not important from the practical 
viewpoint, since the portion of large ( >  15 nm ) and mainly open submicrometre pores, which determines 
the useful porosity, increases considerably ( Table 1 ). The contribution of small submicrometre pores, 
which are easily blocked while the capacitor system operates, can be ignored for the corresponding analysis 
of the process. Thus, nitriding assists in generating a porous system and stabilizing it, and facilitates oxide 
restoration in the surface electrolyte contact areas. 

 

PART B 

1. INTRODUCTION 

The present communication reports an experimental study of the surface fractal dimension D of porous 
solid niobium obtained by vacuum sintering of niobium powder. Here we present observation of the 
modified Porod law and also give stipulation of the obtained surface dimension which are based on the 
employment of the independent method of Hg porosimetry. 

 

2. RESULTS AND DISCUSSION 

As is known5,6  for describing X-ray scattering even in the Porod law the well known q    law must be 
modified. The main formula of this theory which is useful for explaining our results is as fillows: 
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I(q) ~ ( constant x q D-6  )                                                                           (1) 

Here D is the dimension of the object being irradiated ( in our case D is a surface dimension ) and the only 
discrepancy between the theory obtained by Wong 7 and that by Bale and Schmidt 8 is in the prefactor. 

The scattered intensity/wavevector 
relationship (Fig.3) shows the fractal 
behaviour.  

Indeed, on the graph the angle of the 
slope of the curve part, which be 
closely approximated by a line, is of 
the order of 730 which corresponds to 
the following power law: I(q) ~q-3,19 . 
Comparison of this result with formula 
(1) gives directly the surface 
dimension Ds = 2,81 ( the subscript "s" 
denotes values obtained by 
experiments based on the SAXS ). 

 

Fig 3. Logarithmic dependence of SAXS intensity Jvs the wave vector q for the porous solid Nb: (+) – 
experimental data: (-) – approximation linear range. 

As it was pointed out by Wong 7, 
complete treatment of the data obtained 
by SAXS, as well as by any method based 
on reflected radiation, is not unique. 
Another independent method should be 
used to support the measurements of the 
fractal dimension. That is why we made 
use of Hg porosimetry. 

 

Fig 4.  

Logarithmic dependence the open pore 
area Sp vs pore radius Rp obtained by Hg 
porosimetry.  

 

Due to the ability of the device to provide quite a high pressure we could investigate open pores of small 
radii reaching the region of the SAXS validity. This technique allows the distribution of open pores to be 
investigated by injecting mercury under pressure. As is clear, a pressure increase allows one to take into 
account pores of lower radii. If one considers the smallest pore radius to be appropriate yardstick ε 7 for the 
surface area measure then a pressure rise means in fact a transition to a smaller scale and has to give as a 
result the power dependence of the specific surface area Sp on the smallest pore radius Rp. The surface 
dimension Dp ( the subscript "p" stands for values obtained by Hg porosimetry ) can be determined in this 
case by relationship: 

                         Sp ~ R(2 – D
p

) { ~ ε(2 – D
p

) }                                                                    (2) 

well known in fractal theory 7. 

We have observed the identical behaviour. It is represented in Fig.4 where the dependence of the open 
pore surface area of the sample is plotted as a function of the lowest pore radius registered by Hg 
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porosimetry. The fact that the surface area dimension is predicted by the SAXS to be greater than 2 means 
that the cumulative surface area is actually determined by porosity. Hence Sp, in Fig.4, can be equated to 
the total effective surface area. The simple estimate of the angle of the slope approximated by a line yields 
the surface dimension Dp equal to 2,84 (in accordance with relationship (2)). This result is in full compliance 
with that obtained by the SAXS method and gives further experimental support to the law formula (1). 

 

CONCLUSIONS 

The main results of Part A ivestigation are: 

A1.  Niobium powder hydrogenation leads to the formation of porous structures with predominancy of 
open submicrometre pores; 

A2.  Nitriding of NbH sintered powders stabilies the porous structure through coarse-ning, i.e. the volume 
contribution reductions of small submicrometre pores. 

The main results of Part B investigations are: 

B1.  The surface dimensions are stated to be of the order of 2,8 which is a stipulation of a highly 
developed porous structure; 

B2.  Our results provide experimental support to the SAXS theory developed earlier. 

 

Table 1. Volume concentration of submicrometre pores with different sized fractions ( R is pore size ) 
                               R,nm____________________________________ 
Specimen                2 – 5      5 – 6         15 – 17,5         23 – 33                    C,% 

 Un-nitrided NbH    2,5         4,5              8,1                    11,9                        27 
 Nitrided NbH          0,8         1,3              0,7                    10,2                        13 
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